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Greater Size and Speed in Atreragt 
have created engineering problems, the solution of 
which has required larger and larger forgings of 
high-strength aluminum alloy. Examples shown 
above are forged structural members used in a 
modern military bomber, the largest more than 
seven feet over all. These are forged on an 18,000 
ton press, the biggest ever built in this country. 
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extensive in the industry—is keeping abreast of new 
forging demands involving the use of Steel, Alumi- 
num, Magnesium, High Density Alloys and Titanium. 
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A. H. Daane (p. 504) assistant pro- 
fessor, chemistry dept., Iowa State 
College, received his Ph.D. from that 
college in 1950. He also attended the 
University of Florida. Dr. Daane 
was born at Stillwater, Okla. From 
1943 to 1950 he was a group leader 
in the Manhattan Project. He then 
joined the staff of Iowa State as 
assistant professor. He is also an 
associate chemist on the Atomic 
Energy Commission at the college. 


I. Sheinhartz (p. 515) graduated from 
New York University in 1938 with 
the degree of B.Ch.E. Mr. Sheinhartz 
is presently senior engineer for Sy]l- 
vania Electric Products, Inc., Bay- 
side, N. Y. He is working on the de- 
velopment of reactor components by 
powder metallurgical methods. In 
1943 Mr. Sheinhartz was associated 
with the Carbide & Carbon Chemi- 
cal Corp., Oak Ridge, Tenn. From 
1940 to 1948 he was a powder metal- 
lurgist with the Continental Ma- 
chines Corp., Savage, Minn. He ac- 
cepted a position with the Johnson 
Bronze Co., New Castle, Pa., in 1950 
as development engineer and in 1952 
joined Sylvania. 


A. H. DAAN 1. SHEINHARTZ 


K. M. Goldman (p. 534) was co- 
winner of the AIME Robert W. 
Hunt Award in February 1952. Dr. 
Goldman was born in Pittsburgh 
and is a graduate of the Carnegie 
Institute of Technology. From 1944 
to 1946 he was in the Army, sta- 
tioned at Los Alamos as a junior 
scientist. In 1949 he became a re- 
search assistant at CIT and for two 
years was a graduate student. Dr. 
Goldman accepted a position with 
Westinghouse Electric Corp. in 1951 
and is now senior scientist in the 
atomic power div., Pittsburgh. His 
favorite pastimes are reading and 
photography. 


Vv. Kudryk (p. 541) received his 
B.Sc. from the University of Alberta, 
M.A.Sc. from the University of Brit- 
ish Columbia, and his Ph.D. from 
Columbia University. Born at Ed- 
monton, Canada, Dr. Kudryk worked 
at the University of British Colum- 
bia from 1946 to 1948. During this 
time he was working on the am- 
monia leach process. Since 1950 he 
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has been project engineer with the 
Chemical Construction Corp., New 
York. In his spare time, Dr. Kudryk 
plays golf and does woodworking. 


K. M. GOLDMAN 


Vv. KUDRYK 


J. L. Zambrow (p. 515) was associ- 
ated with Cutler-Hammer, Inc., Mil- 
waukee from 1940 to 1944. He then 
joined the staff at Battelle Memorial 
Institute as a welding research engi- 
neer. For two years he was assistant 
research professor at the Ohio State 
University Research Foundation. 
Dr. Zambrow joined Sylvania Elec- 
tric Products, Inc., in 1949 where he 
is now operations manager of the 
atomic energy div. Dr. Zambrow 
was born at Milwaukee and matric- 
ulated at the University of Wis- 
consin and Ohio State University 
(B.S., M.S., Ph.D.). 


Bruce Chalmers (p. 519) was the 
Institute of Metals Div. annual lec- 
turer, 1954. Born in London in 1907, 
he received the degrees of B.Sc., 
Ph.D., and D.Sc., from the Univer- 
sity of London. From 1932 to 1938 he 
was lecturer at the university, leav- 
ing to become physicist at the Tin 
Research Institute. Dr. Chalmers be- 
came associated with the Ministry of 
Supply as senior experimenter and 
officer. In 1944 he was appointed 
head of the metallurgical div., 
Royal Aircraft Establishment, Farm- 
borough. He was appointed to the 
same position in 1946 with the 
Atomic Energy Research Establish- 
ment, Harwell. Dr. Chalmers joined 
the staff of the University of Toronto 
as professor of physical metallurgy 
in 1948. Since 1953 he has been at 
Harvard University. 


H. M. McCullough (p. 515) is sec- 
tion head in charge of research and 
development ‘programs on reactor 
components for Sylvania Electric 
Products, Inc. Dr. McCullough was 
born in Poland, Ohio, and received 
his degrees from Ohio State Univer- 
sity. From 1947 to 1949 he was a re- 
search fellow at Ohio State Research 
Foundation. In 1949 he joined the 
staff at Sylvania. Dr. McCullough is 
also an instructor in metailurgy in 
the evening school at Long Island 
Agricultural and Technical] Institute. 


The Authors 


F. H. Spedding (p. 504) was born at 
Hamilton, Ont., Canada, but gradu- 
ated from the Universities of Michi- 
gan and California. He began his 
career as a teaching assistant in 
analytical chemistry at the Univer- 
sity of Michigan in 1923. He re- 
mained there until 1926, when he 
joined the staff at the University of 
California. In 1934 Dr. Spedding 
went abroad to England, Germany, 
and Russia on a Guggenheim pro- 
fessorship. He returned to _ the 
United States and held a professor- 
ship at Cornell University from 1935 
to 1937. In 1941 he accepted a posi- 
tion at Iowa State College, where he 
is now professor of physics. During 
his tenure at lowa State, Dr. Sped- 
ding has been a director on several 
atomic projects. He was also a mem- 
ber of the Plutonium Project Coun- 
cil, and board of governors, Argonne 
National Laboratory. He has re- 
ceived several awards from the pro- 
fessional societies in which he holds 
membership. He still finds time to 
enjoy his hobbies, mainly golf, hik- 
ing, and mountain climbing. 


C. D. Pearce, (p. 512) a Member of 
AIME, can be found on the golf 
links in his spare time. A native of 
the Blue Grass State, Mr. Pearce 
graduated from the University of 
Montana (B.A. chemistry) and Ste- 
vens Institute of Technology, (M.S. 
metallurgy). He has been employed 
by Anaconda Copper Mining Co. 
since 1929 when he was located at 
Chuquicamata, Chile. He was super- 
intendent of the leaching div. from 
1936 to 1942. Mr Pearce was with 
Basic Magnesium, Inc., for three 
years and in 1945 became associated 
with International Smelting & Re- 
fining Co., an Anaconda subsidiary. 
He is now plant metallurgist for the 
Raritan Copper Works of Interna- 
tional at Perth Amboy, N. J. 


C. D. PEARCE 


F. H. SPEDDING - 


Harold Bernstein (p. 603) was edu- 
cated in the public schools of New 
York City and received his M.S. in 
metallurgy from the University of 
Maryland in 1953. Mr. Bernstein is 
presently head of the mechanical and 
thermal metallurgy section, Naval 
Gun Factory, Washington, D. C. He 
enjoys tennis and is an enthusiastic 
skier when the weather permits. 


USS Carilloy steel passes rigid 
tests for propeller blades 


BLADE THRUST SECTIONS for military airplane propellers are hogged out on 
Kellering machines like this one, which reduce the Carilloy steel sections from 
750 lbs. to about 155 Ibs. Exacting magnaflux tests assure that every finished blade 
can withstand the tremendous stresses encountered on the latest high-speed planes. 


A N important manufacturer of propellers 
for military aircraft has found that in 
stringent magnaflux tests, USS Carilloy 
steel performs completely satisfactorily. 

The high stresses in propeller blades 
and hubs naturally require extremely high 
quality steels. Accordingly, the U.S. Army 
and U.S. Navy have set up rigid quality 
specifications requiring that every heavily 
stressed part must be magnafluxed several 
times during its production. 

With USS Carilloy 4340 electric fur- 
nace aircraft quality steel, this important 
manufacturer is able to count on the per- 
formance required for this severe applica- 
tion. The consistent high quality of USS 
Carilloy aircraft steel has meant greater 
savings to this customer through minimum 
magnaflux rejections of costly parts. 

USS Carilloy steels have established an 
enviable record for meeting the highest 
quality requirements. Therefore, when you 
need a standard AISI analysis or a special 
steel for an unusual application, it pays 
to call in a USS Service Metallurgist. He 
can help you solve any steel problem. 


UNITED STATES STEEL CORPORATION, PITTSBURGH 
COLUMBIA-GENEVA STEEL DIVISION, SAN FRANCISCO 
TENNESSEE COAL & IRON DIVISION, FAIRFIELD, ALA, 


UNITED STATES STEEL SUPPLY DIVISION, WAREHOUSE DISTRIBUTORS 
UNITED STATES STEEL EXPORT COMPANY, NEW YORK 


Steels 


COMPLETE PRODUCTION FACILITIES IN CHICAGO OR PITTSBURGH 


4 
— 
— 
j 
4 
f 
— 
a 
ELECTRIC FURNACE OR OPEN HEARTH SC 


— ersonnel — 


THe following employment items are made 

available to AIME members on o non- 
profit basis by the Engineering Societies Per- 
sonnel Service Inc., operating in cooperation 
with the Four Founder Societies. Local offices 
of the Personnel Service are at 8 W. 40th St, 
New York 18; 100 Farnsworth Ave., Detroit; 
57 Post St., Sam Francisco; 84 £ Randolph St., 
Chicego 1. Applicants should address all mail 
to the proper key numbers in care of the New 
York office and include 6c in stamps for for- 
warding and returning application. The op- 
plicant agrees, if placed in a position by 
means of the Service, to pay the plocement 


Prepared to serve 
you with moximum 
efficiency ANY. 
WHERE... at 
ANYTIME! 24 hour 
service, 7 days per 
week. World wide 
reputation 


GENERAL OFFICES 
12233 Avenue O, Chicege 33, 


fee listed by the Service. AIME members may 
secure a weekly bulletin of positions available 
for $3.50 a quarter, $12 a year. 


MEN AVAILABLE 


Metallurgist, 31, M.S. degree, mar- 
ried, one child. Background includes 
three years lab instructor-metallog- 
raphy; 1 year research assistant; 2% 
years heat treating field including 
operation of small heat treat shop 
as partner-metallurgist. Seeking po- 
sition with responsibility and future, 
preferably in research and develop- 
ment. Limited to Philadelphia and 
suburbs. Complete information upon 
request. M-123. 


— 


SERVING THE STEEL INDUSTRY 
FOR OVER 30 YEARS 


ED'WARD GRAY, President 


PITTSBURGH 19, PA. 
550 Grant Suite 704 
ATlontic 14674 


BAypert | 8400 


Metallurgical Engineer, 44, mar- 
ried, B.Sc., Canadian. Broad ex- 
perience production of steel and 
light metals, including 8 years open 
hearth and arc furnace, 7 years elec- 
trolytic cell and pilot plant opera- 
tion. Good record handling men; 
competent to operate or assist in 
operating plant. M-124. 


Metallurgical Engineer, B.S. and 
Met.E. Columbia. Twenty years suc- 
cessful experience as consultant en- 
gineer and executive positions in 
both ferrous and nonferrous opera- 
tions. Open for appointment as field 
representative to handle metal prob- 
lems requiring broad _ technical 
knowledge and ability to deal with 
people and as advisor to top man- 
agement. Southeast territory pre- 
ferred. M-122. 


—— POSITIONS OPEN 


Mill Metallurgist to take full 
charge of all testing and research. 
Graduate experienced in operation 
of milling plants using crushing, 
grinding and froth flotation, etc. 
Salary to start, $9600 a year. Loca- 
tion, Chile, S.A. F9578(a). 


Metallurgical Engineer, recent 
graduate, to assist in modernization 
program of large eastern nonferrous 
refinery. Salary open. Location, New 
Jersey. Y9630. 


Metallurgists, ore dressing, for 
laboratory testing work, primarily 
on manganese ores, for beneficiation 
of physical methods (flotation, 
heavy-media separation, etc.), and 
by chemical methods (leaching, 
etc.). Training and experience in 
both chemistry and flotation de- 
sired. Salary, about $5700 a year. 
Location, California. Y9738-S598. 


Research Physical Metallurgist, 
B.S. Must have two years experi- 
ence in research and development, 
and have knowledge of research and 
development in physical metallurgy. 
Salary, $6000 to $7200 a year. Em- 
ployer will negotiate placement fee. 
Location, Chicago. C1787(b). 


Assistant Mill Superintendent 
with metallurgical training and ex- 
perience, covering milling of gold 
ore. Knowledge of Spanish desirable. 
Salary open. Location, Central 
America. F9706. 


Process Engineer, graduate metal- 
lurgist, to be responsible for engi- 
neering as well as production for 
metal precision casting, alloy selec- 
tion and machining. Salary, $5200 to 
$6000 a year. Location, New York 
Met. Area. Y9676(a). 


Metallurgist with Ph.D. in metal- 
lurgy, 25 to 40, experience not nec- 
essary, for company engaged in the 
production of uranium fuel ele- 
ments beginning with concentrates 
and ending with the finished shape 
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of fuel element. Salary open. Loca- 
tion, Ohio. Y9853. 


Junior Metallurgist with non-fer- 
rous experience for research in cop- 
per powder, electrodeposition, atom- 
ization, reduction. Salary, $4420 to 
$5460 a year. Location, New Jersey. 
Y9849. 


Sales Engineer with mechanical or 
metallurgical engineering training 
and industrial experience, to sell 
nonferrous metals and alloys to 
foundries, manufacturers, labora- 
tories, etc. Must be resident of New 
Jersey. Salary, $4500 to $5200 a year. 
Location, New Jersey. Y9745. 


Assistant Metallurgist, B.S. metal- 
lurgy, to perform welding or braz- 
ing research in ferrous and nonfer- 
rous metals, working under project 
leader. Must have had at least three 
years experience in metallurgical or 
welding work. Salary, $365 to $500 
a month. Employer will negotiate 
placement fee. Location, Chicago. 
C-1835. 


Tool and Production Engineer 
with wide experience in tooling and 
manufacturing of precision metal 
products. Knowledge of product de- 
sign (aircraft hydraulic and pneu- 
matic) desirable. Salary open. Loca- 
tion, New Jersey. Y9874. 


Research Engineer, young, grad- 
uate, to understudy present research 
engineer, and to assist production 
dept. Should be well grounded in 
powder metallurgy, chemistry, 
physics and preferably with some 
metallurgical experience for dia- 
mond abrasive equipment plant. 
Salary open. Location, California. 
Y9884. 


Supervisory Metallurgist with B.S. 
degree in metallurgical engineering, 
courses including any three of the 
following: Physical metallurgy, met- 
allurgy of nonferrous metals; metal- 
lography, mineral dressing, electro- 
metallurgy or process metallurgy. 
Four years responsible professional 
experience in metallurgy, with abil- 
ity to organize, direct and coordi- 
nate important research, production 
or comparable activities in metal- 
lurgy, or productive research or 
scientific investigative work in met- 
allurgy. Will direct the activities of 
research and development in the 
cast metal field on a variety of com- 
plex programs relating to unex- 
plored phases in process metallurgy, 
physical metallurgy and foundry 
practices. Salary, $8360 a year. Lo- 
cation, Brooklyn, N. Y. Y9890. 


Metallurgical Engineers with mill- 
ing experience, including flotation, 
for copper mine. Location, Michigan. 
Y9907. 


Mill Metallurgist to take full 
charge of all testing and research. 
Graduate experienced in operation 
of milling plants using crushing, 
grinding and froth flotation, etc. Sal- 
ary to start, $9600 a year. Location, 
Chile, S.A. F9578. 


“Titanium and Its Compounds” 


by Gordon Skinner 


Herrick L. Johnston and 
Charles Beckett. 


174 Pages. 


A critical compilation of information in the literature on the 
physical and thermodynamic properties of titanium and its 
compounds. Included are a number of appendices listing 
thermal functions compiled by the authors on the basis of 


data taken from the literature. 


“Titanium and Its Com- 


pounds” also includes a complete bibliography of 553 entries. 


Soft cover binding 
Hard cover binding 


$3.50 
$5.00 


Postage prepaid when check or money order accompanies the order. 


JOHNSTON EQUIPMENT & SUPPLY CORP. 


DEPT. J 


540 West Poplar Avenue 
Columbus 8, Ohio 


METALLURGIST 


Preferably recent M.S. For 
research work on Titanium 
base alloys. Also to conduct 
similar work on other pure 
metals and high tempera- 
ture alloys. 


Please send resume to: 
National Research Corporation 


70 Memorial Drive 
Cambridge 42, Massachusetts 


INSTRUCTOR or ASSISTANT PROFESSOR 
to teach physical metallurgy, September 
1954. Engineering School, New York City. 
Opportunity for consulting or for s 
for advanced degree. Send resume with 
educational and experience background. 
Box E-8 AIME, 29 West 39th St., 
New York 18 


RESEARCH DEVELOPMENT 
HEAD 


Head of Development Division of na- 
tionally known research department, 
old and well-established Company. 
Scientific graduate of good school, age 
35-50, experienced in development 
work in inorganic chemical industry 
and preferably recognized technically 
in his own field. Also administrative 
experience in handling men, records 
and materials. Must possess initiative, 
self-starting ability, self-confidence, 
force and ability to bring in ideas of 
new development in fields related to 
Company's present line of business. 
Excellent future for the right man. 
Salary open, but none should apply 
who have not received at least $10,000 
in previous employment. Send resu- 
mes of past experience and salaries 
received. Only resumes will be con- 
sidered as basis for interview. Write 
Box E-9. 


RESEARCH GROUP SUPERVISOR 
MATERIALS SECTION 


A physical-metallurgist or physicist with Ph.D. plus experi- 
ence is wanted to supervise a group of research engineers 
conducting a long-range program of basic studies in metal- 
lurgy and materials. Present problems of interest include 
metallurgy of titanium, high temperature alloys, refractories, 
solid state diffusion, and plastic flow of metals. 


Send your resume today to: 


JET PROPULSION LABORATORY 
California Institute of Technology 


4800 Oak Grove Drive ° 


Pasadena 3, California 
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FERROCHROME 


HERE’S WHY 
YOU SHOULD 
SPECIFY 


ELECTROMET 


TRADE. MAPK 


EXOTHERMIC 


FERROCHROME 
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ECONOMY 


ELECTROMET exothermic ferrochromium is the most 
economical alloy for making ladle additions of chro- 
mium to steels in the 1% chromium range. The use 
of this material permits the simultaneous addition 
of higher-carbon grades of other ferro-alloys. 


FAST SOLUBILITY 


ELEcTROMET exothermic ferrochrome has a high 
rate of solubility. Its exothermic power prevents 
chilling. 


HIGH CHROME RECOVERY 


About 92% of the chromium is recovered regularly. 
This provides close control of chromium specifica- 
tions in the finished steel. 


LOW CARBON PICKUP 


Because of the high chromium-to-carbon ratio, 
only 0.07% carbon is introduced when adding 1% 
chromium. 


HIGH IGNITION TEMPERATURE 


ELECTROMET exothermic ferrochrome has an ignition 
temperature in excess of 750 deg. F. This means 
maximum protection against fire hazard while in 
storage. 


EASY TO HANDLE 


The alloy comes packed either in steel cans, or in 
strong, flame-proof and moisture-proof bags. Each 
holds about 44 lb. of material containing exactly 
25 Ib. of chromium. 


NO CHARGE FOR PALLETS 


At customer option, cans or bags will be shipped on 
pallets, at no extra charge. Each pallet holds 60 cans 
or 80 bags. 


QUICK DELIVERY 


Write, wire or phone the nearest office of Electro 
Metallurgical Company, a Division of Union Car- 
bide and Carbon Corporation, for immediate deliv- 
ery of ELECTROMET exothermic ferrochrome. Offices 
in Birmingham, Chicago, Cleveland, Detroit, Hous- 
ton, Los Angeles, New York, Pittsburgh, and San 
Francisco. Ask also about ELECTROMET exothermic 
silicon-chrome for the production of low-alloy steels. 


“Electromet” is a registered trade-mark of 
Union Carbide and Carbon Corporation. 
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New Products 


1—RUST PREVENTATIVE: A rust 
arresting metal coating that may be 
applied directly to rusted surfaces 
with a minimum of preparation is 
produced by Rust-Sele Co. The only 
requirement before application is 
that the surface be wire brushed to 
remove loose rust, paint scale, and 
dust. Two basic types are available, 
exterior and interior. Both are 
available in 24 colors, including 
white, aluminum and black. The 
coating can withstand temperatures 
up to 450°F. 


2—STRAIGHTENING MACHINE: 
A new model in the line of guid- 
less 7 roll straightening machines has 


been added by Sutton Engineering 
Co. The machine is designed for ac- 
curate, end-to-end straightening of 
1% to 3% in. OD tubes and bars 
from 1% to 3 in. diam at high pro- 
duction speeds. 


3—SALT SPRAY CABINET: Salt 
spray test cabinet has been intro- 
duced by G. S. Equipment Co. The 
cabinet is completely transparent, 
affording clear visibility for observ- 


ing and controlling progress of tests, 
and examining specimens from all 
sides without opening the lid. 


Vcw Products 


New Literature 


For Further Information or Literature on any Product, Fill in the Coupon and Send to JOURNAL OF METALS 
Students are Requested to Apply Directly to Manufacturers for Bulletins and Information 


4—MATERIALS HANDLING: Tier- 
ing of goods up to 16% ft by fork 
trucks 7 ft high is possible with tele- 
scopic mast introduced by Automatic 


Transportation Co. The mast is an 
integral part of the firm’s standard 
fork truck chassis, and is available 
on trucks with capacities of from 
2000 to 10,000 Ib. 


5—ELECTRIC FURNACES: A new 
line of high temperature electric 
furnaces ranging in sizes from 
6x6x9 in. to 24x24x29 in. has been 
introduced by the Caljorn Co. The 
furnaces can be supplied to operate 
at 2300°F intermittent, and 2200°F 
continuous temperatures. 


6—FORGING PRIMER: A product 
designed to reduce scale on forged 
parts is announced by Spekaluminite 
Co. It is an oxygen scavenger and 
applied to parts before heating 
either by spray, dip, or brush. Parts 
are allowed to air dry for about 15 
min, heated, then forged or upset. 


7—VACUUM PUMPS: A new me- 
chanical booster vacuum pump for 
use as a high vacuum stage in the 
low pressure range where single 
stage vacuum pumps have poor vol- 
umetric efficiency has been an- 


nounced by Kinney Mfg. div., New 
York Air Brake Co. 


New Services 


8—DC AMPLIFIER: This new se- 
ries 80 de amplifier converts low 
level de micro amp or mv inputs to 
a high level de current output. 
Available from Robertshaw-Fulton 
Controls Co., the instrument incorpo- 
rates a high gain feed back loop and 
is suitable for many laboratory ap- 
plications involving the measure- 
ment or recording of low level dc 
signals. 


9—GLOVES: Gloves featuring a 
plastic coating over a cloth similar 
to turkish toweling are announced 
by C. Walker Jones Co., for safe 
handling of slippery metal sheets. 
They do not soak up and glaze over 
with a film of oil or grease when 
handling lubricated metal. The coat- 
ing is highly resistant to abrasion 
and to the cutting action of sharp 
metal. 


Free Literature 


Heat Treating Aluminum Alloys is a 
new manual available from Reynolds 
Metals Co. by writing on company 
letterhead. Metallurgy involved in 
the heat treatment of aluminum al- 
loys is covered in a simplified man- 
ner. Metallurgical details on wrought 
aluminum alloys, cast aluminum al- 
loys, wrought alloy numbering sys- 
tem, and temper designation system 
are included in section 2. Annealing, 
stabilizing, and aging are also cov- 
ered. 2500 S. 3rd St., Editorial Serv- 
ices, Louisville, Ky. 


Air Products, Inc., has released a 
36-pg brochure on low temperature 
processing of gas, liquids, and solids 
available by writing on company 
letterhead. Table of contents includes 
oxygen-nitrogen-argon generators, 
what low temperature processing 
can do, apparatus used in low tem- 
perature processes, and K-G welding 
and cutting equipment. P.O. Box 538, 
Allentown, Pa. 


Climax Molybdenum Co. has issued 
a 207-pg book entitled Alloy Steels 
Pay Off available to those who re- 
quest it on company letterhead. This 
informative book lists more than 50 
case histories stating the problem, 
the part, and solution. Tables and 
graphs are included where neces- 
sary. Statistics on ingot production, 
shipments of wrought stainless steel, 
operating costs, and other pertinent 
data are listed. 500 5th Ave., New 
York 17, N. Y. 
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Temperature Measurements with 
Rayotubes, a technical publication 
available from Leeds & Northrup 
Co., will be sent to those sending 
their requests in on company letter- 
head. The 48-pg monograph presents 
the history of radiation measure- 
ments, discusses the principles of 
radiation, thermopiles, and optical 
systems. Various types of Rayotubes 
are described together with standard- 
ization and calibration. 444 N. 16th 
St., Philadelphia 30, Pa. 


20—COMPACTING PRESS: Bulle- 
tin 3104 released by Baldwin-Lima- 
Hamilton Corp., describes Model L 
50-ton powered metal compacting 
press. Design specifications and table 
of features explains the operation of 
the press. 


21—INDUCTION FURNACE: Large 
capacity, high frequency induction 
furnaces for melting and alloying 
are described in brochure issued by 
International Selling Corp. 


22—THERMISTORS: Manual that 
enables a user to understand what 
Thermistors are, how they are ap- 
plied, what functions they perform, 
and what benefits industry derives 
from them, has been published by 
General Electric Co. 


23—CONTROL MOTORS: Specifica- 
tions, information and cost data 
on use of industrial control motors 
with globe, adjustable port, butter- 
fly valves, or combinations are in- 
cluded in catalog obtainable from 
Minneapolis-Honeywell Regulator 
Co, 


24—HYDRATORK DRIVE: Design, 
operation, and maintenance of the 
clutchless Hydratork drive is ex- 
plained in brochure published by 
Clark Equipment Co. Illustrations 
include cutaway working production 
units. 


25—VISCOMETER: Booklet avail- 
able from Brookfield Engineering 
Laboratories, Inc., contains informa- 
tion on the viscometer works, cali- 
bration check, and other pertinent 
information. 


26—RUBBER LINING: Advantages 
and application of rubber lining to 
steel tanks, drums, fitting and pumps 
are cited in bulletin published by 
Metalweld, Inc. Tables giving resist- 
ance characteristics of MW lining to 
inorganic acids, salts and alkalies, 
and miscellaneous materials. 
27—PYROMETRY: A concise dis- 
cussion of pertinent facts about pyro- 
metry in general industry is included 
in bulletin issued by Illinois Testing 
Laboratory. The advantages of a 
pyrometer over other less sensitive 
temperature indicators are  ex- 
plained. 


28—CONCENTRATING TABLE: 
Bulletin on the new Deister Plat-O 
ore concentrating table has been re- 
leased by Deister Machine Co. The 
three types are detailed in cross- 
sectional drawings with overall di- 
mensions. 


29—BACKSTAND IDLER: A new 
attachment for all types of wall, 
bench, and floor coated abrasive 
backstand grinding and polishing 
operations is announced in bulletin 
issued by Carborundum Co. Belt 
widths ranging from % to 8 in. can 
be used. The equipment is designed 
for heavy duty production grinding 
as well as for intermittent light 
polishing jobs that call for frequent 
setup changes. 


30—ALLOY PRODUCTS: Electric 
furnace alloy products of Specialloy, 
Inc., are listed in brochure. The al- 
loys shown cover a wide range of 
composition from high conductivity 
nonferrous alloys to heat and corro- 
sion resistant ferrous alloys. 
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31—POLARIZING MICROSCOPES: 
Instruments are described in detail 
in brochure available from Bausch & 
Lomb Optical Co. The new series are 
for use in the mining and minerals 
industry and related fields. 


32—FREE CUTTING BRASS: Ma- 
chinability of free cutting brass is 
compared with that of leaded steel 
in booklet published by Titan Metal 
Mfg. Co. Microstructure photographs, 
charts, and diagrams of brass and 
leaded steel are shown. 


33—FORGING: The story of a com- 
plete industrial forging service, avail- 
able from American Car & Foundry 
Co., is explained in booklet. Pictures 
show various equipment and facil- 
ities, finished products, and a sche- 
matic diagram of forge shop layout. 


34—HEAT TREATING: Car hearth, 
rotary hearth, pit, roller hearth, belt 
chain, pusher and Hi-Head heat treat- 
ing furnaces are illustrated in bul- 
letin No. 200 issued by R-S Furnace 
Corp. 

35—ULTRA STRENGTH STEEL: 
Bulletin A-173 presents results of a 
three year research and test pro- 
gram to evaluate the properties of 
type 4340 steel heat treated to 260,- 
000 to 280,000 psi for aircraft struc- 
tures. International Nickel Co. 


36—QUANTOMETERS: How Ap- 
plied Research Laboratories quanto- 
meters aid industry is the subject of 
brochure issued by company. Sev- 
eral models are illustrated and speci- 
fications are listed. 


37—URANIUM ANALYSIS: Bulle- 
tin 16 from Jarrell-Ash Co. describes 
the JAco G-M fluorimeter, based on 
a new design developed by a leading 
atomic research laboratory. Out- 
standing design details are: no cool- 
ing system, no optical system, im- 
proved power source, and conveni- 
ent control grouping. 


38—ADHESIVE: Goodyear Tire & 
Rubber Co.’s Pliobond is a fast-dry- 
ing cement with a flexible bond said 
to resist a pull up to 1500 psi. Folder 
illustrates 13 different applications. 


39—FOUNDRY MECHANIZATION: 
Link-Belt Co.’s 40-page book No. 
2423 covers L-B’s complete line of 
equipment for mechanization of fer- 
rous and nonferrous foundries and 
its use in increasing production and 
producing better castings. Descrip- 
tions of sand preparation and of 
mold, core, casting, and sand hand- 
ling equipment are supplemented by 
over 70 pictures. 


40—METAL DETECTOR: Described 
in bulletin B-1920-A is the Dings 
electronic detector, embodying “ul- 
tra high sensitivity.” Sensitive to 
all metals, ferrous or nonferrous, it 
is said to detect even minute metal 
particles, signaling their presence, 
and protecting machinery against 
tramp metal damage. 
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for Industries Everywhere 


GLC GRAPHITE ELECTRODES help make stainless and other 
high alloy electric furnace steels that find extensive uses in 


the products of industries everywhere. 

The performance of GLC GRAPHITE ELECTRODES is unsur- 
passed in the processing of electric steels, foundry castings, 
ferroalloys and magnesium. Our facilities have been greatly 
expanded to keep pace with the growing emphasis on electric 
furnace steel production. 


ELECTRODE DIVISION 
Great Lakes Carbon Corporation 
Niagara Falls, N.Y. EGLCg Morganton, N. C. 

® 


Graphite Electrodes, Anodes, Molds and Specialties 
Sales office: Niagara Falls, N.Y. Other o%fices: New York, N. Y., Oak Park, Ill., Pittsburgh, Pa. 


Sales Agents: J. B. Hayes, Birmingham, Ala.; George O'Hara, Long Beach, Cal.; Great Northern Carbon & Chemical Co., Ltd., Montreal, Canada 


Overseas Carbon & Coke Company, Inc., Geneva, Switzerland; Great Eastern Carbon & Chemical Co., Inc., Chiyoda-Ku, Tokyo 
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ORDER YOUR BOOKS THROUGH 
AIME—Address Irene K. Sharp, Book 
Department. Ten per cent discount 
given whenever possible. Order Gov- 
ernment publications direct from the 
agency concerned. 


Construction Methods and Machin- 
ery, by F. H. Kellog, Prentice-Hall 
Inc., $10.00, 415 pp., 1954.—In this 
book the principles of scientific man- 
agement are applied to construction 
work. Part I treats of planning of 
operations, control of work for max- 
imum production, and economics of 
equipment—selection, costs, depre- 
ciation. Part II discusses the funda- 
mentals and economical utilization 
of machinery for power, transporta- 
tion, hoisting and conveying, and 
pumping. In the third part—about 
half the book—methods of conduct- 
ing specific operations are described 
and evaluated. 


PROFESSIONAL SERVICES 
Limited to AIME members, or to com- 
panies that have at least one AIME 
member on their staffs. Rates $40 per 

per inch. 


SCIENTISTS 
CONSULTANTS 
METALLURGISTS 


Small Jobs Weleomed 


SAM TOUR & CO., INC. 


Laboratories and offices 
44 Trinity Place, New York 6, N. Y. 


Testing—Certitying 
American Standards 
Testing Bureau, Inc. 


HANS NEUBERT 
PRECISE PROMPT 
TECHNICAL TRANSLATIONS FROM GER- 
MAN, SPANISH, FRENCH INTO ENGLISH 
FIRST TWO TYPEWRITTEN PAGES $3.00 
EACH INTRODUCTORY PRICE. REGULAR 
PRICE THEREAFTER 3 CENTS PER WORD. 
31 Hilltop Ave. Clark-Rehweay, N. J. 


MAX STERN 
Consulting Engineer 
Expert for Scrap Recovery and Ship- 
wrecking — Modernization of Plants 
and Yards for Ferrous and Nonferrous 
Metal Scrap 


149 Broadway New York 6, N. Y. 
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Books for Engineers 


Instrumental Analysis, by John H. 
Harley and Stephen E. Wiberley. 
John Wiley & Sons, Inc. $6.50, 440 
pp., 1954—The book is a summary 
and correlation of the field, with the 
authors keeping in mind that the 
analytical chemist generally uses 
commercial instruments for the de- 
termination of various elements or 
compounds. Therefore, instead of 
stressing the particular system be- 
ing measured, Harley and Wiberley 
emphasize the utility of various in- 
struments, and provide a broad pic- 
ture of the field of commercial in- 
struments. Groundwork for the book 
is a discussion of theory. An ex- 
amination of the components of 
each instrument follows. 


Proceedings of a Conference on the 
Utilization of Scientific and Profes- 
sional Manpower. Columbia Univer- 
sity Press. $3.50, 197 pp., 1954—The 
book covers the conference spon- 
sored by the National Manpower 
Council in 1953 at Arden House, the 
Harriman Campus, Columbia Uni- 
versity. Sixty-six experts attended 
the conference, with leaders in medi- 
cal, educational, industrial and mili- 
tary fields included. The volume 
was prepared by Henry David, ex- 
ecutive secretary of the council. 


Mechanics of Materials, third edi- 
tion, by Philip G. Laurson and Wil- 
liam J. Cox. John Wiley & Sons, 
Inc. $5.75, 414 pp., 1954—While the 
first edition was published some 15 
years ago, the third edition retains 
much of its early outlook. However, 
it has been largely rewritten to add 
to its clarity and timeliness. Most 
important changes are the increased 
emphasis on the statics of stress de- 
termination, and the postponement 
of the material on stresses deter- 
mined by deformation. The chapter 
on combined stress has been re- 
arranged to give increased emphasis 
on Mohr’s Circle. Tables of struc- 
tural shapes have been revised, il- 
lustrations added, and a new series 
of problems included in the revision. 


Ferrous Process Metallurgy, by John 
L. Bray. John Wiley & Sons, Inc. 
$6.50, 414 pp., 1954—Designed as a 
college textbook, this book is based 
on careful study of the two editions 
of Ferrous Production Metallurgy 
by the same author. In writing the 
current work Mr. Bray kept in mind 
that a college text should: Contain 
condensed descriptions of equip- 
ment, accompanied by simple line 
drawings, to avoid confusion cre- 
ated by the multiplicity of detail in- 
volved in working drawings; avoid 
use of photographs as unduly ex- 
pensive and ineffective; and keep 
statistical material to a minimum. 
The book is aimed at a junior or 
senior year class. 


Second Annual Conference on 
Atomic Energy in Industry. National 
Industrial Conference Board. $10.00, 
264 pp., 1954—The book is a tran- 
script of the Second Annual Confer- 
ence on Atomic Energy held Oct. 29 
and 30, 1953 in New York City. It 
contains the views of leading scien- 
tists and businessmen concerning the 
use of atomic energy for production 
of electric power. The book also 
highlights discussion on the use 
of radioisotopes in industry. The 
Atomic Energy Act, economic possi- 
bilities, reactor design, and other re- 
lated topics are included. 


Titanium and its Compounds, by 
Gordon Skinner, Herrick L. John- 
ston, and Charles Beckett. Herrick L. 
Johnston Enterprises. $5.00, hard 
cover; $3.50 soft cover. 174 pp., 1954. 
—Most of the information in this 
book was compiled in 1949 in the 
form of a literature survey carried 
out by the Ohio Cryogenic Labora- 
tory. Revision has brought the data 
up to 1951. The survey includes in- 
formation on the preparation and 
properties of titanium, its hydrides, 
oxides, halides, nitride, and carbide, 
and the alkaline earth titanates. 
Calculation of thermodynamic prop- 
erties of many of these substances 
were made and values are tabulated 
in the form of appendices. 


Free, Write to Publisher 
Increased Production Reduced Costs 
Through a Better Understanding of 
the Machining Process and Control 
of Materials, Tools, and Machines, 
Vol 3, by James Van Voast, Curtiss- 
Wright Corp. Woed Ridge, N. J., 
free, 153 pp., 1954—The book begins 
with a refresher on the practical 
principles of metalcutting. It fol- 
lows with a chapter aimed at 
familiarizing the reader with tita- 
nium, offering an account of the re- 
fining and mining of the metal, its 
properties, and a discussion of the 
metallography. Other categories of 
titanium alloy handling are: Ma- 
chining behavior; special techniques 
investigated; turning; milling; rout- 
ing; drilling; tapping; abrasive cut- 
ting; hacksawing; belt grinding; sur- 
face grinding; and machining high- 
temperature jet engine alloys. 


Publication List and The Story of 
Ohio’s Mineral Resources, compiled 
by Dorothy G. Watkins and Ethel S. 
Dean, Ohio Dept. of Natural Re- 
sources, Orton Hall, Ohio State Uni- 
versity, Columbus 10, Ohio, free, 
Ohio Geological Survey Informa- 
tion Circular No. 9, 47 pp., 1953.— 
Well-illustrated with maps and pho- 
tographs of the industries develop- 
ing and utilizing the various mineral 
resources of the State. The revised 
publication list contains reference 
to all reports and maps published 
by the Ohio Geological Survey. 
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Industrial Notes. . . 


e Light Metals Refining Corp., re- 
cently incorporated in Delaware, is 
planning beryllium refining by 
means of the Sheer-Korman high 
intensity are process. The prospectus | 
states that the firm will build and — 
equip a pilot plant as soon as funds 
become available. 


e Stainless steel production in the | 
U. S. reached an all-time high at | 
1,015,303 tons. The figure is based 
on the 20 stainless steel producers 
who in 1953 turned out 97.1 pct of 
the total stainless steel ingots. The 
1953 total was a net increase of 
85,139 tons over the previous year, 
despite a decline of 11 pct in ship- 
ments to the aviation industry and a 
31 pet drop in government business. 


e Aluminum Co. of America’s job- 
bing div. at New Kensington, Pa., 
fabricated two complicated sections 
of the world’s fastest plane. The 
sections were large fuel tanks which 
are part of the Bell X-1A fuselage. 
One tank contains alcohol and the 
other liquid oxygen. Welding and 
heat treating problems were solved 
jointly by Bell and Alcoa. 


e The F. J. Stokes Machine Co. 
shipped the largest powder metal 
press ever built in the U. S. to a 
manufacturer of aircraft brakes. 
Fully automatic molding of large 
powder metal parts will be carried 
out in the 300-ton Stokes hydraulic 
press. Parts up to 12 in. in diam and 
about 3 in. thick can be compacted. 
Molds with a maximum depth of fill 
of 8 in. can be handled on the new 
machine. 


e Olin Industries, Inc., announced 
construction of a new $5.2 million 
roll bond fabricating plant at the 
firm’s East Alton, IIL, facility. The 
new operation will produce heat ex- 
changers of aluminum and copper- 
base alloys by a new process ex- 
pected to be adaptable to many 
other uses. 


e Republic Steel Corp. and Fiat of 
Turin, Italy have reached an agree- 
ment under which the latter will 
produce the U. S. firm’s Enduro 
stainless steels and heat resisting 
steels for Italian distribution. Re- 
public will supply technical and en- 
gineering men to assist in laying out 
and installing facilities. Metallur- 
gists and rolling mill personnel will 
also be assigned by Republic for the 


But Must be the Size of a Kitten... 


duration of the agreement. 


e The du Pont Co. has reduced 
prices for ductile titanium metal 
sponge about 6 pct for one grade and 
11 pet for another. New prices are | 
$4.72 per lb for Grade A-1 ductile | 
sponge containing a maximum of | 
0.3 pet iron, and $4.46 per lb for 
Grade A-2 which has a maximum | 
iron content of 0.5 pct. The old price | 
was $5. | 


The Strength of a Panther 


ue MH Chromium-Nickel 
Pre-alloyed Powders 


Very small amounts of Metal Hydrides’ chro- 
mium-nickel pre-alloyed powders combined 
with iron powders, can mean volume produc- 
tion of small and intricate parts having high 


tensile strength. 


Write now for complete information on 
properties of iron powders with alloys of 
varied chromium-nickel contents. Your in- 
quiries will receive prompt, interested atten- 
tion. Ask for Bulletin 800-A. 


INCORPORATED 


24 CONGRESS ST., BEVERLY, MASS. 


METAL HYDRIDES 
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RESIDENT DWIGHT D. EISENHOWER acted 
quickly upon the first report submitted by his 
Minerals Policy Committee when he instructed the 
Office of Defense Mobilization to establish new long 
term mineral stockpile objectives. 

However, the report submitted was only a pre- 
liminary work. The cabinet will get the full report 
soon accompanied by recommendations for a long 
range program which it is hoped will strengthen the 
domestic mining industry. Using the report, with its 
new approach, ODM is expected to review carefully 
stockpile objectives before specific purchase instruc- 
tions are given to the General Service Administra- 
tion. One estimate is that the new program will see 
Government making additional purchases of some 
35 to 40 metals and minerals from domestic pro- 
ducers where feasible. Preference will be given to 
newly mined metals and minerals of U. S. origin. 

Several considerations will guide the new schedule. 
Primary to the thinking behind the latest action is 
that in the event of war only a few countries who 
presently supply the U. S. with minerals will be able 
to continue. It is assumed that in an emergency 
some minerals from domestic sources may not be 
available because of the effect of enemy attack. 
Material in the stockpile will be upgraded and re- 
fined wherever possible to make them more readily 
usable at a critical time. 

Mining men in northern Idaho and eastern Wash- 
ington voiced approval of the new program. Charles 
Schwab, Bunker Hill & Sullivan Mining & Concen- 
trating Co., feels that it is at least a step in the right 
direction. Dale I. Hayes, western manager of Amer- 
ican Zine, Lead, & Smelting Co., said that stockpiling 
will “have the same effect as a new purchaser com- 
ing into the market, but to be effective over the long 
pull it must be accompanied by something that limits 
or restricts foreign imports and protects domestic 
producers from dumping.” 

In trading during the week when the Presidential 
announcement was made, lead and zinc prices rose 
both in East St. Louis and New York. Zinc buying 
at the new prices was described as good and demand 
for lead continued. The U. S. price upturns were 
preceded by strength of lead and zinc in London. 


} may not have all the high pressure salesmanship 
of a Madison Avenue advertising campaign, but 
plants around the country are adopting the idea that 
publicity—based on well-planned stunts—can sell 
safety to employees. Basic to the scheme is that 
“today’s workers don’t hold still for preaching and 
dictating .. . they have a taste for making up their 
own minds. The safety message must therefore be 
sold to them.” 

There are dangers involved in this kind of “light- 
hearted approach.” Showmanship in Safety, recently 
published by the National Safety Council, warns 
against doing things like putting a dunce cap on the 
clumsy worker who gets hurt. Making fun of work- 
ers or departments is out in this kind of program. 
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Key to the approach is showmanship. Telling peo- 
ple that safety goggles are tough falls short of the 
effect of a good show, according to the Council. Be- 
fore starting a safety meeting, drive a sharp nail 
into the wall to hang a poster—using goggles instead 
of a hammer. A proper amount of fumbling for 
something to use as a hammer helps make the act 
convincing. Practice beforehand is recommended. 

How does it feel to be blind? Blindfold a group of 
volunteers and ask them to light cigarettes. Another 
stunt illustrates the odds against the man who bets 
on his life. Take the powder out of a cartridge, de- 
tonate the primer, and reassemble it. Break the 
revolver in front of the class and place the dead 
cartridge in one chamber. Let the men think the 
cartridge is a live one. Ask them if anyone would 
like to demonstrate Russian Roulette. In the event 


/ 


From Showmanship in Safety 


that someone does, tell the class the cartridge is 
harmless, but ask if they would volunteer in a bar 
in a strange city. The procedure then is to point out 
that the odds are one to six—and that there are some 
kind of odds on every job in the plant. It’s up to 
them to turn the odds in their favor. 

Colorado Fuel & Iron Corp., in its CF&I Blast, 
company newspaper, has adopted some of the show- 
man techniques. Using photographs illustrating the 
aimless and senseless wanderings of a skeleton, it 
employs the “this can happen to you” approach. Mr. 
Bones has no eyes because he forgot to wear his 
goggles, and he went to hell because he insisted upon 
riding couplings between rail cars. Mr. Bones also 
took another last step down a cluttered flight of 
stairs, illustrating the idea that poor housekeeping 
can be murder. 

Kaiser Aluminum’s Chalmette Works is using an- 
other approach. Color is being employed in the ma- 
chine shop. Red is used for fire prevention or con- 
trol equipment, yellow for safety guards and devices, 
green for safe areas and machine parts, blue for gas 
lines or gas burning equipment, ivory for measuring 
or gaging devices, and orange for electrical fittings, 
switches, and controls. 

Crucible Steel Co. of America has issued a comic 
book type publication to all its employees. Theme 
of the book is Crucible a Safe Place to Work. It 
is designed to make reading about safety easy and 
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painless—and without consuming worker's time. It 
tells the story of a new employee who is guided 
through the plant on a tour that shows him what has 
been done for his safety—and the advantages in 
using the devices fully. 


HERMENOL, a high temperature alloy of non- 

critical materials, may prove a substitute for 
some stainless steels in certain applications. De- 
veloped at the Naval Ordnance Laboratory, Ther- 
menol is a modification of the magnetic material 
16-Alfenol, originally developed as a non-critical 
“soft” magnetic material. Adding small additions of 
such metals as vanadium or molybdenum and accom- 
panied by suitable heat treatment, it was found that 
heat resistance of the alloy increased and a new 
group of heat resistant alloys resulted. Thermenol 
is one of the alloys. 

Metallurgists J. F. Nachman and W. F. Buehler 
went ahead with the development pretty much on 
their own initiative, doing the additional research 
which led to the outgrowth of Thermenol. Thermenol 
is between 20 to 25 pct lighter than stainless steel 
and is composed of 16 pct aluminum, between 3 and 
5 pect molybdenum, and the remainder iron. Physical 
characteristics include high tensile strength together 
with high resistance to corrosion. Creep-to-rupture 
tests at the Lewis Flight Propulsion Laboratory of 
the National Advisory Committee for Aeronautics 
indicate that at 1200°F, Thermenol “is better than 
some forms of stainless steel being used widely in 
the aircraft industry today.” Additional tests are in 
progress. 

The Navy Technical News states that: “Obviously, 
its characteristics do not place Thermenol in com- 
petition with alloys for specialized uses at extremely 
high temperatures; with so-called super alloys con- 
taining high percentages of cobalt; or with tita- 
nium. However, its physical characteristics make 
the possibility of its substitution for sheet stainless 
steel in such applications as jet tail cones or exhaust 
systems and in corrosion resistant applications of 
prime importance.” 

Its high electrical resistivity may make it useful 
as heater elements in toasters, low temperature fur- 
naces, and electrical 


This forged steel main cylinder being machined at Bethle- 
hem Steel Co. will become part of a 12,000-ton extrusion 
press at United Engineering & Foundry Co., Pittsburgh, 
built under the Air Force heavy press program. 


ITH a sincere belief that business opportunities 
in atomic energy are real, the Atomic Indus- 
trial Forum, Inc., held its first meeting at the Hotel 
Biltmore in New York. Matters of high national 
policy were not on the agenda. Rather, the aim of 
the first forum was to “produce and disseminate that 
information which the average American business 
man should know now, today, to become active in 
this promising field.” These words belonged to Earle 
W. Mills, Jr., director of the forum and president 
of the Foster Wheeler Corp. In his introductory re- 
marks to the forum he added, “If there is one fact 
that I hope will be demonstrated by this meeting, 
it is that the atom has penetrated into the American 
economy much more deeply than most people real- 
ize.”” While the forum adhered to its established line, 
it was indicated that matters of a much broader 
scope would be dealt with in the future. 

During the two-day meeting, Alberto F. Thompson, 
chief of the technical information service of the 
Atomic Energy Commission, announced that the 
AEC has designated the Atomic Industrial Forum 
as the first special depository of atomic energy in- 
formation for industry. 

The forum will set up a special depository library 
at its headquarters, 260 Madison Ave., New York 
City. The library, to be functioning soon, will be 
available to the public as well as members. Among 
the material it will contain will be a nucleus of 
almost 1000 unclassified and declassified reports pre- 
pared by the Commission and its contractors. “Un- 
classified engineering drawings of specific pieces of 
equipment developed within the atomic energy pro- 
grams will be offered for the first time through the 
Forum.” 

During the forum’s first meeting, W. C. Wallhausen, 
vice-president, U.S. Radium Corp., stated that, “The 
application of atomic energy to power production 
might be broadly classified as a ‘macro’ application 
in which intense sources of radiation are concen- 
trated in a relatively small area... In contrast... 
most other industrial applications fall into a ‘micro’ 
classification, characterized by a multiplicity of rela- 
tively low intensity sources of radiation, widely dis- 
tributed, adequately protected under normal condi- 
tions by either proper packaging, or detailed hand- 
ling instructions.” 

Among the applications in the second classification, 
or micro group, one might include many types of 
calibration or control devices, area measuring in- 
struments, anti-fungicidal materials, tracers, and 
ionization sources. 

S. Edward Eaton, Arthur D. Little, Inc., felt that 
direct business opportunities in the tracer field are 
relatively modest. In this classification he put sale 
of Geiger counters, scalers, other detection instru- 
ments, auxiliary equipment, and tagged compounds 
synthesized from radioactive isotopes for tracer use. 

“More important,” he said, “are the indirect busi- 
ness opportunities found in the new products or 
processes developed from research programs em- 
ploying radioactive tracers. The future value of 
these results to business and mankind is as difficult 
to predict in terms of dollars as the value of results 
obtained with the microscope.” 
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Durable . . . bottlecapping unit uses cast 
Nickel -Silver. (Courtesy of Universal Castings 
Corp., Chicago, Ill.) 


7 Corrosion- 
resisting ... 

chlorine gas cylinder 
valve body of Nickel- 
Silver. (Courtesy of 
Mueller Brass Co., Port 
Huron, Mich.) 


Nickel-Silver 


A Glamour Metal for Many Uses 
Durable...yet easy to cast or fabricate, 
machine and polish 


Economy and speed of fabrication plus low maintenance 
cost make Nickel-Silver an excellent material for “appear- 
ance” castings whether subject to considerable handling, 
rubbing and scouring in service, or merely standing idle 
for decorative purposes... 


Or ... wherever you wish the corrosion resistance, or the 
beauty of lustrous copper-nickel-zinc alloys whose silvery 
white color lends permanent richness to your product. 


Applications include chandeliers, balustrades, ornamental 
grills, doors, railings and banisters for architectural artistry 
.. hinges, locks, door handles, dining car hardware, ship- 
board trim, deck fittings, household plumbing fixtures, laun- 
dry machine parts, soda fountain fittings, packaging, bottling 
and similar machinery, scale and typewriter components 
and thousands of other articles. 

Increase your product acceptance and at the same time Silvery white . . . wear-resistant Nickel-Silver 
improve quality and cut costs... by using one of the stand- fixtures for railway passenger cars. (Courtesy of 
ard grades of Nickel-Silver best suited to your needs. Addi- 
tional information on these versatile alloys is yours for the 
asking . . . write for a copy of our bulletin, 
“Nickel-Silver Castings,” now. 


Readily cast . . . packaging machinery 
components of Nickel-Silver. (Courtesy of 
Arthur Harris & Co., Chicago, Ill.) 


Versatile . . . Nickel-Silver used in cast valve 
for meat-packing machine. (Courtesy of Lakeside 
Bronze, Inc., Buffalo, N. Y.) 


THE INTERNATIONAL NICKEL COMPANY, INC. 
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At_the National Open Hearth Conference held in Chicago, H. B. 
Emerick, Jones & Laughlin Steel Corp., noted that estimates 
lace o en steelmaking capacity a 1 million tons 1955. 
He stated that "Any steel company planning a carbon steel 
ingot expansion program or seeking a way to improve upon ex- 
isting converter steelmaking methods , cannot afford to over- 
look the oxygen steelmaking process.’ 


Some 12.4 million net tons of iron ore, a record, were imported into 
the U. S. last year. Partly responsible was development work 
by U. S. firms overseas. Of the 19 countries involved, Chile 
lead in tonnage with 2.65 million net tons, displacing Sweden, 
leader in 1952. U.S. iron ore production was 133.5 million 
net tons. 


Martin Aircraft Co. is reclaiming titanium sheet scrap by 
resistance spot welding up to 6 in. thick stacks in a liquid 
bath, producing a solid ingot. The resultant product can be 
machined into titanium hardware. 


Negotiations are in progress with Chilean copper companies under 
the agreement signed by the U. S. with the Government of 
Chile for the purchase of 10,000 tons of copper at the market 
price. The copper is earmarked for U. S. stockpiles. 


A_patent has been assigned to Rem-Cru Titanium, Inc., covering 
a series of high strength titanium alloys, Milton B. 
Vordanl, fundamental research group leader, combined 4 pct 
aluninun and 4+ pet manganese with about 92 pet titanium. 

The alloy, © 130AM, is said to be 85 pet stronger than 
commercially pure titanium at room temperature and more than 
twice as strong at elevated temperatures. 


Loose rivets causing sway in a Granite City Steel Co. ore bridge 
were discovered by using Cobalt 60 to penetrate the layers 
of steel and record an image of the trouble area on a sheet 
of film. The Cobalt 60 capsule was brought to the bridge 
site in an 800 lb container. Usual method for uncovering 
defect would have been to dismantle the affected part. 


European steel mills are operating at about 85 pct or less of 
capacity as compared to 67 pet of capacity for U. S. steel 
gids. Production on the continent is running approximately 

pet below the first months of 1953. 


Consolidated Vultee Aircraft Corp.'s San Diego div., plans to 
use what has been reported the largest solar furnace in the 
U. S. for metals and ceramics research. Tne furnace, which 
can melt a steel bolt in a‘matter of seconds, has a polished 
aluminum mirror 10 ft in diam. Under ideal sky conditions, 
the furnace can develop a temperature of 8500°F. 
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T must have been with a great deal of pride that 
Leo Reinartz, AIME President, surveyed the tech- 
nical and social functions of the 38th National Open 
Hearth Steel Conference and 8th Blast Furnace, 
Coke Oven and Raw Materials Conference in Chi- 
cago. The meeting was a far cry from the first meet- 
ing he attended in 1925, and stands as a tribute to 
the group of men who conceived of holding meetings 
for the advancement of iron & steel technology. 
The meeting this year took on a different tone— 
necessitated by the decline in steel production that 
many quarters feel is really only a return to nor- 
maley after a wartime economy. It is difficult to 
adopt a pessimistic attitude when confronted with 
the statistical facts that despite the present low 
operating rate in the industry, the capacity on 
which the rate is based is an all time high, and the 
actual tonnage of steel that will be produced will 
still be greater than for any other ‘non war’ year. 
Emphasis now is on better and more economical 


Art Thornton and T. J. McLoughlin of U. S. Steel Corp. 
assisted by Marilynne Forbes of Inland Steel Co. sign up a 
new AIME Member during the NOHC meeting in Chicago. 


methods of producing steel, rather than means of 
boosting production. In the forefront, as brought out 
in technical sessions during the meeting, are investi- 
gations into methods of upgrading the leaner iron 
ores, increasing use of materials handling equipment 
and other labor saving devices, increased mechan- 
ization including automatic controls, and potentiali- 
ties of other steelmaking processes such as the 
oxygen steelmaking process. 

Perhaps we will see greater improvements made 
in design of heavy equipment and auxiliary operat- 
ing equipment. The return of hard and continuing 
competition may do much to push the industry for- 
ward again, and create markets for steel where none 
existed previously. We do not have a crystal ball, 
but the application of the determination and knowl- 
edge displayed by the iron and steel men at the 
meeting can only lead to a healthy future. 

We do have one suggestion to make. If Art 
Thornton of National Tube Div. of U. S. Steel and 
his membership committee, who did such an out- 
standing job in setting an Institute record of obtain- 
ing 157 new members during a single meeting were 
put to work selling steel, the industry might yet use 
that 124,000,000 ton capacity! 
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| this issue is published a list of the awards to be 
made at the Annual Meeting in 1955, candidates 
for which are to be selected by the respective award 
committees in the next few months. These honors 
represent homage that the Institute pays each year 
te those who have contributed the most to their pro- 
fession and whose achievement in the various fields 
covered by the Institute is considered by their pro- 
fessional brothers to be the most distinguished. 

Committees are appointed to suggest names for 
these honors, to consider the suggestions of others, 
and ultimately to select the man best qualified for 
the award. The names of the chairmen of these com- 
mittees are printed on another page, and a list of the 
other personnel may be obtained from AIME head- 
quarters. Only committee members may propose 
candidates for the respective awards, by anybody 
may propose a name to any member of a committee. 
In fact, the committee personnel will appreciate 
having the names of worthy candidates called to 
their attention. Such suggestions should be made 
not later than May 31, and should be accompanied 
by biographical details or arguments favorable to 
the selection proposed. 

Those who wish to propose candidates for the 
various honors may not only offer supporting evi- 
dence themselves but may, if they feel it would be 
useful to the Committee, ask others, who can from 
personal knowledge add other facts concerning the 
candidate, to submit such information. High-pres- 
sure campaigns are, however, to be avoided. A flood 
of letters is more likely to injure the chances of a 
certain candidate than to promote his candidacy un- 
less it is plain that they are not written because of 
the importunities of one of his friends. They also 
impose a burden upon a chairman to circulate copies 
of all such letters to the various members of his 
committee. (E. H. R.) 


EADING habits of people vary widely. We have 

always been interested in reading Forewords 
and Prefaces, trying to determine the reason that a 
book was written, and an explanation of the scope 
and emphasis of the volume. In a recent book Chro- 
mium, by A. H. Sully, published in this country by 
Academic Press Inc., one of a series on Metallurgy 
of the Rarer Metals, the Foreword by H. M. Finnis- 
ton, general editor of the series, was extremely in- 
teresting. We take the liberty of quoting the last 
paragraph of the Foreworc, with no comments. 

“I hope that these books will fill a real need in the 
scientific and technological world. As a test, possibly 
no better choice than this book on Chromium by a 
physicist could have been made as the first of the 
series. It should at least re-acquaint metallurgists 
with the knowledge that metallurgy is not all metal 
physics, and that metals have features other than 
dislocations!” 


74. S. Cohan 
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REGISTERED TRADE MARK 


by CARBORUNDUM 


REGISTERED TRADE MARK 


THE LADLE ADDITION 
‘that reduces segregation 


improves quality 


For Free Technical Bulletin 
Call your nearest Distributor: 


KERCHNER, MARSHALL & CO. 
PITTSBURGH © Cleveland Buffalo 
Philadelphia © Birmingham Los Angeles 


MILLER & COMPANY 
CHICAGO Sc. Louis Cincinnati 


WILLIAMS & WILSON 
TORONTO Montreal ¢ Windsor 
OR write to 
The Carborundum 
Dept. 84, Niagara Falls, N. Y. 


In Canada, “Carborundum” and “Ferrocarbo” 
ore registered trademarks of C Cor 


Company, Ltd., Niagara Falls, Ontario 
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Aicoa 
MILL PRODUCTS 


The most complete line a 


Welding and Soldering - 


Assembly and machining fixtures, jigs, forming dies, pattern 
plates and low-pressure molding dies for rubber and plastic 
cost only half as much when you make them from Alcoa® 
Aluminum Tool and Jig Plate instead of steel. 

Your savings start with the low cost of the material and 
mount rapidly through faster machining and the easy 
handling made possible by light weight. Alcoa casts Tool 
and Jig Plate in 11 different thicknesses from %%"’ to 4” 
and makes it available to you from stock in any dimensions 
up to 48” by 96’. Fully normalized plate is machined on 
both sides to hold thickness to +.010”. 

Many manufacturers are turning to Alcoa Aluminum Tool 
and Jig Plate for the major economies it affords. It’s another 
of Alcoa’s Mill Products, the most complete line in 
aluminum, designed to help you get faster production at 
lower cost. Your local Alcoa sales office will provide detailed 
counsel from the world’s greatest fund of aluminum 
knowledge. Or write: ALUMINUM COMPANY OF AMERICA, 
878-E Alcoa Building, Pittsburgh 19, Pennsylvania. 


Aicoa 


Cuts Costs in Half; It's Faster 
to Machine and Easier 
to Handle 


YOUR ALCOA DISTRIBUTOR HAS ALCOA 
STANDARD WAREHOUSE ITEMS IN STOCK A Lo ont 
GF ALUATNUM 


your armchair with “SEE IT NOW" 
featuring Edward R. Murrow, 
Tuesday evenings on most CBS-TV stations. 


ALUMINUM COMPANY OF AMERICA 
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Resists the attack of acids 


(and alkalies, too!) 


Excellent resistance to nearly all forms of corrosion is the 
outstanding feature of Zirconium Metal. 


Now, availability in commercial quantities at a reasonable price 
points to practical and important uses. 


These uses are centered principally in applications where 
Zirconium’s extremely high resistance to the attack 
of hydrochloric, phosphoric, certain mixed acids or ” 
the action of alkalies is essential. Other applications, Fy 
including alloying, are becoming more numerous as x 
the metal becomes in better supply. 


Orders are being accepted for sheet, bars, wire, 
sponge, strip, briquette and tubing. By writing 
our New York City Office, you can obtain a 
brochure of properties and prices. 


TAM 
PRODUCTS 


Registered 


ZIRCONIUM METALS CORPORATION 
OF AMERICA 


Subsidiary of the National Lead Company 
Executive and Sales Office: 
111 Broadway, New York City 
General Office and Works: 
Niagara Falls, New York 
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Production of 


Rare Earth Metals 
In Quantity Allows 


Testing of 


Physical Properties 


by F. H. Spedding and A. H. Daane 
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to metals commonly referred to as the rare 
earths are not particularly rare nor, in the metal- 
lic form, are they earths. They number about one 
sixth of the elements of the periodic table. If the 
rare earth-like metals scandium, yttrium, lanthanum, 
and actinium, as well as the actinide metals which 
closely resemble them are included, they account for 
30 pct of the known elements. 

Prior to World War II, except for a few elements 
such as lanthanum, cerium, uranium, and thorium, 
the rare earths had not been extensively studied. 
Their chemistry and metallurgy were little known 
to the average chemist and metallurgist. In fact most 
scientists are surprised when it is called to their 
attention that cerium is estimated to be more abun- 
dant in the earth’s crust than is mercury, zinc, gold, 
or platinum. 

The rare earth elements have not been more thor- 
oughly studied because they usually are found widely 
scattered in nature in lean mixtures. Even when rich 
deposits have been located, such as the monazites, 
bastnasites, fergusonites, and gadolinites, the sep- 
aration and isolation of these elements has been 
extremely difficult by chemical means since they 
closely resemble each other in ordinary chemical 
properties. Thus, in many of the older inorganic 
chemistry textbooks one will find this whole group 
lumped together under lanthanum and, all too fre- 
quently, dismissed with the statement that they re- 
semble lanthanum in their properties. Actually, now 
that this group of elements has been separated in 
appreciable quantities, marked differences for par- 
ticular properties have frequently been found. 

This review will be limited to the work carried 
on in the Ames laboratory, and, in light of the gen- 
eral interest, will include information on some re- 
search now in progress which might be subject to 
minor corrections when the study is completed. 


Rare Earth Metal Preparation 

There are two methods which have been used 
with success to prepare rare earth metals in the 
past, electrolytic and metallothermic. The electro- 
lytic method has been used extensively to prepare 
the mischmetal used in industrial metallurgy; the 
German lighter-flint industry was based on an elec- 
trolytic preparation of mischmetal. 

The metallothermic method of preparing rare 
earth metals has been found to be more successful 
for use on a small scale. It is capable of effecting 
high yields on the small scale of operation which is 
often necessary with the limited amounts of some 
rare earth salts available. Other methods of pre- 
paring rare earth metals have been reported, such 
as carbon reduction of oxides and hydrogen reduc- 
tion of halides, but these methods have not been 
used widely with success. Because of its adaptability 
and directness Ames laboratory has chosen the 
metallothermic reduction of rare earth salts for rare 
earth metal preparative studies. 

Rare earth metals were first prepared in the Ames 
laboratory in 1942 by the reduction of rare earth 
chlorides with calcium.’ This reaction was generally 
carried out on a 170-g scale by reacting the mixture 
of powdered anhydrous rare earth chloride with 


F. H. SPEDDING is Professor of Chemistry and Physics and Direc- 
tor of the Institute for Atomic Research, and A. H. DAANE is 
Assistant Professor of Chemistry, lowa State College, Ames, lowa. 
This paper was presented at the AIME Annual Meeting, New York, 
Feb. 15 to 18, 1954. 
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20-mesh vacuum distilled calcium metal in a sin- 
tered magnesium oxide or electrically fused dolomitic 
oxide liner in a sealed steel bomb as shown in Fig. 1. 
Considerable care had to be taken to assure that 
the chlorides were completely anhydrous and free 
of oxychlorides. Small amounts of these materials 
lead to a high oxygen content in the metal and, 
simultaneously, to poor yields. Too much moisture 
invariably leads to explosions of the sealed bomb. 

The reaction was initiated by placing the bomb in 
a furnace maintained at 700°C. The heat liberated 
by this reaction on this scale was not sufficient to 
heat the resulting rare earth metal and calcium 
chloride slag above their melting points, and conse- 
quently the rare earth metal could not agglomerate 
into a massive product. To add additional heat to 
the reaction and thus greatly increase the recover- 
able yield, 0.3 mole of iodine per mole of rare earth 
halide was added to the reaction mixture along with 
the extra amount of calcium required to react with 
it. The extra heat liberated was sufficient to allow 
the rare earth metal to collect into a fused mass in 
yields averaging better than 95 pct. In addition the 
iodine also served to form a lower melting slag of 
CaCl,-Cal,. To promote high yields, the reaction 
mixture contained 20 pct more calcium than the 
stoichiometric amount required for the reaction, and 
the resulting rare earth metal contained calcium as 
an impurity, generally about 2 pct. The amount of 
this contaminant was reduced to less than 150 ppm 
by remelting the metal in a magnesium oxide or 
beryllium oxide crucible in a vacuum. 

Kilogram quantities of high purity lanthanum, 
cerium, praseodymium, and neodymium metal were 
prepared by this technique, and in addition over 
1000 lb of 95 to 99 pct pure cerium (balance, other 
rare earths) were prepared on a 3-lb scale. This 
method was capable of producing very pure metals. 
The entire system was closed and if sufficient care 
were taken to introduce only pure rare earth chlo- 
ride, pure calcium, and pure iodine into a pure liner 
no impurities could get into the metal other than 
calcium, magnesium, or oxygen. The calcium and 
magnesium could be distilled out on remelting, but 


Rare earth history began in 1794 when Gadolin separated 
a new earth from a mineral found at Ytterly, Sweden. The 
name yttria was given the oxide and gadolinite to the min- 
eral. Although yttria was at that time considered to be 
the oxide of a single metal it was in reality a mixture of 
oxides of at least 15 or 16 different metals. 

Berzelius and Hisinger in 1804 discovered the mineral 
known as cerite. Klaproth made a similar discovery independ- 
ently. After this work, it was soon found that the original 
oxides were complex mixtures. The rare earths were gradually 
isolated from that time on. 

The origin of the names given the rare earth metals is as 
interesting as their properties. The Merriam-Webster Dic- 
tionary gives the following: Cerium, named by Berzelius in 
1803 from the astroid Ceres; dysprosium, Greek “hard to 
get at;” gadolinium, after Johann Gadolin; holmium, Latinized 
form of Stockholm; lanthanum, Greek» “to be concealed;” 
lutetium, Lutetia a town in Gaul now Paris; neodymium, Greek 
“new twin; praesodymium, Greek “green twin;” samarium, 
after Col. Samarsky, a Russian mine official; and thulium, 
after Thule, a distant or mysterious region. 

Erbium, terbium, ytterbium, and yttrium are derived from 
Ytterly, Sweden. Europium, illinium, and scandium are easily 
recognizable geographical names. 


A 500-g cylinder of erbium is shown in a tantalum cru- 
cible. The crucible walls are 0.0025 in. thick and have 
been cut away above the melt. 


the oxygen remained. To prevent the introduction 
of nitrogen, the calcium was handled in an inert 
atmosphere, and the bomb was loaded in an argon- 
atmosphere glove box. 

Whenever the rare earth metal was heated in 
contact with magnesium oxide crucibles there was 
always a small amount of back reaction which took 
place wherein magnesium was liberated and rare 
earth oxide formed. At high temperatures, this oxide 
dissolved in the metal and led to an appreciable 
oxygen content in the metal, invariably less than 
1 pet and generally less than 0.3 pct. 

Unsuccessful attempts were made to employ this 
method to prepare yttrium, samarium, and gado- 
linium.’* In case of samarium, the reduction pro- 
ceeded only as far as the divalent samarium halide, 
even when a variety of reductants, including potas- 
sium, calcium, magnesium, and barium were used. 
No reaction occurred when attempts were made to 
reduce samarous fluoride or chloride. 

Alloying agents such as zinc and cadmium were 
added to some of these reaction mixtures in hopes 
that an alloy of samarium could be obtained from 
which the samarium could be recoverea in a sub- 
sequent purification operation, but in no case was 
samarium metal obtained. The samarium salts used 
in this work contained about 0.5 pet europium, and 
in all cases, the europium was found to follow the 
samarium. In the case of yttrium and gadolinium, 
the reductions of the chloride with calcium produced 
some metal in the form of a sponge or a cinder-like 
powder in very low yields, with evidence of attack 
on the bomb liner by the reaction products. Yttrium 
was used as a stand-in for the heavy rare earths 
because of its abundance and chemical similarity to 
this subgroup of the rare earths. 


MAY 1954, JOURNAL OF METALS—505 


‘fee 
| 
d 
ie. 
BS 
‘ 
poe 
» 


PACKED CeO 


ntereo LINER 


CHARGE 


2¢ IN. IRON 
PIPE AND CAP 


ES SESS SE EES 


‘ 
‘ 


PACKED CeO 


Fig. 1—The reduction bomb charged with 170 g of an- 
hydrous rare earth chloride and calcium metal is main- 
tained at 700°C to initiate reaction. 


Temperature Effects 

In some studies on physical properties, it was 
necessary to heat the metals above their meliing 
points for considerable lengths of time and a dis- 
tinct amount of attack on magnesium oxide and 
beryllium oxide crucibles was observed in this work. 
It was found that tantalum crucibles were not seri- 
ously attacked by the rare earth metals under these 
conditions and that at lower temperatures and for 
shorter lengths of time molybdenum crucibles could 
also be used.” * : 

Since the rare earth metals could be heated con- 
siderably higher in a tantalum crucible than in oxide 
crucibles without reacting with the container, it 
suggested that the reductions might be carried out 
in an open-top tantalum container without the use 
of a booster, with the extra heat necessary to sep- 
arate the product phases being supplied after the 
reaction had occurred. Of course, this container 
would have to be protected from the atmosphere 
by either a vacuum or an argon atmosphere in the 


induction furnace. Accordingly, an attempt was made 
to reduce gadolinium chloride with calcium in this 
manner. The reaction could be seen to initiate when 
the temperature of the crucible contents rose above 
that of the crucible which was serving as the sus- 
ceptor; this occurred at about 550°C to 600°C. 

The furnace was heated to about 1350°C for 15 
min and then allowed to cool. Beneath the fused 
calcium chloride slag layer was found a mass of 
40 g of fused gadolinium metal representing a yield 
of over 99 pct. Subsequent reductions of gadolinium 
chloride on a 120-g scale were carried out with the 
same results, and the method was used for the prep- 
aration of lanthanum, cerium, praseodymium, and 
neodymium in a like manner.‘ However, when at- 
tempts were made to prepare yttrium by this method 
a violent boiling was observed in the crucible with 
evolution of dense clouds of fumes at about 1400°C, 
and, on cooling, the product was found to be a sin- 
tered clinker of yttrium metal in a matrix of calcium 
chloride. The material being volatilized in the fur- 
nace was calcium chloride, and its rate of evolution 
was such that it would be difficult to get a well 
agglomerated yield of metal in the presence of cal- 
cium chloride under one atmosphere pressure. 

Since calcium fluoride has a much lower vapor 
pressure than the chloride, a solution to the problem 
was to reduce yttrium fluoride instead of yttrium 
chloride. The extremely hygroscopic character of 
the rare earth chlorides was another factor which 
prompted the study of the air-stable fluorides for 
this work. A difficulty which arose in considering 
the use of yttrium fluoride was that there was avail- 
able no simple method of preparing this salt. Yttrium 
fluoride, as well as the rare earth fluorides, pre- 
cipitates as the gelatinous hydrated salt which is 
rather difficult to handle. It was found that the 
gelatinous fluoride precipitate could be converted 


Table |. Composition of Heavy Rare Earth Mixture 


G Contained 


Compound in Mixture 


Fig. 2—-Vapor pressures and 
heats of vaporization of rare 
earth metals were determined 
by a method which was a 
modification of the Knudsen 
technique. 
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Fig. 3—Heat capacities of rare 
earth metals were measured 
from a few degrees absolute to 
room temperature. 
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to the anhydrous salt by heating on a steam bath. 
By decanting the supernatant liquid and drying the 
salt first under a heat lamp and then in a vacuum 
of about 4 cm of mercury at 400°C in a Pyrex tube, 
the dry anhydrous salt could be obtained. 

A reduction of yttrium fluoride by calcium was 
carried out by heating a charge calculated to give 
3.5 g of metal to 1550°C in an argon atmosphere 
using a tantalum crucible. There was no evidence 
of boiling in this reduction, and only a light wisp 
of fumes was observed in the furnace at the highest 
temperature. The product was a 3.4 g mass of well 
fused metal containing less than 2 pct Ca. Vacuum 
remelting reduced the amount of this impurity to 
less than 200 ppm.*° 

The tantalum containers for the metallurgical 
operations to this point were seamless drawn cru- 
cibles with walls 10 mils or more thick, and it was 
necessary to sacrifice the crucible to recover the 
product metal of each reduction. As a matter of 
economy, as well as to make readily available any 
size or shape tantalum container, a method of weld- 
ing tantalum sheet as thin as 0.001 in. was devised 
in which the sheet is formed on a mandrel of the 
desired shape, and the seams are then welded in a 
vessel which can be evacuated, flushed, and refilled 
with helium to give a very clean welding atmos- 
phere.” In most of the metallurgy operations done 
in tantalum 2.0 or 2.5 mils sheet is used to fabricate 
the containers. Some 1 mil sheet has been used, but 
the desired reduction in cost per container was not 
realized with this thinner sheet due to occasicnal 
welding failures which destroyed the crucible. 


Vapor Pressures Utilized 

Using the same conditions which were found neces- 
sary for the preparation of yttrium in high yields 
and high purity, reductions of the fluorides of ter- 
bium, dysprosium, holmium, erbium, thulium, and 
lutetium were next carried out with the same re- 
sults.” However, in remelting these metals in a vac- 
uum, it was found that several of them possessed 
appreciable vapor pressures at their melting points, 


160 180 6200 


namely dysprosium, thulium, holmium, and lutetium. 
It was necessary to maintain a partial pressure of 
one-half an atmosphere of argon in the system to 
prevent excessive distillation of these metals from 
the crucible. At these temperatures, the vapor pres- 
sure of calcium is so high that less than 150 ppm of 
it is present in the final product. 

At this point, attention was again turned to the 
problem of preparing samarium, europium, and 
ytterbium, the only remaining, naturally occurring 
rare earths that had not been prepared in the metal- 
lic state in Ames laboratory. Previous experiments 
had indicated that a metallothermic reduction of 
samarium halides by another active metal did not 
appear to be a very promising preparative method. 
An attempt to prepare ytterbium by reducing the 
fluoride with calcium gave a quantity of the divalent 
fluoride of ytterbium, but no metal. A study of the 
vapor pressures of the rare earth metals had indi- 
cated that lanthanum was the least volatile of the 
rare earth metals and that dysprosium had a vapor 
pressure about 300 times that of lanthanum at the 
same temperature. Since lanthanum oxide is known 
to have the highest heat of formation of the rare 


Table I!. Analyses of Condensates 


Wt of Constituents 
Condenser Oxide 
No. G Major Minor 
1. (top) 0.1 Yb Eu 
2. 2.1 Yb Eu 
3. 48 Yb Eu 
4. 02 Sm Yb,Eu 
5. 02 Sm Eu 
6. 0.4 Sm Dy.Nd,Lu 
Fe 2.7 Sm Tm,Dy,.Nd,Lu 
6. 14.0 Tm.Nd,Lu 
9. 1.3 Tm,Ho,Dy 
10. 2.2 Tm.Ho,Dy Tm,Er,Tb 
11. 04 Ho,Dy Tm,Er,Tb 
12. 02 Ho,.Dy, Er Tm,Tb 
13. 0.3 Dy.Ho,Er La 
14. 02 La,Dy,Ho,Er Gd 
15. 02 La,Dy.Ho.Er Gay 
16. 0.5 La,Er,Ho,Dy 
17. (slag) 1.0 Tm,Er,Ho,Dy,Y,Tb,Gd 
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Fig. 4—Heat capacities of rare earth metals are shown at 
low temperatures. Lanthanum shows a specific heat 
anomaly at the point where it becomes superconducting. 


earth oxides, it appeared possible that the reaction 
La + Sm,O, = La,O, + Sm 


could be driven to completion by distilling away the 
samarium metal. 

A mixture of 20 g of freshly prepared lanthanum 
turnings and 20 g of samarium oxide of 98 pct purity 
(balance other rare earths) was heated in a vacuum 
to 1450°C for 30 min using a tantalum crucible. On 
opening, the lid of the crucible was found to be 
covered with a layer of beautifully formed metallic 
crystals, which analysis showed to be samarium of 
better than 99 pct purity.’ The yield of this reaction 
was 80 pct, but in several subsequent reductions, 
80 g of samarium of better than 99.9 pct purity were 
obtained each time, representing yields over 95 pct. 

It is interesting to note that spectrographic anal- 
yses do not detect lanthanum in this metal; the 
spectrographic limit of detection in this case is 0.02 
pet. The same conditions were found to serve for 
the preparation of ytterbium metal, except that a 
temperature of 1350°C was sufficient to effect the 
same yields as were obtained at 1450°C with sama- 
rium. As europium is the rarest of the rare earths, 
no quantity of pure europium salts has been avail- 
able to attempt the preparation of this metal. How- 
ever, 1 g of the metal was obtained by reducing a 


Table Ill. Melting Points of Some Rave Earth Metals 


Element Melting Point, °C Second Arrest, °C 
Lanthanum 920 868 
Cerium 804 754 
Praseodymium 935 798 
Neodymium 1024 868 
Samarium 1052 917 
Ytterbiurm 824 798 


mixture of samarium and europium oxides with 

lanthanum by heating the mixture to only 1000°C in 
a vacuum. A thin layer of metal was found around 
the top of the tantalum container which, on chemical 
analysis, proved to be europium metal. The quantity 
of europium metal obtained did not permit detailed 
characterization, but it was observed to react readily 
with water, which samarium does not do. 

The rare earth metals prepared by the techniques 
described are very pure in regard to other rare 
earths, since the original rare earth salts prepared 
in this laboratory by ion-exchange techniques are 
generally better than 99.9 pct pure, some being 
as high as 99.99 pct pure. The major contaminants 
in the metals prepared by reducing the halides with 
calcium in tantalum containers are calcium, tan- 
talum, and oxygen. As was described above, the 
calcium content may be lowered to 150 ppm or 
less by vacuum remelting. By carrying out the 
reduction and melting operations in tantalum as 
rapidly as possible, the amount of this contam- 
inant is held below the limit of spectrographic de- 
tection, which is 1000 ppm. By concentration from 
large samples of rare earth metals, it was found 
that tantalum is generally present in less than 500 
ppm amounts. 

As yet, a completely satisfactory method for oxy- 
gen analysis in rare earth metals has not been de- 
vised, but metallographic examination would indi- 
cate that as much as 0.1 to 0.5 pct O may be pres- 
ent in these metals. By distillation in a high vacuum, 
some of the more volatile rare earth metals have 
been prepared with considerably less oxygen in 
them. It is planned to use this technique with the 
less volatile metals also. The method described for 
preparing samarium, europium, and ytterbium is in- 
herently one to produce a very pure product, and 
as these metals are low melting, only trace amounts 
of oxygen are suspected as impurities. 

As samarium, europium, and ytterbium halides 
could not be reduced to the metals by calcium, it 
seemed likely that these elements could be sepa- 
rated from mixtures of rare earth halides by reduc- 
tion with calcium. It was found that samarium and 
europium could be eliminated from gadolinium 
salts by this process, the samarium content of a 
gadolinium sample being reduced from 2 pct to less 
than 0.5 pct (the lower limit of detection by spec- 
trographic analysis), and a sample of lutetium con- 
taining 30 pct ytterbium was obtained as metal 
with less than 0.25 pct ytterbium remaining by this 
process. The eliminated element was recovered 
from the slag and crucible walls in each case. 

The range of volatilities found in the rare earth 
metals has suggested the use of this property as the 
basis for a separation of these elements from crude 
rare earth mixtures. In an experiment to study this 
possibility, 80 g of a rare earth oxide mixture, whose 
composition is given in Table I, were mixed with 
100 g of freshly prepared lanthanum turnings and 
placed in a tantalum crucible, on top of which was 
placed a tantalum fractionating column which con- 
tained 16 condenser plates spaced 1 in. apart. This 
assembly was heated for 30 min at 1600°C in a 
vacuum in such a manner that only the container 
for the charge was heated to 1600°C, while the tem- 
perature decreased along the fractionating column 
to less than 600°C at the top. It was found that the 
third and eighth plates (numbering from the top) 
had very large deposits of metallic crystals which 

appeared to be ytterbium and samarium, respec- 
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Fig. 5—Heat capacity curve 
4 for gadolinium shows an anom- 
aly in the neighborhood of the 
Curie point. 
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tively. The composition and amounts of the deposits 
from each plate are shown in Table II. 

From the position and amounts of deposits, it is 
apparent that fractional condensation of the rare 
earth metal vapors may be the basis of a feasible 
separation process for these elements. A possible 
order of volatility of some of the rare earth metals 
may be constructed from Table II and vapor pres- 
sure data as Eu > Yb > Sm > Lu > Tm > Ho, Dy 
> Er > Gd. 

Properties 

While methods for preparing the rare earth metals 
were being devised, some effort was being spent in 
Ames laboratory to determine properties of these 
interesting elements. 

The melting points of only eight of the rare earth 
metals have been published in scientific literature." 
As purer specimens have been prepared, many of 
these melting points have been found to be seriously 
in error. For example, the melting point of ytter- 
bium metal has been given as near 1800°C, while 
recent measurements in Ames laboratory show the 
value to be 824°C; neodymium is reported to melt 
at 840°C, but Ames laboratory measurements indi- 
cate 1020°C as the melting point of this element. 

Melting points were determined by thermal anal- 
ysis of 200 to 300 g specimens in tantalum crucibles, 
using a calibrated thermocouple in a tantalum 
thermocouple protection tube. The furnace for this 
work contained a suspended molybdenum element 
with molybdenum radiation shielding in a water- 
cooled steel vacuum jacket. The heating and cooling 
rates of the furnace were adjustable, with a cooling 
rate of about 10°C per min being used for the meas- 


Table IV. Estimated Melting Points of Some Rare Earth Metals 


Approximate Melting 
Element Point, °C 
Yttrium 1500 
Gadolinium 
Terbium 1400 to 1500 
Dysprosium 
Holmium 
Erbium 1500 to 1550 
Thulium 1550 to 1650 
Lutetium 1650 to 1750 


1 1 1 
° 20 40 60 80 100 120 140 160 180 200 220 240 260 280 300 320 340 360 380 400 


urements, made in either a vacuum of 10° mm or 
an atmosphere of purified argon. In addition to the 
arrests at the melting points, a second arrest was 
observed at a temperature below the melting point 
for each rare earth metal studied so far. As these 
second arrests are isothermal and quite sizeable in 
each case, they are being tentatively ascribed to 
transformations in the solid state. Table III gives 
the data obtained so far. 

In remelting some of the other rare earth metals, 
approximate melting points have been obtained by 
observing, with an optical pyrometer, the tempera- 
ture at which the metals flow. Table IV gives figures 
obtained in this manner. 

Another method being used to determine trans- 
formation temperatures in the solid rare earth 
metals is X-ray diffraction. Using a high tempera- 
ture X-ray diffraction camera developed in the 
Ames Laboratory,’ diffraction patterns are being 
taken of rare earth metals as they are heated in a 
high vacuum. Evidence has been found for a trans- 
formation in neodymium from the hexagonal form 
to what appears to be a face-centered cubic form 
between 800° and 900°C. This is an agreement with 
the results of thermal analysis. Resistivity measure- 
ments made on neodymium over a temperature 
range of from room temperature to about 900°C 
have indicated a transition at about 830°C. 

The beautifully crystalline deposits obtained in 
preparing samarium metal permitted separation of 
single crystals for X-ray diffraction study, and using 
both precision and Weissenberg camera data ob- 
tained from these samples, it was found that 
samarium is rhombohedral with a = 8.996 A and 
a = 23° 13’ with a calculated density of 7.54 g per 
cu cm, compared to an observed bulk density of 
7.53 g per cu cm.” The closest-packed structure of 
samarium is closely related to cubic and hexagonal 
closest packing in that the layering may be repre- 
sented by the sequences ababcbcac. 

To date the vapor pressures of lanthanum, praseo- 
dymium,”* neodymium, and dysprosium have been 
determined and are shown in Fig. 2, along with the 
heats of vaporization. The method used in this 
study is a modification of the Knudsen technique in 
which the effusion vessel is suspended in a vacuum 
on one arm of a magnetically controlled quartz fiber 
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microbalance and weight losses from the induc- 
tively heated vessel are measured directly during a 
run. To extend the vapor pressure measurements to 
lower temperatures, an effusion apparatus is being 
constructed which will employ radioactive tracers. 
Ames laboratory’s study of rare earth alloys is 
just commencing and no alloy systems have been 
completed as yet. Several intra-rare earth alloy 
systems are presently being studied, with the lan- 
thanum-neodymium system the furthest along. 


Heat Capacities 

The heat capacities of lanthanum, cerium, praseo- 
dymium, neodymium," and gadolinium” have been 
measured from a few degrees absolute to room tem- 
perature as shown in Figs. 3 and 4. Lanthanum 
shows a specific heat anomaly at the point where it 
becomes superconducting. Cerium, praseodymium, 
and neodymium show anomalies in the low temper- 
ature range where the crystalline fields of the 
neighboring atoms cause a splitting of the energy 
levels arising from the inner, incomplete, 4f electron 
shell. Cerium also shows an anomaly where there 
is a crystalline transformation from the room tem- 
perature face-centered cubic lattice to the low tem- 
perature face-centered cubic form. Here it is be- 
lieved a 4f electron in the high temperature phase 
has shifted to a conducting electron band on the out- 
side of the atom. The low temperature crystalline 
form shows a density increase of 18 pct over the 
room temperature form. Fig. 5 shows a heat ca- 
pacity curve for gadolinium. An anomaly will be 
seen in the neighborhood of the Curie point. 

The electrical resistivities of lanthanum, cerium, 
praseodymium, neodymium,” gadolinium, dyspro- 
sium, and erbium” have been measured from room 
temperature to 2.2°K. Gadolinium, dysprosium, and 
erbium show a marked change of slope in the neigh- 
borhood of their magnetic anomalies. The resistivity 
of cerium shows a complex behavior. There is con- 
siderable hysteresis in the neighborhood of the 
crystalline transformation at 160°K and it shows 
anomalies at low temperatures in the neighborhood 
of the specific heat anomalies. 

In a magnetic study of neodymium between 20.4° 
and 300°K" this metal was found to obey a Curie- 
Weiss law above 145° with a paramagnetic Curie 
point of —16°K and an effective moment of 3.68 
Bohr magnetons, while from 145° to 31.5°K, the 
metal again obeys a Curie-Weiss law with a para- 
magnetic Curie point of about 1°K and an effective 
moment of 3.35 Bohr magnetons. The magnetic mo- 
ment of gadolinium was measured between 20° and 
253°K" and the saturation magnetization has been 
found to follow a T°* law over this range with an 
extrapolated value of the saturation magnetization 
at absolute zero of 253.6+0.9 cgs units. This corre- 
sponds to a value of 7.12 Bohr magnetons. The Curie 
point of gadolinium was found to be 17.7 + 0.3°C. 

Erbium and dysprosium also become ferromagnetic 
at low temperatures” and are very strong magnets. 
Here again, there are magnetic anomalies in the 
same ranges where anomalies were observed in the 
resistivity and specific heat curves. It is hoped that 
a careful study of the complex magnetic behavior 
of these substances in the ferromagnetic, antiferro- 
magnetic, and paramagnetic regions will supply the 
necessary information to extend considerably the 
understanding of the phenomenon of magnetism. 

Paralleling the above work, careful X-ray studies 
of the crystal lattices of these metals are being made 
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from very low temperatures to very high tempera- 
tures. While at room temperatures most of the met- 
als exhibit a closest-packed hexagonal lattice, X-ray 
evidence already indicates that the rare earths are 
really not this simple. The light rare earths show 
considerable evidence in several cases of stacking 
and it is almost certain that they exist in more crys- 
talline forms than has been reported. Europium and 
ytterbium crystallize in a different system and their 
properties differ considerably from the other rare 
earths. The melting points of these metals are out 
of line with the others; they are much more vola- 
tile, much softer, and their densities are consider- 
ably lower than the other members of the series. 

The corrosion behavior of the rare earths in air 
at room temperature is very interesting. Lan- 
thanum corrodes very rapidly. Even a big bar will 
slough to powder in a few weeks’ time. Cerium 
corrodes to a thick crust and in so doing becomes 
intensely pyrophoric although the clean bright 
metal is not pyrophoric unless the particles are 
heated in detaching them. The corrosion rate reaches 
a minimum in the middle of the group. Samarium 
will remain bright for months as will neodymium. 
As one approaches the end of the rare earth group, 
the corrosion tendency increases. 

It has become evident that the rare earths are not 
all alike and that for many properties there are 
marked differences between elements. They form 
interesting alloys and in small quantities they act 
as wonderful scavengers to remove nonmetallic ele- 
ments from other metals. It is fairly certain that as 
they become more available and as their properties 
are better understood, they will find many and 
large-scale uses in industry. 
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LAST furnace iron with over 1.5 pct P is re- 
garded on the Continent as a basic Bessemer iron. 
The last few years have seen such a rapid develop- 
ment in the evolution of the basic Bessemer process 
that this process should have serious consideration 
as an alternative steelmaking method to the basic 
open hearth. It is now possible with no more con- 
trol than is normally applied to open hearth opera- 
tion to secure results from the basic Bessemer proc- 
ess which are equal in all respects, so far as quality 
is concerned, to those obtainable by the open hearth. 
The production of low nitrogen, deep-drawing 
steels and materials of similar grades in large ton- 
nages is now established practice. The average ni- 
trogen content of the steels produced is about half 
that in ordinary commercial open hearth material. 


Relative Costs 

The Bessemer process cost for fluxes and fettling 
is almost four times that of the open hearth, but the 
open hearth is substantially higher in fuel, mainte- 
nance, and mixer costs. Taking all variables into 
account, there is a difference in conversion costs to- 
day, ignoring capital charges, of at least $4.20 per 
long ton (2240 lbs). If it is assumed that the Bes- 
semer yield is 90 pct and the open hearth yield 100 
pet, the two processes would break even in ingot 
cost at an iron cost of approximately $42.60 per 
long ton. 

In so far as scrap is employed in the Bessemer 
process additions up to 20 pct are now quiet prac- 
ticable with oxygen enrichment. With the newer 
oxygen enrichment practices oxides can be used in 
the converter thus bringing the yields into line with 
the open hearth. These figures are, of course, ap- 
proximations, but it should be stressed that the 
saving in the Bessemer process can cover, under 


Table |. Comparison of Duplexing Practices Using Basic Converter 
and Fixed Open Hearth 


Charge ta Leng Tens* 


‘Cold Iron Good 
Blown te 04 Ingot Therms Per 
Heat Metal** Serap Pet P Per Hr Leng Ton 

A _ 98 42 10.2 57 
B 49 49 42 13.4 44 
73 25 42 16.1 38 

D 100 — 42 21.4 35 
+ 75 26.3 


* One long ton equa!s 2240 Ib. 
** Practically pure iron except for 0.1 to 0.2 pct P. 
+ 50 tons only partially blown (1.5 pet C and 1 1.75 pet P). 


J. MITCHELL is Managing Director of iron and Steel Production, 
Stewarts and Lloyds, Ltd., and President of the Iron and Steel 
Institute (United Kingdom). This article was abstracted from the 
fron and Coal Trades Review, vol. 167, Nov. 20, 1953, London. 


Bessemer and Open Hearth 
Steelmaking Costs Compared 


by James Mitchell 


suitable conditions, the difference in yields which 
favors the open hearth. Below a certain iron cost, 
therefore, the Bessemer process gives a cheaper 
product than the open hearth, but a very careful 
assessment is required of material available and 
practice employed before a final decision could be 
arrived at in favor of the one or the other process on 
economic grounds. 
Duplexing 

Experience shows that a blown metal can be de- 
livered to the open hearth for finishing at about 
$4.20 per long ton less than the cost of basic Bes- 
semer ingot made from the same iron, but it is 
doubtful if companies would be prepared to operate 
an open hearth furnace and make finished steel for 
$4.20 per long ton of product even with blown metal 
as the starting point. In other words, the duplex 
ingot will inevitably be higher in cost than the 


Table II. Production Using Blown Metal in Electric Furnaces 


Long Tons Kw-hr Per 
Charge Per ir’ Ingot Ton 
Cold scrap 3.6 740 
Blown metal 4.7 420 


* One long ton equals 2240 Ib. 


Bessemer ingot made directly from the same iron. 
There are cases, notably in electric furnace practice, 
where the savings achieved in power and electrode 
cost, make the system attractive although these dis- 
appear when low cost scrap is available. 

Table I gives the results obtained on a series of 
campaigns varying the charge on furnaces normally 
working on a scrap or cold pig iron basis. In 20-ton 
electric furnaces, blown metal of a similar nature 
was substituted for good cold scrap. The results, 
average figures on campaigns of considerable length, 
are shown in Table II. The furnaces are employed 
on a special product, requiring special casting pit 
arrangements, and no doubt higher figures could be 
obtained in normal steelmaking. These figures serve 
to show the order of gain in output which may be 
obtained if one is prepared to accept the extra cost 
of blown metal. 

A study of production cost in almost any conceiv- 
able combination of two-stage processes shows that, 
unless the two stages can be carried out in one fur- 
nace unit, the final ingot cost will be higher than 
with the more orthodox methods of operation even 
with iron involving high metallurgical loads. The 
savings achieved by reducing the final open hearth 
or, for that matter, electric furnace finishing times 
are not great enough to pay for the additional 
operating cost incurred in using two furnaces. 
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Fig. 1—Furnaces 
shown in this gen- 
eral view of the cast- 
ing plant are con- 
ventional fuel fired 
reverberatory fur- 
naces. Each furnace 
has a capacity of 
350,000 Ib per day. 
The casting wheel has 
24 mold positions. 


ODUCTION of large end-poured shapes on a 

casting wheel became a reality when Raritan 
Copper Works’ new casting plant began production 
on June 17, 1953 approximately two years after 
breaking ground for construction. The Raritan 
Copper Works of International Smelting & Refining 
Co., a subsidiary of Anaconda Copper Mining Co., 
turns out slabs weighing between 1900 and 3000 Ib 
at the rate of 60,000 lb per hr. The slabs’ are parallel 
sided and measure 65 to 76 in. long, 5 in. thick, and 
15% to 24% in. wide. 

A general view of the furnaces and casting equip- 
ment is shown in Fig. 1. Capacity of each furnace is 
350,000 lb per day. The hearth is 33x12 ft with a 
bath depth of 2% ft. The uptake area is 10% sq ft. 
There are three charging doors on the south side of 
each furnace. These doors are 5 3/4 ft wide x 31/3 
ft high and are operated by chain blocks located 
near the burner end of the furnace. 

Blowing is done by introducing through holes in 
the charge doors, %-in. iron pipes attached to air 
hoses with pressure regulated air at 10 to 15 psi. 
Skimming and poling of the furnace are performed 
through a small front door, the slag pots and poles 
being conveniently handled by means of 5-ton pen- 
dant controlled electric hoists. Individual hoists are 
available for each furnace and the monorails extend 
over narrow gage tracks from the front door of the 
furnace to a covered pole storage area attached to 
the south end of the building. 


C. D. PEARCE is Plont Metallurgist, Raritan Copper Works, Inter- 
national Smelting & Refining Co., Perth Amboy, N. J. This paper 
was presented at AIME Annual Meeting, New York, Feb. 15 to 
18, 1954. 
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Copper Slabs Weighing 3000 Lb 
Successfully Cast at Raritan Works 


by C. D. Pearce 


The furnace is set on a foundation of reinforced 
concrete 2 ft thick which is shaped to conform to the 
inverted arch of the furnace bottom. The bottom 
consists of two courses of 4%-in. brick laid directly 
over the concrete foundation, and a third course of 
21-in. silica brick. Sidewalls below the metal line 
are 12 in. of magnesite over 13% in. of clay brick. 

Above the metal line, steel clad magnesite brick 
are used on the sidewalls up to the skewbacks, while 
the hips, bridge, jambs, etc. are built with 12-in. 
magnesite blocks. Clay brick provides insulation in 
all cases between the refractory lining and furnace 
plates. The verb arch, hood, and two sections of the 
roof have been built of 15-in. silica brick with the 
remainder of the roof consisting of 12-in. silica 
brick. The uptake and cross flue connecting to the 
stack, as well as the stack lining, are clay brick. 
A water pan over the uptake has proved useful in 
reducing brick consumption by removing heat from 
the hot gases as they flow to the stack. No waste 
heat boiler is attached to these furnaces. Water 
cooling is also applied to copper skewbacks on the 
charging side of the furnace. 

Bunker C oil is generally used for fuel, but provi- 
sion has also been made for utilizing light fuel oil 
when the sulphur content of the former may be too 
high for good refining operations. Proper atomiza- 
tion of heavy fuel oil demands that it be preheated 
and tube type oil heaters, using steam as the heating 
medium, have been provided for this service. Tem- 
perature is automatically controlled, and recording 
gages transcribe a record of oil to the burner. 

Primary air for atomization is supplied through 
l-in. delivery lines to each furnace at 85 psi. Steam 
is also available for this service. Secondary air is 
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delivered as mentioned above by 10,000 cfm blowers 
with static pressure at the furnace approximately 
2 in. W.G. This quantity of air is in excess of firing 
requirements and any surplus is vented to the at- 
mosphere by means of a weighted flap damper in- 
stalled in the delivery ducts to the furnace. A shut- 
off slide damper is also available if no secondary air 
is needed for firing. In this case the air is allowed 
to cool the bottom, but is also vented to the atmos- 
phere by way of the flap damper. The stacks are 
brick-lined steel shells 7 ft diam and 150 ft in height. 


Melting and Refining 


Melting and refining operations conform to normal 
practice for preparing tough pitch copper and the 
furnace cycle is fairly constant at 24 hr. An average 
furnace cycle is shown in Table I. 

The material charged into the furnace is electro- 
lytic cathode copper delivered by rack cars operat- 
ing on a 30-in. industrial railway. Each car trans- 
ports an average load of 20,000 lb distributed equally 
between three piles. Furnace scrap and skulls from 
the process are also returned to the furnaces. Charg- 
ing commences directly after casting and the entire 
charge is placed in the furnace at this time by 
means of a Brosius auto floor charger shown in 
Fig. 2. This machine is self propelled by a gasoline 
electric power unit which also provides hydraulic 
power for operation of the charging peel. Lift 
capacity of the charger is 8000 Ib. 

Once the full charge is afloat, the oxidizing period 
begins. Two to three %-in. iron pipes are inserted 
through the port holes in the side doors, and air at 
15 psi is introduced into the bath until its oxygen 
content reaches a concentration of 0.60 to 0.80 pct. 
Samples are periodically taken from the furnace 
during the skimming and blowing period and these 
say buttons are fractured and inspected by the 
smelter until the desired grain refinement is indi- 
cated. At this point the general foreman views the 
button and, on his approval, the furnace is closed up 
and the firing rate increased in preparation for final 
slag removal and subsequent poling operations. 

Final skim is made when sufficient heat is gained. 
The clean bath is covered with a calculated amount 
of low sulphur coke to avoid impurities from the 
burning oil and to prevent subsequent reabsorption 
of oxygen during the poling period. The copper is 
brought to pitch by poling with green hardwood 
poles inserted through the front door and forced 
under the bath by means of a chain hoist rigged to 
the small end so that hoisting will force the butt 
into the melt. The tough pitch point is determined 
by taking block samples and watching them solidify 
or set. When ready to cast the block shows a flat set 
and the oxygen content will be between 0.030 to 
0.045 pct. The oxygen content is confirmed by the 
combustion method of analysis. 

Typical temperature range of the copper during 
melting, flapping, and poling periods as ascertained 
by measurements taken with a Leeds & Northrup 
potentiometer optical pyrometer is shown in Table 


Fig. 2—Furnace charging is done with a Brosius auto floor 
charger which is self propelled by a gasoline electric 
power unit. 


II. The usual pouring temperature in the ladle is 
2030° to 2040°F, and readings are taken at half- 
hour intervals during the casting period to maintain 
uniformity of heat and insure the production of 
good quality metal. 


Casting Wheel 

The casting wheel is an Anaconda design and a 
modification of the Clark type with the molds sus- 
pended vertically around the periphery. It is 40 ft 
in diameter and has 24 mold positions although only 
12 are being used for larger slab castings. The wheel 
has a gear drive with control based on the Ward- 
Leonard principle. Automatic or manual spotting of 
molds is possible with either 12 or 24 mold positions 
in service and the drive is reversible. In case of 
misalignment jog switches are provided to move the 
wheel by increments in either direction. This drive 
was installed because of its smooth acceleration and 
deceleration characteristics, and operations to date 
have justified its selection. 

Wheel operating controls are located in a pulpit 
positioned and elevated at the center of the wheel to 
permit good visibility by the operator of the metal 
flow into the mold. The operator, who also manip- 
ulates the hydraulic ladle controls, is protected from 
the ladle by a large safety glass installed in front of 
the pulpit. 

Pouring Operations 

Slabs are cast direct from the ladle into the mold 
at an average pouring rate of 1300 lb per min. 
Floating, by means of a pelican ladle as normally 
practiced in casting vertical cakes with the object of 
avoiding defects at the bottom, has been discon- 
tinued in favor of a new technique. Bottom splashes 
are now avoided by pouring into a tear-drop shaped 
copper box placed on the closed bottom of the mold. 
The box confines the splash to a minimum and is 
consumed in the molten metal as it rises in the mold. 
Boxes are prepared on the wheel from thin gage 
electrosheet copper. Pouring speed is governed pri- 
marily by the pitch of the metal being cast and close 


Table |. Furnace Cycle for Melting and Refining Operations 


Operation Hours 
Charging 2to2% 
Melting 6to7 
Blowing and Skimming 5to48 
Poling 1% to2 
Casting 5to7% 


Table II. Typical Tempe-ature Range of Copper During Refining 


Temperature, °F 


State of Process 


Skimming 2100 
Coking 2125 
Po 2100 
Before Casting 
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Fig. 3—Mold door is completely opened by hydraulic arms, 
and the copper slab at 1100°F is lowered from the mold. 


cooperation between the furnaceman and ladle op- 
erator is required to hold a uniform set when more 
than one cake size is being produced on the wheel. 
A faster pour tends to give a lower set and the speed 
at which a particular slab is cast is controlled in 
relation to the set obtained on a previous one. Ap- 
proximate pouring speeds for various slab sizes are 
given in Table III. 

A complete cycle of the wheel, including 12 stops, 
is approximately 28 min, equivalent to 26 cakes per 
hr when casting an average ring of mixed slab sizes. 
The plant is currently operating with one furnace 
capable of casting out 350,000 lb in 5 to 7% hr. With 
a second furnace in service on a staggered cycle the 
output of the plant can be doubled. 


Molds 


The molds used in producing the large slabs are 
generally made from tough pitch copper castings 
although alloying elements such as silver and other 
metals are being tested. The internal cavity of the 
mold is cored undersize and then machined-out to 
the desired dimensions. Water cooling passages are 
also drilled through the block to insure proper chill- 
ing of the casting. The water enters through mani- 
folds on each side of the bottom of the mold where 


Table tl!. Approximate Pouring Speeds for Various Slab Sizes 


Slab Size, In. Weight, Lb Time, Min 
5x15%x76 1897 105 
5x16%x72 1913 105 
5x17% x68 1930 105 
5x 18% x65 1930 105 
5x24%x74 2950 150 
5x20x76 2449 120 
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it is discharged into individual vertical passages. 
The water flows upward and discharges into top 
manifolds also located on the sides of the mold. 

When assembled on the casting wheel each mold 
is connected to an upper and lower header which 
encircle the wheel and are in closed circuit through 
a Chiksan universal joint at the center of the wheel 
with two heat exchangers and three centrifugal 
water pumps each capable of delivering 3000 gpm. 
Water circulation through each mold is 250 gpm at 
a controlled temperature of 170° to 195°F. 

Mold life cannot be stated at this time, but it is 
expected to be 500 to 1000 castings. Mold failures 
have been due primarily to vertical cracks in the 
fillets caused by thermal shock and the cyclic action 
of the forces of expansion and contraction. The very 
rapid casting rate and the large mold size make the 
problem of mold design a difficult one, however, it is 
believed that recent changes in design and operat- 
ing procedure will minimize the tendency toward 
crack formation and extend mold life. 

The baseplate door assembly is an accessory to 
the mold and is attached to its bottom through a 
hinge bolted to the bottom of the mold. A phos- 
phorized copper base plate is held in an iron frame 
with cam action guide plates which lock the door 
closed when a spring mounted bail is brought for- 
ward. Notches in the guide plates hold the door in 
a half-open position, while a take-out mechanism is 
inserted under the cake. 


Slab Removal 


The take-out mechanism or slab dumper is lo- 
cated below the wheel at a point 210° clockwise 
from the ladle. It is controlled manually from an air 
conditioned room with the mold and cake viewed 
directly through a heat resistant safety glass. The 
mechanism consists of a composite frame of struc- 
tural iron, pivoted near the lower end, in which 
an inverted L shaped carriage rides. This carriage 
moves up and down the frame on a rack actuated by 
an hydraulic cylinder connected to it through steel 
chains running over centering sprockets. 

The horizontal bar of the inverted L serves the 
double purpose of partially opening the door and 
supporting the slab during removal. The door is 
then completely opened by hydraulic arms and the 
hot slab at 1100°F is lowered from the mold as 
shown in Fig. 3, whereupon the assembly is pivoted 
about its lower axis by another hydraulic cylinder 
to bring the slab to a horizontal position. Hydraulic 
closing of the baseplate doors occurs at the position 
before casting simultaneously with the opening op- 
eration just described, the same fluid system deliv- 
ering to both cylinders. 

The slabs, after removal, are pushed onto a tilting 
turntable and from this point they are transported 
by powered roller conveyors into a bosh cooling tank 
and then up to the main floor by flight conveyors 
where an hydraulic transfer and cake turnover fa- 
cilitate complete inspection of every piece. Twenty- 
nine limit switches are employed in this system and 
an interlocking arrangement prohibits rnovement of 
the casting wheel until the cycle is completed and 
the slabs are safely in the bosh. Manual controls, 
however, are available for emergency use. 

Inspected slabs are stamped for identification, 
then removed from the conveyor by fork lift truck, 
weighed, and stocked in lots of 100,000 lb for subse- 
quent shipment. 


: 
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| this study a comparatively simple method is 
presented by which lubricants can be evaluated. 
A series of mathematical relationships are also de- 
veloped which can be used to predict results with a 
minimum of experiments. 

In recent years a considerable amount of work 
has been done on the measurement of friction devel- 
oped during the compacting of metal powders. 
Unckel’ was among the first to develop a method of 
measuring wall friction. In accordance with his 
method, a part of the applied load was transmitted 
by friction through the die wall to three Brinell 
balls on which the die rested. The size of the im- 
pression made by these balls on a soft iron ring was 
a measurement of the frictional forces developed 
during pressing. Shank and Wulff’ measured radial 
pressures on the die and calculated coefficients of 
friction. Their results were at complete variance 
with those of Duwez and Zwell*® who also measured 
radial pressures but by a different method. Kamm, 
Steinberg and Wulff calculated coefficients of fric- 
tion from their results with a deformable lead grid. 
Other workers” have attempted to correlate fric- 
tion with density distribution and ejection pressure, 
with varying degrees of success. 


Experimental Procedure 


In the equipment used a measured load is applied 
by the press to the upper punch as shown in Fig. 1. 
A part of this load is transmitted through the com- 
pact to the lower punch and measured on a cali- 
brated hydraulic jack. The difference between the 
applied and transmitted load is a measure of the 
total friction developed during pressing. A dial in- 
dicator measures the compression at the various 
loads. In each run the load was gradually applied 
to a weighed quantity of powder. Values of applied 
load, transmitted load, and length were recorded at 
regular intervals. 

The first series of runs were made to determine 
reproducibility using a 0.775-in. diam die, —325 
mesh stainless steel powder, and .aquadag as a die 
wall lubricant. There was about 0.003 in. clearance 
between punches and die. Results were satisfac- 
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tory showing a maximum variation of 5 pct in three 
runs which is about the accuracy of reading gages. 

The second series of runs were made using the 
same stainless steel powder and both Aquadag and 
molybdenum disulphide as die wall lubricants to 
determine the effects of coating thickness. The re- 
sults indicated that for short compacts (up to ap- 
proximately 2 in. long), the thickness of the coating 
was not critical from a low limit where a continu- 
ous coating was just about visible to the eye (less 
than 0.0001 in.) to a high limit where the punches 
began to bind. For longer compacts (approximately 
5 in. long) a film thickness of 0.0002 in. or more was 
necessary to keep the friction at a minimum. 

These results indicate a scraping action by the 
powder on the lubricant which will cause some of 


PRESS 


UPPER PUNCH 


HYDRAULIC JACK 


Fig. 1—Sketch of equipment used to determine values of 
applied load, transmitted load, and length during com- 
pression of copper, iron, and stainless steel powders. 
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. Particle Size Distribution of Copper and 
Iron Powders Used, Pct 


Copper Powder 


47 

4 
48 


Table Ii. Values of K, For Iron, Copper, and 
Stainless Steel Powders Used 


Apparent Density 
per Cu Cm 


1 
92 


the lubricant to be entrapped on the surface of the 
compact. The fact that longer compacts require a 
thicker film of lubricant on the die wall would indi- 
cate the same to be true for powders having a high 
compression ratio. For the balance of the experi- 
ments a coating thickness of 0.0002 to 0.0004 in. 
was used. 

Fig. 2 is a plot of transmitted load vs applied load 
for several die wall lubricants used in the pressing 
of —-325 mesh stainless steel powder in a 0.775-in. 
diam single action die. The results showed that 
stearic acid gave the highest ratio of transmitted to 
applied load indicating that it was the best lubri- 
cant. It was applied by painting the walls with a 
slurry of 5 pet stearic acid in carbon tetrachloride. 
Molybdenum disulphide and Aquadag were the next 
best materials and they were very similar to each 
other in their lubricating properties. Both of these 
materials were sprayed on the dies using a water 
suspension. The balance of the materials would be 
unsatisfactory as cold pressing lubricants since the 
ratio of transmitted load to applied load was con- 
siderably less than that for stearic acid, Aquadag, 
and molybdenum disulphide. 

The 15 micron molybdenum disulphide in iso- 
propanol, mixed in the laboratory, appeared to ag- 
glomerate in the alcohol and yielded a very poor 
coating; however, this material may have been more 
satisfactory in a different vehicle. The Acheson 
Aquadag did not dry completely and remained tacky 
which probably accounted for the poor results indi- 
cated. Aquadag No. 2 was a home-made mixture of 
graphite plus several organic materials. Attempts 
were also made to use talc and mica in amy] acetate, 
but the resulting coats were very soft and could be 
blown off. A 50-50 mixture of mica and Aquadag 
showed no improvement over the Aquadag itself. 


These results indicate that the lubricating prop- 
erties of materials like graphite and molybdenum 
disulphide are affected by particle size and by the 
liquid vehicle. There appears to be an optimum 
particle size for each material. Particles smaller than 
this optimum size will increase the friction, while 
larger particles will not adhere to the die surface. 
The liquid vehicle should form a suspension of the 
lubricant that does not agglomerate or settle too 
quickly. It must be capable of being evaporated or 
baked dry and still leave a film of lubricant. 


Applied and Transmitted Load 


One of the more interesting facts about Fig. 2 is 
the straight line relationship between applied and 
transmitted load. This relationship was confirmed 
by tests of various weights of —325 mesh stainless 
steel powder, copper powder, and iron powder. The 
graph for copper powder, Fig. 3, is typical of those 
obtained for stainless steel and iron powders. Aqua- 
dag was used as a die wall lubricant. The particle 
size distribution of the copper and iron powders is 
shown in Table I. The relationship obtained is that 
in any compact the ratio of transmitted load, F,, to 
applied load, F,, is a constant, or F,/F, = K,. The 
constant of K, is dependent on the powder that is 
being pressed, its weight, the lubricant, and the 
dimensions of the die. 

When the slopes (F,/F,) of the curves for copper, 
iron, and stainless steel powders are plotted against 
weight using a semi-log scale another straight line 
relationship, illustrated in Fig. 4, is obtained for 
each material. This relationship is expressed as: 


In (F,/F,) = —K,W or F, = F,e™", 


where W is the weight of compact and K, is con- 


Fig. 2—Values of applied load 
vs transmitted load for 125 g 
of stainless steel powder in 
0.775-in. diam die are plotted 
for various die wall lubricants. 


4000 8,000 12,000 16,000 20,000 
APPLIED LOAD — L8 
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Fig. 3—Straight line relation- 
ship of applied load vs trans- 
mitted load shown for copper 
powder in a 0.775-in. diam die 
is also typical of iron and 
stuinless steel powders. 


TRANSMITTED LOAD — 


stant dependent on powder, lubricant, and die size. 
The values of K, for the three materials are listed 
in Table II. This equation makes it possible to cal- 
culate the load transmitted to the bottom punch for 
any weight of powder within the limits studied. 
The transmitted load versus length of compact at 
constant applied loads when plotted on a semi-log 
scale for —325 mesh stainless steel, iron, and copper 
powders yielded identical curves showing that the 
friction developed for a given length compact is the 
same for all three powders. This indicates that dur- 
ing the pressing of a metal powder a film of lubri- 
cant is built up on the wall of the compact, and the 
friction is developed between two films of lubricant. 
This is similar to ordinary bearings where the fric- 
tion is dependent on the lubricant rather than the 
bearing materials once rotation has started. Visual 
observations also confirm the fact that a thin dense 


rool 
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film of lubricant is formed on the compact during 
pressing. It is further confirmed by the similarity 
of values of K, for the various powders. 

From this relationship the following equation is 
obtained: In (F,/F,) = —K,L, where L is length of 
compact and K, is constant dependent on lubricant 
and die size. This equation was derived from data 
on compacts of different lengths. If it is assumed 
that the same relationship will hold true within a 
single compact, the equation can be used to express 
the axial pressure distribution as follows: 


F, = F,e 


where F, is the load at any point along the length of 
the compact. 
Friction and Die Wall Area 

Fig. 5 is a plot of friction per unit of die wall area 
versus applied load for stainless steel powder. The 
friction per unit die wall area increases logarith- 
mically as the length of compact decreases. 

All of the data presented through Fig. 5 were ob- 
tained in a 0.775-in. diam single acting die. Tests 
were repeated using a 1.4 and 2.0-in. diam die and 
the same relationships were obtained. If the total 
friction that has been measured is divided into die 
wall and internal friction, it would be expected that 
the ratio of internal friction to die wall friction 
would be greater for the larger diameter dies. Since 
the same relationships were obtained for the different 
diameters, it would indicate that the internal fric- 
tion is an extremely small part of the total friction. 

Table III illustrates how the values of K, shown 
in Table II vary with the diameter for iron powder. 


F. 
Fig. 4—Plotted values of weight of compact vs In of ratio 
of transmitted load to applied load for stainless steel, 
copper and iron powders in a 0.775-in. diam die gives a 
straight line relationship. 


Table Ill. iron Powder K, Variations vith Die Diameter 


Die Diameter, In. Ky = —In (Fr/F,)/Wt 


0.775 ~ 0.0060 
14 ~-0.001 
2.0 0.00042 
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Fig. 5—The plot of total fric- 
tion per unit area in Ib per sq 
in. vs applied load for stainless 
steel powder in 0.775-in. diam 
die indicates that the friction 
per unit die wall area increases 
logarithmically as length of 
compact decreases. 
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As the die diameter increases, the effect of friction 
decreases for a given weight of powder. This is shown 
by the fact that the ratio of transmitted to applied 
load increases with die diameter. 

If values for 1/K, are plotted versus the cube of 
the diameter, a straight line relationship is obtained, 
and this relationship can be expressed mathemat- 
ically as: 


In (F,/F,) = —W/K,D* or F,/F, = 


where F, is transmitted load, F, is applied load, W 
is weight of powder, D is die diameter, and K, is 
constant dependent on lubricant. This equation can 
be rewritten as an expression of total friction as 
follows: 

Total Friction = F, — Fy; = 


= 


This equation indicates that the total friction de- 
veloped during pressing increases with applied load 
and weight of sample but decreases with die diam- 
eter. It is not known whether this expression is valid 
for die sizes over 2 in. diam. 

A series of runs was made to compare die wall 
lubrication with admixed lubricant and powder. 
Iron powder was used with stearic acid as a lubri- 
cant in a 1.4-in. diam die. Admixing 1 pct stearic 
acid with the powder resulted in a higher total fric- 
tion than painting the die walls with a solution of 
stearic acid in carbon tetrachloride. Admixing 1 pct 
stearic acid in addition to lubricating the die walls 
indicated no discernible improvement over simply 
lubricating the die wall. These results substantiate 
previous indications that the internal friction is only 
a very small fraction of the total friction developed 
during pressing. 

Conclusions 


The results obtained from this study can be sum- 
marized as follows: 

A—The method described for measuring total 
friction developed during pressing of metal powders 
has shown that most of this friction develops along 
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the die wall. This method can be used to evaluate 
the effectiveness of materials as lubricants. 

B—Several materials are shown to be satisfactory 
die wall lubricants for cold-pressing. One of the 
most important properties necessary for any mate- 
rial to be a good lubricant is the ability to bond 
itself to the die wall. This property is determined 
by the particle size, vehicle, and method of applica- 
tion. During the pressing operation a thin dense film 
of lubricant is formed on the compact and the fric- 
tion is actually developed between two films of lub- 
ricant. When long compacts or high compression 
ratio powders are pressed more of the lubricant is 
caught by the compact making it necessary to use 
a thicker coating. 

C—The mathematical relationships developed 
which correlate applied load, transmitted load, 
weight, length, and die diameter agree with the 
previous work of Balshin,” Shank and Wulff.’ 

D—It should be possible to obtain a correlation 
between radial and axial pressures from which co- 
efficients of friction could be obtained. 

E—The mathematical expressions presented can- 
not be extrapolated indefinitely, but within the range 
of the experiments they do hold true. 
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HE practical importance of the phenomena of 
melting and freezing must have been recog- 
nized for a very long time. The difference between 
ice and water, for example, has had a profound in- 
fluence on the history of mankind and the evolution 
of society. The possibility of melting a metal and al- 
lowing it to freeze in a mold of chosen shape has 
been an essential ingredient in our mastery of the 
art of shaping metals, and therefore in the evolution 
of the machine age in which we find ourselves. 

The importance of melting and freezing, as ap- 
plied to metals and alloys, has been so great, in fact, 
that empirical solutions have been found for the 
multitude of practical problems that have arisen. 
This approach has been so successful that relatively 
little attention has been directed to arriving at an 
understanding of the fundamentals of the processes. 

But metallurgy has come to a stage at which we 
may expect that some, at least, of the more complex 
problems that have not yet been solved (or perhaps 
even recognized) may be handled more effectively 
by scientific study, theoretical understanding, and 
logical experimentation than by trial and error. 

In this lecture, therefore, I propose to describe in 
outline what I think really happens when a metal 
freezes. In doing so I hope to explain many of the 
phenomena which have been observed, and in par- 
ticular to account for the structures that are ob- 
tained in actual ingots and castings. 

The basic problem, to which this lecture repre- 
sents a tentative partial answer, is this: a mass of 
metal, containing known proportions of various 
elements, is melted, heated to a given temperature, 
and then allowed to freeze under specified condi- 
tions. What will be the “structure” of the resulting 
metal? The term structure includes: 1—crystal size, 
shape, and orientations, 2—distribution of chemical 
elements, and 3—shape, including cracks, cavities, 
pores, etc. 

The Solid-Liquid Interface 


We will first consider what takes place if a single 
crystal of a metal in the form of a rod is heated, not 
uniformly, but so that one end is hotter than the 
other. If this heating process is continued long 
enough, the hotter end will eventually melt; we will 
suppose that the rod is in a containing vessel so that 
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Fig. 1—Schematic arrangement of solid, liquid, and interface. 


the molten metal does not run away, Fig. 1. When 
some of the metal has melted, we have some solid, 
some liquid, and an interface or surface of contact 
between them. If the source of heat is now re- 
moved, the interface will move so that some of the 
liquid freezes, and if the supply of heat is suitably 
adjusted the interface will remain at rest. 

This very simple arrangement allows us to study 
the basic processes of melting and freezing, and if 
we fully understand this simple case, we may be 
able to account for what takes place under practi- 
cal conditions where the heat does not all! ‘low in 
the same direction, and where the heat flow is 
determined not by a controllable source of heat but 
by the heat capacity and temperature of metal and 
mold, and by the heat loss from the mold surface. 

The solid-liquid interface is evidently the region 
of the greatest interest to us; on one side of it there 
is crystalline solid, and on the other, liquid. In the 
solid, each atom has a well defined position, around 
which it vibrates as a result of thermal agitation. It 
only leaves this position in the relatively rare event 
of a “diffusion jump.” The liquid is much less sys- 
tematically organized. The atoms are about as far 
from their neighbors as in the solid, but the arrange- 
ment is much less systematic and is continuously 
changing. The solid and the liquid are represented 
diagrammatically in Fig. 2. The average energy of 
the atoms in the liquid is greater than in the solid by 
an amount that corresponds to the latent heat of 
fusion, i.e., the amount of heat that has to be sup- 
plied to convert unit mass of solid into liquid at the 
same temperature. 


The Two Processes 
As has recently been shown by Jackson and 
Chalmers,” many of the features of the processes of 
freezing and melting can be understood if it ig as- 
sumed that a continuous and rapid interchange of 
atoms between solid and liquid always takes place 
at a solid-liquid interface.* It is necessary to con- 


"© This idea had previously been suggested,!.* but had not been 
developed quantitatively. 

sider two distinct processes, that of melting, in 
which atoms leave the surface of the solid and be- 
come part of the liquid, and the converse process, 
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in which atoms from the liquid join onto the solid. 
The observed rate of freezing or of melting is the 
difference of the rates of the two opposing processes. 
If they are equal, the interface is stationary; the 
metal is then at the only temperature at which the 
solid and liquid can be in equilibrium. We will call 
this temperature T,. 

Since there is only one temperature (T,) at which 
the solid and liquid can exist in equilibrium, it fol- 
lows that the rates of the melting part of the process 
(Ry) and of the freezing part (R,) can be equal 
only at that temperature. It is reasonable to sup- 
pose that both the rates vary with temperature,’ and 
that this is because an atom can only cross the inter- 
face if it has an energy in excess of some definite 
value, which is higher than the average energy of 
atoms in either the liquid or the solid. The average 
energy of the atoms depends on the temperature T, 
but the actual energies of the atoms are distributed 
about the average value in such a way that the frac- 
tion f that have an energy equal to or greater than 
Q'is given by 


If each atom vibrates v times per second, any atom 
will on the average have the required energy ve” 
times per second; but it will not always cross the 
interface when it has this energy, for two reasons: 
1—It may not be moving in the right direction, i.e., 
it may not have sufficient velocity perpendicular to 
the interface. Let the probability that the direction 
of vibration is within the necessary limits be G. 2— 
It may not strike the surface of the solid (or liquid) 
at a point where it can be accommodated; if not, it 
will “bounce back” and remain in the liquid (or 
solid). Let the probability that it is accommodated 
in the surface be A, the accommodation coefficient. 

Thus, the probability that an atom at the inter- 
face will make a transition is AG ve*’"", where AG 
and Q are either A,, G,, and Q,, for the freezing 
process( i.e., liquid to solid), or Ay, Gy, and Qy for 
melting. The rates of freezing and melting, R, and 
R,, are therefore 


R, = A,G, ye 
Ry = AyGy pe 


Q, and Q, can be interpreted as follows: an atom 
must have energy in excess of a definite value E, 
in order to cross the interface in either direction. This 
energy is made up partly of the binding energy of 
the atoms and partly by energy of thermal agita- 


LIQUID 


Fig. 2—Positions of atoms in solid and liquid. 
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Values of LA/Tx for Elements. LA is Latent Heat Times 
Atomic Weight 


Table |. 


L, Cal 
Te,°Abs. per Gram 


Structure Element LA/Ts 


Face-centered cubic Al 
Cu 
Au 
Pb 
Ni 
Pd 
Pt 


Close-packed hexagonal 


Body-centered cubic 


Diamond cubic 


Halogens 


Other structures 


tion. If the binding energy of the solid is E, and of 
the liquid E,, then 


Q, = E, — E, and Q, = E, — E,. 


It is reasonable to assume that the value of E, for 
crossing the interface is the same as for movement 
of atoms within the liquid, in which case Q, would 
be equal to the activation energies for diffusion in 
the liquid and for viscous flow; also, Q, — Q, should 
be equal to the latent heat of fusion. 

Using these numbers, we can calculate approxi- 
mately what R, and R, should be. They are repre- 
sented in Fig. 3 for copper. It will be seen that at 
the melting point, at which they are equal, the 
velocities of freezing and of melting would be about 
3000 cm per sec. 


The Accommodation Coefficient 
It is shown elsewhere’ that it follows from these 
and other equally reasonable assumptions that 


or that 


It is to be expected that Ay is the same for all 
monatomic liquids, and it is likely that the value of 
A, should depend only on the geometry of the ar- 
rangement of the atoms at the surface of the solid. 
This should be the same for all substances with the 
same crystal structure and should vary in a predict- 
able way from one structure to another. The valid- 
ity of this conclusion will be apparent from Table I, 
from which it will be seen that all the elements 
with close-packed structures have very nearly the 
same value of L/RT,. This is reasonable because, as 
shown later, we should expect the close-packed 
planes of either of these structures to constitute the 
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Fig. 3—Rates of melting and freezing for copper. 


surface of the solid. It will also be seen that the 
alkali metals have a considerably lower value of 
L/RT,, while the other body-centered cubic metals 
have an intermediate value. These differences are 
explained as follows: consider a close-packed plane 
in a face-centered cubic crystal, and assume, for the 
moment, that this face is in contact with the liquid. 
As seen from the liquid, it would appear as indi- 
cated in Fig. 4. Let us suppose that an atom, ap- 
proaching from the liquid, must arrive at a suitable 
point on the surface to become part of the crystal. 
Let us suppose that it must be within a definite 
area such as the shaded area of Fig. 4, i.e., the area 
not contained in the projected areas of the atoms. 
This part of the area is about 10 pct of the total 
area, and so we would conclude that on this assump- 
tion A, should be about 0.1. 

Consider now the most closely packed face of a 
body-centered cubic crystal, illustrated in Fig. 5. 
The corresponding areas are somewhat larger than 
for the face-centered cubic case, and we would ex- 
pect a rather larger value of A in these cases. It is 
not claimed that these accommodation coefficients 
are exact, but the result is qualitatively reasonable. 

The exceptionally high values of the accommoda- 
tion coefficient for the alkali metals are accounted 
for on the basis, for which there is other evidence, 
that in the crystals of these elements the atoms are 
much more widely separated than is the case with 
the other metals. 

Where the structure departs from the close- 
packed or body-centered cubic, it is because the 
type of bonding is different; it is, for example, 
largely covalent in the case of silicon and germa- 


Fig. 4—Positions of atoms in a close-packed surface, the (111) 
surface of a face-centered cubic crystal. 
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nium. One of the results of this is that the atoms 
tend to take up positions which have definite angu- 
lar relationships. The path of an arriving atom 
would be much more critical in such a case than 
when the atoms are close-packed or nearly so, and 
so we should expect the low value of A, that is 
found to apply. It is of interest also to look at an- 
other group of elements, namely, the halogens. 
These elements have a very strong tendency to form 
molecules, each consisting of two atoms. The liquid 
in each case consists of molecules, and this persists 
even in the solid, in which the crystals are built up 
of molecules which are packed in a regular way, 
each molecule not only occupying the right posi- 
tion, but also having the right orientation (that is, 
direction of the line joining the centers of the two 
atoms). Freezing and melting in such cases almost 
certainly occurs by the transfer of molecules rather 
than atoms, and it follows that the accommodation 
coefficient A now contains a second component, 
namely, the orientation of the molecule, as well as 
its position. It is not surprising that the halogens 
all have the same low value of A. 

On the basis of the orientation part of the ac- 
commodation coefficient, we should expect a sub- 
stance with a very long molecule to have a much 
lower value of A than when a shorter molecule or 
a single atom is involved. This prediction can be 
tested with any suitable series of organic com- 
pounds in which each successive compound is simi- 
lar to its predecessors except that its “chain” is 
increased in length by the addition of an extra 
carbon atom, and the concomitant two hydrogens. 


Fig. 5—Position of 
atoms in a (110) 
surface of a body- 
centered cubic 
crystal. 


Table II shows the values of L/T, for some of the 
fatty acids which are straight chain molecules. To 
show that the lowering of A, is not solely due to in- 
creasing the mass of the molecule, the value of L/T, 
for benzene, a ring molecule, is 30. 


Shape of the Interface 

A further implication of the influence of the ac- 
commodation coefficient and its dependence on crys- 
tallography is the following: 

Considering the face-centered cubic structure, 
we must now compare the values of A, for various 
crystallographic faces. The three most obvious are 
the (111), (100), and (110) faces. On the same 
assumption as before, we should expect the ac- 
commodation coefficients to be in the proportion 
1.0:1.5:2.0; and if we assume that the activated 
state is the same for any face (and it must be if it 
is identical with the activated state for diffusion in 
the liquid) then the rate curves for freezing are 
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different for the three types of faces, and are as 
shown in Fig. 6. 

It is not likely that the assumption is quantita- 
tively correct. However, it is probably qualitatively 
good enough to give the correct order for the ac- 
commodation coefficients, and therefore to justify 
the relative positions of the three R, curves in Fig. 6. 

There will be therefore three different equilibrium 
temperatures, and it follows that in a crystal which 
has different faces exposed, they cannot all be in 


Table Ii. Values of L/T, for Fatty Acids; C, H,,...,, COOH 
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equilibrium with the same liquid at the same tem- 
perature. It also follows that the relationship be- 
tween interface temperature and rate of growth of 
a crystal will depend on the crystallography of the 
interface. 

One consequence is that a crystal in equilibrium 
with the melt can only have a single type of crystal 
face exposed, and this face will be the one with the 
lowest accommodation coefficient. Another result 
is that if a crystal is growing into the melt, the 
shape of the interface may adjust itself in various 
ways according to the temperature gradient that 
exists in the liquid near the interface. 


Fig. 6—Freezing and melting rates for different faces of a face- 
centered cubic crystal. Rr, and Tx, refer to the (111) face, Rr, and 
Tr, to the (100) face, and Rr, and Tx, to the (110) face. 


There are two general cases to be considered: the 
first is that in which the temperature rises continu- 
ously as we proceed from the interface into the 
liquid; in the second, the temperature falls as the 
distance from the interface is increased. 


Stable Interface 


The first conclusion is that if the temperature 
rises continuously from the interface into the liquid, 
any part of the interface that is for any reason in 
advance of the remainder will reach a region of 
higher temperature and therefore of slower growth; 
thus it will tend to slow down. It follows that no 
part of the interface will advance much ahead of 
the remainder. The interface will advance as a 
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whole, all at the same speed. This does not mean 
that it must all be identical, because it is evidently 
possible for parts of the surface that present differ- 
ent crystallographic faces to the liquid to advance 
at the same speed, if they are at the appropriate 
temperatures. 

When an interface is advancing steadily, it must 
satisfy the condition that it is moving forward at the 
same speed; the actual speed of growth at any point 
may be different from this, because locally the sur- 
face may not be parallel to the general direction of 
growth. The actual speed of growth everywhere 
must be correctly related to the temperature. 

Therefore there are two main possibilities: either 
the surface will consist of “special” surfaces, which 
are crystallographically of low accommodation co- 
efficient, and therefore slow growing; or it may con- 
sist of the “random” surface, which has a higher 
growth rate at a given temperature, but will be al- 
ways parallel to the general interface. The reason 
that the special face does not always appear is that, 
although it always is slower than the random inter- 
face, the forward component may be greater if the 
special interface makes a large angle with the gen- 
eral interface. 

Consequently, we should expect that if a {111} 
plane is nearly parallel to the interface, it should 
appear in preference to the random surface. Simi- 
larly, the {100} plane, which should be the next 
slowest, should appear if the surface is nearly paral- 
lel to a plane of this kind. However, if neither of 
these planes is nearly parallel to the surface, the 
random surface is to be expected. 

It is interesting to note that the recent experiments 
of Elbaum*‘ have shown that a characteristic surface 
structure is found at the growing interface if it is 
within about 20° of a {111} face and if it is within 
about 10° of a {100}, but not otherwise. The struc- 


LIQUID _detait of interface 
shape. 


SOLID 


tures were obtained by interrupting crystal growth 
by very rapid removal of the solid from the liquid. 
Examples are shown in Fig. 7. 

It is evident that the whole of a surface that shows 
such structures cannot consist of special planes, for 
two reasons: the first is that only one set of such 
planes will be nearly enough parallel to the general 
surface to satisfy the conditions; and secondly, dif- 
ferent parts of the surface must be at different tem- 
peratures; it follows that these must be a progressive 
departure from the ideal shape (Fig. 8), so that the 
leading part which is at the highest temperature 
can advance nevertheless at the same speed as the 
rest of the surface. However, recent observations’ 
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Fig. 9—Temperature- 
time relationship near 
advancing interface. 


TEMPERATURE 


Aa TIME 


have shown that, under conditions of fairly fast 
advance of the interface in a situation similar to that 
used by Elbaum, the temperature gradient is very 
small close to the interface. The variation with time 
of the temperature at a fixed point is shown in Fig. 
9, in which the point A corresponds to the time when 
the interface passed the thermocouple. It follows 
that the various parts of the surface are at very 
nearly the same temperature and can therefore ad- 
vance at the same speed with very little difference 
in accommodation coefficient. 

One further conclusion must be drawn if the pro- 
cess under discussion is even approximately the real 
one; it is possible to calculate the way in which the 
“net rate” of melting or freezing varies with the 
temperature. If we make the most plausible as- 
sumption, that is, that the “activated” state for 
freezing or melting is the same as for diffusion in the 
liquid, it follows that the value of the accommoda- 
tion coefficient must be at least 0.01 unless the inter- 
face temperature is to vary with the net rate of 
freezing or melting to an extent that would seriously 
affect the use of freezing points as standard tem- 
peratures. Unless the accommodation coefficient is 
much less than this value, we cannot assume that 
freezing can take place only at a few selected sites, 
such as the “self perpetuating steps” that are as- 
sociated with screw dislocations in the growth of 
crystals from solutions or vapors. It is concluded 
that neither the “screw dislocation” nor any other 
“step” mechanism* is inherent in or necessary for 
crystal growth from the melt. 


Dendritic Freezing 

We must now consider the way in which the in- 
terface advances when the bulk of the liquid is be- 
low the equilibrium temperature, or, to be more 
general, where the supercooling S increases from the 
interface into the liquid. The temperature distri- 
bution is then as shown in Fig. 10. This situation 
will be referred to as a “temperature inversion.” It 
has been studied extensively by Weinberg and Chal- 
mers,” upon whose work the following conclusions 
are based. 

When there is a temperature inversion, it is evi- 
dent that any part of the interface that advances 
ahead of the rest reaches a region of greater super- 
cooling where it grows faster than the remainder. 
It therefore tends to get further ahead, and will 
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Fig. 11—Dendritic growth. 


rapidly form a “spike” sticking out into the liquid. 
The spike will start with a surface of arbitrary 
shape, but this will quickly resolve itself into a 
pyramid bounded by slow growing faces, because 
any other faces will “grow out.” This is illustrated 
in Fig. lla, in which four successive positions, 1, 2, 
3, and 4, of the surface are shown. The two faces 
AB and CD are the slowest growing and are the only 
ones that survive. However, one factor was ignored 
in this diagram, that is, that the supercooling S is 
greatest at the right and least at the left; so the real 
shape would be as shown in Fig. 11b. 

The effect of latent heat is to raise the temperature 
of the solid and the liquid near the interface to the 
equilibrium temperature. Unless the amount of 
supercooling is very large (e.g., 100° for lead), the 
whole of the liquid will have reached the equi- 
librium temperature before the whole of it has 
frozen. Consequently, the spike does not continue 
to grow outwards until all the liquid is used up. 
Instead, it grows until there is no supercooled 
liquid. In ordinary cases with a pure metal, in fact, 
it is difficult to get more than about 10 pct to freeze 
in this way. 

It has been pointed out by Fisher’ that the tip of 
the spike cannot be a point but must have a finite 
radius of curvature. In addition, he has suggested 
that the speed of advance of the tip of the spike 
will be limited by the conduction of the latent heat 
away from the “point.” He concludes that the speed 
should be proportional to the square of the super- 
cooling of the liquid into which it is growing. Re- 
cent measurements by Rosenberg” show that this 
prediction is closely satisfied. His results are 
shown in Fig. 12. 

No definite conclusions can be drawn from these 
experiments as to the temperature at the interface, 
which will be somewhere between the temperature 
of the liquid and the cquilibrium temperature, and 
will be related, as already discussed, to the rate of 
growth 

It is often observed that spikes of the kind de- 
scribed above occur at roughly uniform spacing, 
they follow definite crystailographic directions, and 
they branch along other equivalent directions. 

These observations can all be accounted for as 
follows: As soon as a spike forms, as a result of the 
instability caused by the temperature inversion, its 
growth is accompanied by the release of latent heat. 
This raises the temperature of the immediately sur- 
rounding liquid, which prevents the formation of 
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another spike in its immediate proximity or causes 
the suppression of an adjacent spike if it starts to 
form subsequently. There is thus a minimum sep- 
aration of the spikes. 

They tend to branch for the same reason that they 
form, that is, because there is a temperature inver- 
sion in the vicinity of a spike that is growing. 


Dendrite Direction 


Face-centered cubic <100> 
Body-centered cubic <100> 
Hexagonal close-packed <1010> 
Body-centered tetragonal (tin) <110> 


These secondary and higher order branches are 
spaced for the same reason as for the primary 
spikes. Examples of dendritic structures in a pure 
metal are shown in Fig. 13. These were obtained 
by decanting the liquid after solidification had pro- 
ceeded to the appropriate extent. If the liquid had 
not been decanted, solidification would have con- 
tinued by further advance of the smooth inter- 
face, in the absence of a temperature inversion, 
through the dendrites at a speed that is controlled 
by the extraction of heat through the solid. This is 
always much slower than the rate of dendrite 
growth. 

The remaining feature to be accounted for is the 
crystallographic one. It has been observed that 
there is a characteristic direction of dendrite 
growth for each crystal structure. Some of these 
are given in Table III. 

The common feature of these directions is that 
each forms the axis of a pyramid of the closest 
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Fig. 12—Experimental results of Rosenberg on relationship between 
supercooling and rate of growth of dendrites. 
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Fig. 13—Dendritic structures in lead. Photographs by Weinberg. 


packed planes that can form a pyramid (this ex- 
cludes the basal plane in the hexagonal structure). 
If the scheme proposed above for the formation of 
the spikes is accepted, it follows that these direc- 
tions should be the axes of the dendrites provided 
that all the faces grow at the same speed. This is 
to be expected because, normally, all four faces 
grow into liquid at the same temperature, and each 
grows by a process that is self-stabilizing; i.e., if it 
momentarily grows too fast, its evolution of latent 
heat is increased and this slows it down. It is pos- 
sible, however, that some asymmetry can be in- 
troduced, as for example by a transverse flow of 
the liquid metal, and this could cause one or two 
faces to grow faster than the others. This might 
account for the occasional curved dendrite reported 
by Rosenberg.” 


Curvature of the Interface 


It has been implicitly assumed so far that the 
interface is flat, because only under these conditions 
can we expect that G, = G,. If the surface of the 
solid is curved, “escape” from the solid should be 
possible when the direction of motion is within a 
larger solid angle than for escape from a flat sur- 
face; thus G, will be greater than for a flat surface. 
The converse effect will apply to atoms joining the 
solid, and G, will be decreased. It can be shown that, 
approximately, (Gy/Gr) = (1 + a/2r)/(1 — a/2r), 
where a is the diameter of an atom and 7 is the 
radius of curvature of the interface. On this basis, 
we should expect a very small crystal to have an 
equilibrium temperature considerably lower than 
that for a large crystal or a flat interface. The same 
criterion can be applied to the small crystal-like 
clusters of atoms that arise by chance in the liquid. 
Detailed development’ of the point of view out- 
lined above enables us to calculate not only the size 
of cluster that should be stable at any given tem- 
perature, but also the temperature at which such a 
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cluster would be likely to occur spontaneously. The 
results of such calculations agree closely with the 
experimental results of Turnbull" for the tempera- 
tures at which homogeneous nucleation occurs in 
supercooled liquid metals. 


Lattice Vacancies 

It is generally believed that a metal crystal con- 
tains a definite proportion of lattice vacancies, the 
number of which depends on the temperature. They 
are in thermodynamic equilibrium, and it follows 
that they may be produced during the freezing 
process. 

The following is proposed as a mechanism: let the 
interface be at the region PQ (Fig. 14), and let us 
consider the lattice site X on the surface of the crys- 
tal. It may be filled either by an atom from the 
liquid, or by an atom A from the next layer of the 
solid. If the latter, a vacancy will then exist at the 
point A. It may subsequently move in any direc- 
tion, and there is a chance that it will remain in the 
solid. The probability of a vacancy being formed by 
this mechanism will be given by e?/*"/e*r*", 
where Q, is the activation energy for the motion 
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Fig. 14—Formation of 
a@ vacant lattice site. 


of vacancies, and on the basis of the assumptions 
discussed above, this will be about 1 in 10°. If 
the interface is stationary, this number should be 
rather greater than the concentration of vacancies 
within the solid in equilibrium. If the interface is 
advancing, a greater number of vacancies will be 
found in the layers near the interface, because they 
have smaller chance of reaching the surface soon 
after they are formed. They will normally find 
some other way of leaving the crystal to maintain 
equilibrium. 


Origin of Lineage Structures 
The higher concentration of vacancies near the 
advancing interface helps us to understand the 
origin of lineage structures of the sort studied by 
Teghtsoonian and Chalmers,” and perhaps other 


Fig. 15—Lineage structures in tin. Photographs by Teghtsoonian. 
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sorts, as follows: A typical lineage structure is 
shown in Fig. 15. It is probable that if there is a 
considerable concentration of vacancies toward the 
interface, they may tend to condense to form 
“disks.” If such a disk is bounded at one side by the 
interface, it will exceed its critical size and become 
stable at half the size it would require if it were 
completely in the solid. As Seitz has pointed out, 
such a disk can collapse, leaving a “ring” of edge 
dislocation; the “half disk”, bounded by the inter- 
face, can also collapse, giving a “half loop” of edge 
dislocation, as illustrated in Fig. 16. The two ends 
of the half loop will be perpetuated as edge dis- 
locations that increase in length as the interface 
moves. 

The plane in which the half loop forms will de- 
pend upon the structure, and perhaps on the orien- 
tation of the crystal, but it is possible that the for- 
mation of such imperfections is inherent in growth 
of metallic crystal from the melt. It appears from 
Teghtsoonian’s work on tin that there are about 10° 
dislocations of this kind produced for each cubic 
centimeter of crystal, at least in the first part to be 
formed. When enough dislocations have formed, 
they tend to move in their slip planes to form the 
arrays that are observed as the lineage boundaries. 
In order to do this, the dislocation lines must bend 
so as to acquire components that are parallel to 
their Burger’s vectors, that is, components of screw 
dislocation. 


Fig. 16—Dislocation 
“half loop.” 
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It is suggested that the half loops and the screw 
dislocation components are able to behave as 
Frank-Reed sources end that the whole dislocation 
content of crystals grown from the melt may origi- 
nate in this way. The rate of generation of half 
loops and screw components would be nearly con- 
stant, even after the lineage has reached a constant 
angular severity. The newly formed dislocations 
would then have an even chance of combining de- 
structively with an already existing dislocation and 
of remaining in the crystal. Two possible conse- 
quences might follow and are being looked for: one 
is that there should be some anisotropy of plastic 
deformation in relation to the direction of growth; 
the other is that the dislocation half loops might 
possibly be caused to slip out of the crystal by 
means of a shear stress applied parallel to the inter- 
face, in an appropriate sequence of directions, dur- 
ing growth of the crystal. 

It is interesting that the lineage boundaries do 
not always form in a direction parallel to that of the 
heat flow. As demonstrated by Teghtsoonian for 
tin, and as observed qualitatively for other metals, 
the direction of the boundaries is a function of both 
the crystallography and ‘he speed of advance of the 
interface. In tin at low speeds (below about 1 mm 
per min), they are always normal to the interface. 
At higher speeds they tend to deviate to a progres- 
sive extent toward a characteristic direction (if this 
does not coincide with the heat flow direction). This 
characteristic direction appears to be the same as 
the characteristic direction for dendrite growth. 
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As will be shown later, a second type of substruc- 
ture is found to have the same direction of forma- 
tion as the lineage structure. This suggests that the 
direction of growth of these structures is determined 
by the shape and movement of the interface. The 
explanation may be as follows: it is quite likely 
that the growth direction only departs from the 
direction of heat flow when there is a surface struc- 
ture, and we may therefore consider how an inter- 
face with the structure moves forward. Let us as- 
sume that the interface is shaped as shown in 
Fig. 17. We are interested in the direction of ad- 
vance of the points A and B. These will be deter- 
mined by the relative rates of growth onto the faces 
AB and AC. If these are similar faces (e.g., both 
{111}), then they would grow at equal speeds if 
they were at the same temperature. In that case the 
points A and B would move along the directions ry 
and 2’y’, which are the same as the characteristic 
dendrite directions. The temperatures and speeds 
of growth of the faces AB and AC will depend, how- 
ever, on the rate at which the latent heat is con- 
ducted away from these regions. Since there is no 
temperature inversion, the flow of heat must be to 
the left in Fig. 17, and so the amount of heat that is 
conducted away from an element of interface in 
unit time will depend on the projected area BC or 
CD of the surface. Thus the rate of extraction of 
latent heat per unit area would be slower from AB 
than from AC, and in the extreme case of slow 
growth, the rates of advance in the forward direc- 
tion would be equal. The behavior at intermediate 
speeds could be due to the flat temperature gradi- 
ent immediately ahead of the interface, which 
would cause the structure to become larger in size. 
This would allow the isothermal surfaces to depart 
from flatness and to follow to some extent the con- 
tour of the surface structure. This would reduce 
the “projected area” effect and result in a com- 
promise between growth in the direction of heat 
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Fig. 18—Seeding technique for producing a bicrystal. 
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flow and growth in the “characteristic direction” of 
the crystal. 
Direction of Crystal Boundary 

We must consider next the direction of formation 
of the boundary between two crystals of different 
orientations that grow side by side. Experiments 
on this subject are conveniently conducted by 
“seeding” the melt with two seed crystals, as in 
Fig. 18, in which A and B are the seed crystals. 
Freezing takes place from left to right, and a 
boundary forms along the line CD. 

CD may be inclined to the direction of heat flow 
CH, and it is found that it deviates away from the 
crystal in which a “characteristic direction” is 
closest to the direction of growth. This characteris- 
tic direction is identical with the direction of den- 
drite growth discussed above. The extent of the 
deviation increases with speed of growth and with 
the difference in orientation. 

A proposed explanation is as follows: the tem- 
peratures of different parts of the interface of the 
bicrystal must so adjust themselves that they all 
move forward at the same rate. Parts which have a 
higher accommodation coefficient would advance 
more rapidly if at the same temperature, and there- 
fore will be at a point of less supercooling, and 
further “forward” therefore than the parts with 
lower accommodation coefficient. Thus a composite 
interface would be as in Fig. 19. Let us consider 
two extreme orientations, that of crystal A being 
such that it has the maximum possible accommoda- 
tion coefficient, while B has the minimum possible 
accommodation coefficient. It follows that if they 
are at the same temperature, A will grow faster than 
B, or A will be ahead of B if they are growing at the 
same speed. Therefore, a “step” P.Q. should exist 
at the interface. Such steps have been observed.’ It 
can also be seen that the crystal with the highest 
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Fig. 19—Interface of a bicrystal. 


accommodation coefficient will be the one that has 
its characteristic direction most nearly normal to 
the mean interface. Any growth onto the step will 
correspond to deviation of the boundary in the ob- 
served direction. It is to be expected that the height 
of the step, and the rate of lateral deviation, should 
increase with the speed of growth. 


Columnar Freezing 

The occurrence and preferred orientation of the 
columnar zone in ingots can now be accounted for, 
as follows: the initial contact of hot metal and cold 
mold causes very rapid chilling of the metal near 
the mold to a temperatuve that is low enough to 
cause freezing to start from many nuclei, either on 
the mold wall or close to it. The growth of these 
crystals and conduction of heat from the interior of 
the liquid toward the mold wall raise the tempera- 
ture in this, the “chill” zone, to a temperature close 
to the equilibrium temperature. At this stage there 
cannot be a temperature inversion, and conse- 
quently, if we are still considering a pure metal, a 
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Fig. 20—Columnar 
zone (schematic). 


smooth interface will be formed. It will advance 
into the ingot at a speed that is determined by the 
rate of conduction of the latent heat of fusion out- 
wards through the metal that has already solidified, 
and the mold. The boundaries between the adjacent 
crystals will behave in the way described above. A 
sketch of the situation is shown in Fig. 20. A typi- 
cal ingot structure is shown in Fig. 21. 

It will be evident that some crystals are oriented 
more favorably for survival than others. These will 
all have a “dendrite direction” nearly perpendicular 
to the mold wall. This agrees exactly with the pre- 
ferred orientations that are observed in the parts of 
ingots that have solidified in this manner. When a 
pure metal solidifies to form an ingot, the columnar 
zone is never dendritic in the sense in which this 
term is used herein; and there is never an equiaxed 
zone in the center of such an ingot, as there usually 
is in the case of an alloy. 


Freezing of Alloys 

We may now consider the application of the 
kinetic theory of the interface to alloys. The dis- 
cussion at the outset will be limited to single-phase 
alloys. The most striking feature of such an alloy is 
that, in most cases, the equilibrium temperature is 
lower than for the pure metal and corresponds to 
equilibrium between liquid which contains more, 
and a solid that contains less, of the solute. There 
are, of course, a few cases in which the tempera- 
ture is higher and the liquid is purer than the solid. 
The application of the theory to this case will be 
evident when the more common case has been con- 
sidered. 

Let us now consider the phenomena in terms of 
an idealized case, represented in Fig. 22, in which 
T, is the equilibrium temperature for the pure sol- 
vent A, and T,’ is the equilibrium temperature for a 
solid containing C,, and a liquid containing C, of 
solute B. Equilibrium at the temperature T,’ will 
exist if the equality of freezing and melting rates is 
satisfied both for the solvent A and for the solute B. 
If we consider only the solvent A for the moment, 


Fig. 21—Typical ingot structure. 
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we conclude that, for T,’ to be lowered as we add 
more of B, the effect of adding B is either to in- 
crease the “rate of melting” or to decrease the “rate 
of freezing” of A. The simplest assumption is that 
the rate of freezing of A is reduced as a result of the 
“dilution” of A, in the liquid, by the presence of B. 
The “dilution” effect in the solid will be less in the 
case under consideration, because there is less solute 
in the solid than in the liquid. 


The Distribution Coefficient 
In order to explain this, we must now consider 
the equilibrium of the solute B. At equilibrium the 
rate of melting of B is equal to the rate of freezing 


Fig. 22—Binary equi- 
librium diagram. 
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of B; but we must now take into account the differ- 
ent concentrations of B in the solid and the liquid. 
The equilibrium condition for B now becomes 


C, Ay Gy ver A, Gp v 


If this is combined with the corresponding equation 
for tne solvent, and certain simplifying assumptions 
are made, we find that 


Cc. Qs — 
Cc’, RT,’ 


where QQ“, and Q”, are the activation energies for 
melting the solvent and the solute at the tempera- 
ture T,’. The ratio C,/C, is the quantity usually 
called the distribution coefficient, k. It is interest- 
ing to note that, as shown elsewhere, the solidus 
and liquidus will be very nearly linear and will 
have the difference of slope required by the Van 
t’Hoff relationship,“ if we assume that the activa- 
tion energies are unaffected by the concentration 
of solute. The general form of the result is that the 
solidus and liquidus temperatures will drop more 
rapidly with increasing concentration as the solvent 
and solute atoms differ more in size, valency, and 
electrochemical characteristics. This difference is 
represented by the difference in energy of solvent 
and solute atoms in the solid. It will be recognized 
that these energies should be related to the activa- 
tion energies for self-diffusion of the solvent and 
for diffusion of solute in the solvent. Hence, it is 


interesting to compare the values of k found exper- 
imentally with those calculated on the assumption 


Fig. 23—Distribution of 
solute in liquid. 
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Table IV. Measured and Calculated Values of k 
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that the quantity (Q“,—Q’’,) is equal to the dif- 
ference of activation energies for self-diffusion of 
A and for diffusion of B in A. Table IV shows the 
results. It should be noted that the values of the 
activation energies for diffusion are those derived 
by Nowick” from a reconsideration of the existing 
data. 

The above discussion refers to conditions of equi- 
librium. It is shown elsewhere’ that the effective 
value k is changed somewhat when freezing or 
melting occurs. 


Redistribution of Solute During Freezing 

The full significance of the distribution coefficient 
k has only been realized comparatively recently 
with the rapid development of interest in the ef- 
fects of minute amounts of solutes in crystals of 
germanium. As a result, several calculations have 
been made, using different assumptions, of the way 
in which a solute should be distributed in the solid. 
One major assumption that has been made in all the 
calculations is that the concentration is uniform in 
any cross section taken perpendicularly to the di- 
rection of crystal growth. This assumption is prob- 
ably justified when very dilute solutions are under 
consideration but, as shown by Rutter and Chal- 
mers,” it is not necessarily true under other con- 
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Fig. 24—Constitutional supercooling. 


Let us again consider a solution of the solute B 
in the solvent A, Fig. 22. Consider an alloy of 
composition C, which is cooled from a high tem- 
perature. When it reaches T,’, freezing may begin, 
the solid that is formed having the composition Cs. 
This solid contains less of B than the liquid from 
which it was formed, and it follows that the liquid 
close to the interface receives some extra solute. 
The composition of the liquid at the interface 


TRANSACTIONS AIME 


Te 
TEMP 
! 


therefore moves to the right and freezing continues 
at a rather lower temperature than T,’. The extent 
to which this continues depends upon the mixing 
that occurs between the liquid at the interface and 
the bulk of liquid that has not received extra so- 
lute. There are several processes that may take 
place, and it is not possible to say in general terms 
which will predominate. It is possible to calculate, 
as shown by Pfann,” what happens if there is al- 
ways complete mixing of the liquid, so that the liq- 
uid at the interface is always at the mean composi- 
tion of the liquid which remains. It is also possible to 
make the opposite extreme assumption™ that there 
is no mixing except that due to diffusion in the liq- 
uid. There is little doubt that there will be some 
diffusion and some mixing, and that the composi- 


Fig. 25—Cellular in- 
terface structure. 


tion of the liquid will in fact be given by a curve 
such as that shown in Fig. 23. An important con- 
sequence of the existence of a curve of this general 
form has been pointed out by Rutter and Chal- 
mers; each value of the composition corresponds 
to a definite temperature at which freezing can 
begin. This relationship is in fact the upper or 
liquidus line of Fig. 22. The higher the concentra- 
tion becomes, the lower will be the liquidus tem- 
perature. Therefore, the liquidus temperature must 
vary with distance from the interface in roughly the 
way shown in Fig. 24 (T,). It follows that even if 
the temperature rises with increasing distance from 
the interface (curve T) there may be a region in 
which the actual temperature is below the liquidus. 
Such a region is said to be “constitutionally super- 
cooled,” and corresponds to a temperature inver- 
sion as defined above. There are three possible 
effects that may occur as a result of the existence 
of a region of constitutional supercooling. As with 
any other temperature inversion, a smooth inter- 
face is unstable, and so a series of projections will 
begin to form. If the thickness of the supercooled 
layer is small, these projections will only extend a 
correspondingly short distance ahead of the inter- 
face, and their growing points will move forward 
at a speed controlled by the advance of the limit 
of the supercooled zone and not by the controlling 
mechanism that operates in normal dendrite 
growth. The projections will contain a lower pro- 
portion of solute than the liquid, and so the liquid 
surrounding each of these growing points will be 
enriched in solute. This will set up concentration 
gradients that will cause lateral diffusion of solute 
to the regions midway between the growing points. 
The enhanced solute content lowers the liquidus 
temperature so that the regions midway between 
the growing points are retarded, resulting in a 
stable interface profile of the kind shown in Fig. 25. 
The growing points tend to become uniformly 
spaced, and each becomes a separate “cell” which 
maintains its identity. The cell walls are regions 
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a—top. b—bottom. 
Fig. 26—Cellular structure. Photographs by Rutter. 


of rather high solute content. A typical interface is 
shown in Fig. 26a, while Fig. 26b shows a view of 
the top surface of a single crystal which contains 
the substructure. Calculations” show that a very 
small amount of impurity (e.g., 0.01 pct) is suffi- 
cient to cause this effect to appear, but that it can 
be prevented either by very slow growth, which 
allows the solute to diffuse into the liquid more 
effectively, or by imposing a “steeper”? temperature 
gradient, which reduces or eliminates the region of 
constitutional supercooling. 

The second consequence of the temperature in- 
version that results from constitutional supercool- 
ing, as pointed out by Winegard and Chalmers,” is 
that dendritic growth can occur in a direction of 
rising temperature. Without the concept of constitu- 
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Fig. 27—Temperature and liquidus temperature distribution 
in a freezing ingot. 
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tional supercooling we could not account for the 
growth of dendrites toward the center of an ingot, 
for example, because the temperature must be low- 
est at the surface and highest in the interior. Thus 
when there is an extensive zone of constitutional 
supercooling, dendritic growth may occur in very 
much the same way as when pure metals are sub- 
jected to a temperature inversion. The chief dif- 
ference is that, in an alloy, growth of the dendrite 
changes the composition of the liquid in such a 
direction as to lower its liquidus in the vicinity of 
the interface. This tends to slow down the growth 
of the dendrites, and this may constitute the mech- 
anism of speed control rather than the thermal 
conduction mechanism that should be effective in 
pure metals. 

We can see, therefore, why the columnar zone 
in alloys is usually dendritic; in fact, it would re- 
quire very special conditions to prevent this hap- 
pening. A necessary consequence of dendritic 
growth is the occurrence of interdendritic segrega- 
tion. The initial spines of the dendrites will contain 
the least solute or impurities, while the later parts, 
between the dendrites, will contain progressively 
more. There will also, of course, be a tendency for 
the concentration of the solutes to increase as we go 
from the outside of an ingot toward the center. 
This is normal segregation, which may be reversed, 
locally, by the inverse segregation that can be 
caused by the flow, away from the center, of en- 
riched interdendritic liquid.” 

The third result of constitutional supercooling is 
the nucleation of new crystals in the region ahead 
of an advancing interface. One of the fundamentals 
of nucleation theory is that a new crystal cannot 
begin unless there is some supercooling. In the 
interior of an ingot in which a columnar structure 
has been established, this can only occur by con- 
stitutional supercooling; but a large part of an alloy 
ingot usually consists of equiaxed crystals that 
obviously had been nucleated in the liquid in the 
interior of the ingot. The schematic diagram of Fig. 
27 shows how a large zone in the center of an ingot 
can be supercooled while it is still at or above the 
temperature of the interface. This effect can be 
very large, in fact it was shown by Winegard and 
Chalmers” that, if no nucleation of new crystal 
happened first, it could reach about 120°C of super- 
cooling in a 10 pet Sn-Cu alloy. The formation of 
a crystal nucleus in the liquid has several effects: 
latent heat is generated as the crystal grows, and 
this raises the temperature of the crystal above that 
of the surrounding liquid. This sets up a tempera- 
ture inversion, as a result of which the freshly nu- 
cleated crystal grows dendritically. This agrees 
with the observation that the equiaxed crystals are 
always dendritic. Secondly, the growth of the 
freshly nucleated crystal gradually raises the tem- 
perature of the whole of the liquid and causes 
changes of composition that depress the liquidus 
temperature. Consequently, all supercooling will 
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Fig. 28—Redistribution of solute in a terminal zone. 


COMPOSITION 


530—JOURNAL OF METALS, MAY 1954 


Co Co/k 


a , B 
/ 
COMPOSITION 
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have disappeared while there is still a considerable 
quantity of liquid. Dendritic growth stops at this 
stage. The alloy then consists of a suspension of 
small dendritic crystals in the remaining liquid. 
Such a suspension has a pasty kind of consistency, 
which it retains until the process of freezing is 
completed by the subsequent loss of heat through 
the already formed massive solid at the outside of 
the ingot. 

The “pasty” condition is not an inherent prop- 
erty of an alloy. As Davis and Morris” have shown, 
it can be caused to occur at will in an alloy of, for 
example, tin and lead, by controlling the occurrence 
of constitutional supercooling. 

It has been noted frequently that an alloy, as it 
is found in the cast form, has phases in it which 
would not be anticipated from the equilibrium 
diagram. For example, if we take a bronze con- 
taining 5 pct Sn, the 8 phase should not occur. 
However, it does frequently occur, and it would be 
useful if we could predict when this should happen. 
The problem is that of the terminal zone of the 
redistribution of solute, represented in Fig. 28. 

While the solute is able to diffuse away from the 
interface, the composition of the solid at the inter- 
face does not exceed C,, the composition of the bulk 
liquid; but if, as a result of the impingement of 
other crystals, diffusion is prevented, then the com- 
position of the liquid at the interface can go on 
rising above the normal value C,/k and another 
phase such as the § phase in Fig. 29, may appear. 
The detailed calculation of the limiting value of C 
has not been made even for the ideal case of a cyl- 
inder of liquid, and it would be even more difficult 
for the real case of the “pool” of liquid between 
several crystals growing toward each other. 

One of the factors that has not been discussed is 
the effect of gravity. There are, in fact, two pos- 
sible effects which may have some influence on the 
structure of a cast alloy. The first is that the den- 
sity of the liquid close to a freezing interface will, 
by virtue of its changed composition, be either more 
or less than that of the remaining liquid. It will 
therefore tend either to rise or to sink, and a con- 
vection current will be set up even if there is no 
temperature gradient. This, as pointed out by 
Wagner,” will contribute to the “mixing” of the 
liquid. The second aspect is that the equiaxed 
crystals that nucleate within the liquid generally 
will not have the same density as the liquid, and 
they will either tend to rise or to sink. This may 
cause the columnar zone to extend further from the 
bottom or top, respectively, of the mold cavity. It 
will also cause the distribution of the constituents 
of the alloy to be different from that which other- 
wise would be expected. 

A further point is in connection with the use of 
nucleating agents. The purpose of such additives is 
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to increase the number, or decrease the size, of the 
equiaxed grains, and to reduce the extent of the 
columnar zone. It is evident that they can only 
work when both of two conditions are satisfied: 
there must be some supercooling, and there must be 
a close enough match between the crystal structure 
of the nucleating particle and the structure that is 
to be nucleated. The former of these conditions 
usually cannot be satisfied in the case of a sub- 
stantially pure metal. 


Porosity 


Of the three aspects of “structure,” two have 
now been discussed: these are the shape, size, and 
orientation of the crystals, and the distribution of 
the chemical species that are present. We must now 
discuss the third, namely, the physical continuity 
or lack of continuity of the solid. This problem, 
which includes the origin of all kinds of cavities, 
porosity, and cracks, appears to be separable into 
two parts: the occurrence of discontinuities during 
the process of freezing, and the formation of cracks 
during subsequent cooling. Only the former of 
these two categories lies within the scope of this 
lecture. We will confine our attention to those 
metals and alloys in which the solid occupies a 
smaller volume than the liquid. This includes all 
the metals and alloys which are of interest be- 
cause of their mechanical properties, and many 
others as well. The reasons for the contraction 
which occurs on freezing are evident. In the metals 
under discussion, the atoms in the solid are closely 
packed or nearly so, while the more random ar- 
rangement of the liquid causes each atom, on the 
average, to occupy a rather larger volume than in 
the solid. It would require an enormous force to 
compress the liquid to occupy the same volume as 
the solid, and it is not possible to “stretch” the 
solid to occupy the same space as the liquid. It is 
therefore evident that when a liquid metal is al- 
lowed to freeze, some space will be left that was 
originally occupied by the liquid. The volume of 
this space cannot be changed, but its distribution is 
profoundly affected by the conditions under which 
freezing occurs and by the presence of dissolved 
gases. 

It is customary to consider porosity due to 
shrinkage and porosity due to gas evolution as two 
entirely separate problems, but it may be more de- 
sirable to consider that both gas evolution and 
shrinkage play their part except in the special case 
of a metal from which all the gas has been removed. 
Let us therefore consider next the redistribution 
of a solute gas during solidification. 

It will be readily seen that redistribution of a dis- 
solved gas that is relatively insoluble in the solid 
will take place for the same reasons, and in much 
the same way, as for any other solute. The only 
important difference is the effect of pressure on the 
nucleation and growth of bubbles of the gas. This 
is because the “limit of solubility” or saturation gas 
content depends to a very marked extent on the 
external pressure, whereas the corresponding equi- 
librium cunditions for a solid phase are almost inde- 
pendent of pressure. Departure from normal pres- 
sure during freezing can take place for two reasons: 
the more obvious is that an external pressure can be 
applied as part of the casting process. This may be 
due to a head of liquid metal, or to centrifugal 
force, or it may be applied directly as in a pressure 
die casting. The second possible cause is the shrink- 
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age of the solidifying metal. Any portion of liquid 
that is totally enclosed by solid will undergo a 
reduction of pressure as freezing progresses. 

Let us consider what may happen to the gases 
dissolved in a liquid metal while freezing takes 
place. We will first assume the simple case of linear 
heat flow. The gas content of the liquid near the 
interface will increase as a result of rejection of gas 
by the solid, and gas will diffuse in the liquid away 
from the interface. The result will be a gradual rise 
in the gas content just ahead of the interface as it 
advances. The metal is, at this stage, under the same 
pressure that was applied originally; at some point 
the gas content will reach the saturation level for 
this pressure. From this point on, it is possible for 
gas bubbles to form. However, the formation of a 
very small bubble requires a considerable degree of 
supersaturation. It is assisted by the presence of any 
surface on which the bubble can form. Such nucle- 
ating surfaces may be the interface, especially in- 
terdendritic regions where the surface is markedly 
concave to the liquid. We therefore expect to find 
that bubbles will form after the interface has ad- 
vanced a considerable distance. The distance would 
depend on the initial gas content. 

Once a bubble has formed it tends to grow, be- 
cause the reduction in the curvature of its surface as 
it becomes larger allows it to be in equilibrium with 
a progressively decreasing level of supersaturation; 
so a bubble that has nucleated tends to absorb gas 
from the immediately surrounding liquid. This sets 
up a concentration gradient that causes more gas 
to diffuse toward the bubble. The rate of growth 
therefore is determined by the distribution of gas 
at the time when the bubble is formed, and it could 
in principle be calculated. Simultaneously with the 
growth of the bubble, the interface moves forward, 
and the fate of the bubble depends upon the rela- 
tive rates of advance of the interface and growth of 
the bubble. If the bubble grows very slowly, it may 
be encircled by the advancing interface and would 
exist in the solid as a roughly spherical cavity. This 
is probably not very common, because the super- 
saturation existing at nucleation usually causes the 
bubble to grow more rapidly. The second, and 
much more common, case is when the bubble grows 
at about the same speed as the interface advances. 
This causes elongation of the bubble into roughly 
cylindrical form. This form of bubble appears to be 
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rather stable, and is frequently found in ice formed 
from water containing a considerable amount of 
dissolved air. It is also found in some metals. An 
example is shown in Fig. 30. The “wormholes” are 
in all cases nearly perpendicular to the interface. 

If the bubble grows very rapidly and if there is 
a vertical path along which it can rise away from 
the interface, it may break away and either escape 
to the surface or be trapped at some other region of 
the interface. 

The types of cavity discussed so far are caused 
entirely by gas evolution, are of generally rounded 
shape, and are relatively harmless mechanically. 

We must now consider the way in which the se- 
quence of events is altered when shrinkage becomes 
important. There are two ways in which liquid 
metal can become isolated and therefore subject to 
decreasing pressure. The first is when the whole 
surface freezes first, and freezing takes place in- 
wards from this “crust.” The usual result in this 
case is a large cavity near the top. This will con- 
tain gas, but is essentially caused by shrinkage. 

The other case is when interdendritic material, 
with liquidus temperature lowered by increase of 
solute content, is still liquid while the surrounding 
metal has become solid. Each such “island” of 
liquid will decrease in pressure, and this will en- 
courage the nucleation of a gas bubble. The bubble 
will rapidly take up all the excess gas in the adja- 
cent liquid, and so in general each “island” will 
contain one cavity. If the gas content is extremely 
low, then no bubble is formed and the result would 
be a large number of very much finer pores. 

Another distinct type of porosity, due to shrink- 
age, may occur as follows: if the liquid metai that 
is poured into a mold is so hot that the initially 
formed, chilled layer is melted before columnar 
freezing starts, then the columnar grains, when 
they form, will be dendritic and there will be inter- 
dendritic liquid between them all the way to the 
surface, i.e., to the mold wall. When shrinkage be- 
comes significant as a result of growth of the colum- 
nar dendrites, interdendritic liquid will be sucked 
inwards, away from the surface. This causes inter- 
dendritic porosity at and near the surface. This 
type of porosity does not usually occur in the same 
casting as gas evolution porosity. It is sometimes 
ascribed to a mold-metal reaction. 
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Technical Note 


Isothermal Temper Embrittlement and the Effect of Hardness 


On Transition Temperature 
by B. C. Woodfine 


HEREAS it is generally assumed that the 
highest temperature at which temper brittle- 
ness takes place is about 625°C," ** Jaffe, Buffum, 
and coworkers have referred in several recent 
papers’ ** ' to the occurrence of temper brittleness 
in an SAE 3140 steel at 650° and 675°C. Their re- 
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sults show that a considerable increase in transition 


B. C. WOODFINE is associated with the Metallurgy Divisional 
Laboratory, The British Iron and Steel Research Association, Shef- 
field, England. 

TN 211E. Manuscript, Oct. 2, 1953. 


TRANSACTIONS AIME 


4 
a 


temperature* occurred on tempering at 675°C, and 


* The temperature of the tough to brittle transition in the V- 
notch Charpy impact test. 

the authors imply that the increase is a manifesta- 
tion of the temper embrittlement which develops at 
lower temperatures in this steel. The purpose of 
this note is to point out that the changes in transi- 
tion temperature which take place on tempering a 
low alloy steel above 650°C can be explained by the 
normal processes of tempering and are not the re- 
sult of an abnormal embrittling change. 

In a recent paper, Carr, Goldman, Jaffe, and Buf- 
fum,' by applying a hardness correction of —0.28°C 
per BHN to the measured transition temperature of 
specimens tempered at 675°, assumed that this 
must always decrease with the hardness and thus 
they conclude that any increase in transition tem- 
perature on tempering must be due to “temper 
embrittlement,” nature unspecified. This implies 
that none of the normal structural changes which 
proceed during tempering can possibly increase the 
transition temperature, and hence assumes either 
that the ferrite grain size does not change on tem- 
pering or that the ferrite grain size does not affect 
the transition temperature. Both these assumptions 
are incorrect, as shown by the work of Fisher and 
Boyce’ and Baeyertz, Craig, and Bumps,’ respectively. 

On tempering a low alloy steel the main structural 
changes that occur (in the absence of intergranular 
temper brittleness) after the initial breakdown of 
the martensite are: 1—the spheroidization and 
growth of the carbide particles, 2—the growth of 
the ferrite grains, and 3—the partition of the alloy- 
ing elements between the carbide and ferrite. Of 
these, the first will decrease the yield stress, the 
second will decrease the brittle fracture strength, 
and the third will probably decrease both. The 
effect of changes in the yield stress and brittle frac- 
ture strength on the transition temperature can be 
predicted by using a recently proposed theory” “ 
which demonstrates how the latter is determined by 
the interrelation between yield stress, brittle fracture 
strength, strain, and temperature. To simplify the 
discussion it will be assumed that the transition 
temperature depends principally on the relative 
values of yield stress and brittle fracture strength. 
The diagrams previously presented*” show that 
decreasing the yield stress lowers the transition 
temperature while decreasing the brittle fracture 
strength raises it. 

At low tempering temperatures and initially at 
higher temperatures the decreasing yield stress will 
have the greatest influence on the transition temper- 
ature because the ferrite grains are very small and 
their growth is slow. Under these conditions the 
transition temperature falls with the hardness. 
However, with prolonged tempering, particularly 
above 600°C, the effect of the decreasing yield stress 
is outweighed by the decrease in brittle strength 
produced by the ferrite grain growth, and hence the 
transition temperature increases although the hard- 
ness continues to fall. Thus these simple consider- 
ations lead to the conclusion that with prolonged 
tempering the transition temperature will first de- 
crease with hardness and then increase. This result 
is in fact obtained when the data of Jaffe, Buffum, 
and coworkers” ‘ for the SAE 3140 steel is replotted 
as in Fig. 1. The transition temperature decreases 
with hardness to a minimum of —84°C at R. 25 and 
then increases almost linearly with further decrease 
in hardness. This dependence of transition temper- 
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Fig. 1—Relationship between hardness and transition temperature 
for results of Jaffe, Buffum, and coworkers.” 


ature on hardness is clearly independent of inter- 
granular temper brittleness which can occur without 
any change in hardness being observed.” 

Although the results in Fig. 1 fit a smooth curve, 
it is not intended to imply that all combinations of 
tempering time and temperature above 600° will 
necessarily give points on the same line. This would 
be equivalent to assuming that the yield stress and 
brittle fracture strength were fixed for any given 
hardness. The ferrite grain size and hence the brittle 
strength may well be different in specimens which 
have been given different treatments to produce the 
same hardness. If any intergranular temper em- 
brittlement occurs on tempering then points will be 
found which are displaced to higher transition tem- 
peratures from the hardness/transition temperature 
curve. 

The increase in transition temperature observed 
in an SAE 3140 steel on prolonged tempering at 650° 
and 675°C can be explained as the result of ferrite 
grain growth and is thus clearly distinct from the 
temper brittleness which occurs at lower tempera- 
tures in this steel. Although Libsch, Powers, and 
Bhat" have suggested that any increase in transition 
temperature on tempering should be called “temper 
brittleness” regardless of the source or cause of the 
embrittlement, a better understanding of the funda- 
mental changes involved will be achieved if the 
various types of embrittlement are clearly distin- 
guished as separate processes. 
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HIS is the third in a series of papers from the 

Metals Research Laboratory dealing with the 
transfer of sulphur across the iron-slag interface in 
a carbon-saturated system. The first paper’ showed 
that the transfer obeyed first-order kinetics. The 
second’ presented detailed evidence in support of the 
three-stage mechanism: 


FeSw., [1] 
+ Cad CaScies + [2] 
FeQwisg + C = Fe + CO. [3] 


This emphasized the role of an iron-sulphur com- 
plex as the transfer agent across the interface and 
as an essential intermediate in the overall process. 

The present paper shows the influence on the 
process of the individual elements, carbon, silicon, 
manganese, and phosphorus, the alloying elements 
normally present and of interest in commercial blast 
furnace operations, aluminum, which has a pro- 
nounced accelerating influence, and nickel and cop- 
per, which are common minor impurities in the raw 
materials. The experimental methods and proced- 
ures for interpretation of data are the same as 
described earlier." Induction heated, graphite cru- 
cibles were used, and sulphur-free slag was added 
to the molten iron containing sulphur and the se- 
lected alloy. Slag samples were taken at regular 
time intervals and analyzed for sulphur and other 
components of interest. 

The authors wish to state specifically that these 
experiments were not intended to simulate indus- 
trial blast furnace operations. However, they do 
represent a study of the kinetics and mechanism of 
sulphur transfer at the slag-metal interface under 
specified laboratory control of the major variables 
in the system. It is believed that the results can be 
usefully applied to the blast furnace if consideration 
is given to the differences which are known to exist 
between the two conditions. 

A rigorous evaluation of the accuracy of rate 
studies is difficult. Recognized sources of error in- 
clude sampling and analysis of both slag and metal, 
temperature measurement and control, selection of 
zero time, composition of the gaseous atmosphere 
over the reaction system, and extraneous sources of 
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Effect of Si, Mn, P, Al, C, Ni, and Cu on the Mechanism Of 
Sulphur Transfer Across a Slag-Metal Interface 


by K. M. Goldman, G. Derge, and W. O. Philbrook 


sulphur from the graphite crucible and reagent 
materials. In this study carefully standardized pro- 
cedures were followed consistently in order to mini- 
mize the errors. It is believed that the reproducibil- 
ity of duplicate runs indicates that errors have been 
rendered negligible relative to the observed effects 
from intentional variables. For example, original 
experimental points for duplicate runs are shown in 
Figs. 1, 2, 7, etc. In most cases in this paper the 
drawn curves represent an average of at least two 
heats. The spread in sulphur values at a given time 
ranges from 0.02 to 0.08 pct, which is a small frac- 
tion of the total values ranging up to 2 pct S in slag. 

In the systematic study of the influence of alloy 
additions, each element was added over a range of 
concentrations. The two slags used in this study 
were designated as “acid” or 1530 and “basic” or 
1545. They had the nominal compositions given in 
Table I. Rates were measured in the temperature 
range 1500° to 1650°C. Data will now be presented 
to illustrate the various features of the study. 

Silicon 

The first alloying element examined was silicon, 
because its presence is unavoidable in any silicate 
slag system through the reaction 


+ xM ve) + M,O, [4] 


where M is any reducing agent such as iron or car- 
bon. It is known that the attainment of equilibrium 
by this reaction is extremely slow and probably not 
reached in the blast furnace.’ The influence of sili- 
con on the final stages of the sulphur reaction has 
also been studied.‘ It has been shown’ that silicon 
increases the activity of sulphur in iron. For such 
reasons silicon may also be expected to influence 
the kinetics of the reaction. The observed effects 
will now be described. 

The general procedure was to melt 530 grams of 
ingot iron in a graphite crucible, 3 in. OD, 2% in. 
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Fig. 1—Effect of alloyed silicon on sulphur transfer with acid 
slags, 1500°C. 
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Fig. 2—Effect of alloyed silicon on sulphur transfer with basic 
slags, 1500°C. 
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ID, 5 in. deep. When the melt was saturated with 
carbon, ferrosilicon was added, the temperature ad- 
justed, and granulated ferrous sulphide added to 
achieve a nominal bath composition of 0.8 pct S. As 
explained in the earlier paper,’ these conditions 
were selected to minimize sulphur variation in the 
metal during a run and thus simplify the theoretical 
treatment. Experiments have shown that the rate 
constants derived on this basis can be applied to 
lower sulphur compositions. A preliminary metal 
sample was taken and the prepared slag added. Slag 
samples were dipped at determined time intervals 
and a final metal sample was taken at the end of the 
run. Initial compositions ranged from 0.43 to 1.30 
pet Si, and the temperature range studied was from 
1500° to 1620°C. 

The original data at 1500°C for the percentage of 
sulphur in the slag vs time are shown for the acid 


Table |. Nominal Compositions of Slags 


Nominal Composition, Pet 


Slag Designation ALO; cao 810, 
Basic or 1545 15 45 40 
Acid or 1530 15 30 55 


slag in Fig. 1 and for the basic slag in Fig. 2. The 
procedure of Chang and Goldman’ was applied to 
these data to obtain the specific rate constants* 


*In writing rate constants, . the convention n will be followed of 
indicating the alloying element in the iron by a superscript, Si in 
this example, and the direction of sulphur transfer by a subscript, 
m for transfer from metal to slag, and s for slag te metal. 


7 and a The graphical determination of the 
rate constants involved a plot of values of dC,/dt, 
the slopes of the rate curve taken at selected con- 
centration levels, against C,, the corresponding con- 
centration of sulphur in the slag. In all cases this 
plot was linear, indicating that the presence of sili- 
con had not altered the first-order kinetics of the 
process. This statement is equally true for each of 
the other alloying elements reported in this paper 
and will not be repeated for each individual case. 

The values of K"',, and K", calculated from the 
data by the method just outlined are plotted as a 
function of initial silicon content of the metal for 
the acid slag at 1500°C in Fig. 3 and for the basic 
slag in Fig. 4. (Initial silicon was used as the basis 
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of plotting because the silicon content of the metal 
changed during the run, increasing under acid slags 
and decreasing under basic slags, as will be noted 
later.) Similar data were obtained for the extremes 
of silicon content at two other temperatures, and the 
effect of temperature on K™',, is shown for the basic 
slag as a plot of log K"',, vs 1/T in Fig. 5. The values 
of K*', are not shown, since they show no additional 
features of interest. This also applies to the other 
alloys considered in this paper. The observed influ- 
ence of silicon as an alloying element is to increase 
the rate of desulphurization under all conditions in- 
vestigated. 

The effect of silicon on the amount of iron found 
in the slag during sulphur transfer was also studied. 
The maximum in the curve of combined iron in the 
slag vs time, which is characteristic of the unalloyed 
system,’ is also evident in the presence of silicon; it 
is most pronounced at higher temperatures and with 
more basic slags. As has been pointed out,’ this be- 
havior is to be expected of an intermediate compo- 
nent in a sequence of reactions such as postulated 
for the desulphurization mechanism. The chief dif- 
ference caused by silicon is that the molar ratio of 
iron to sulphur in the slag is much lower than for 
the unalloyed system. Silicon may serve in step 1 to 
supplement iron as a sulphur carrier similar to man- 
ganese (see later discussion), but the data are in- 
adequate to confirm this. Another interpretation is 
that silicon contributes to lowering the iron oxide 
content of the slag and speeding the desulphurization 
reaction by acting along with carbon in step 3 to 
remove oxygen from the slag-metal interface. 

The interesting feature of the role of alloyed 
silicon in desulphurization is that it is effective 
under both acid and basic slags. It was observed 
that silicon was always reduced from silica in the 
acid slag—at an essentially constant rate regardless 
of silicon level—but silicon was oxidized from the 
metal under basic slags; see Table II. In desulphur- 
ization the silicon must serve therefore to deoxidize 
the slag (step 3) more rapidly than can be done by 
carbon alone, even when the silicon content is not 
high enough to create a lower oxygen potential than 
would be equivalent to equilibrium with carbon. 

Further evidence that the simultaneous reduction 
of silica, or the presence of silica as a source of oxy- 
gen, is not deleterious to desulphurization is offered 
by an alloy-free experiment on the rate of desul- 


Rate Constants, 


10 5 


initial Concentration of Silicon in iron 
(wt %) 
Fig. 3—Effect of alloyed silicon on rate constants for sulphur 
transfer with acid slags, 1500°C. 
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Fig. 4—Effect of alloyed silicon on rate constants for sulphur 
transfer with basic slags, 1500°C. 
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Fig. 5—Temperature dependence of rate constants for sulphur 
transfer with alloyed silicon and basic slags. 
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Fig. 6—Comporison of sulphur transfer curves for slags of same 
basicity with and without silica. 
Al,O,, Pet CeO, Pet SiO,, Pet 
Silica free 50 50 0 
With silica 15 50 35 


phurization by a slag composed of 50 pct CaO and 
50 pet Al,O,, without any silica content except for 
incidental impurity in the raw materials. This can 
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Fig. 7—Eftect of alloyed manganese on sulphur transfer with acid 
slags, 1500°C. 


be compared with a heat by Chang and Goldman for 
a slag of comparable basicity composed of 50 pct 
CaO, 15 pct Al,O,, 35 pct SiO, at the same tempera- 
ture, where an initial silica reduction should have 
occurred. The curves showing the rate of sulphur 
pickup by these two slags are given in Fig. 6 and are 
identical within experimental accuracy. Thus, the 
slag where no silica reduction was possible had no 
advantage in desulphurizing power. Furthermore, 
the usual high iron content of the slag at intermedi- 
ate times was noted under the calcium aluminate 
slag, indicating that the iron enters the slags in as- 
sociation with sulphur and not as iron oxide formed 


Table I!. Change of Silicon in Iron Under Acid and Basic Slags 


Si in Iron, Pet 


Slag 
Designation 


1530 


as the result of silica reduction. From these obser- 
vations it is concluded that the desulphurization 
reaction and the reduction of silica, even though 
occurring concurrently, are not phenomenologically 
related. 
Manganese 

The influence of manganese on the desulphuriza- 
tion reaction was studied, because this metal is 
normally present in blast furnace iron and operators 
have frequently associated it favorably with desul- 
phurization.*™ It has also been the subject of labo- 
ratory studies,“ which have assigned this action to 
the strong interaction of manganese and sulphur in 
iron solutions, resulting in a decrease in sulphur 
activity. The original rate curves for increasing 
amounts of manganese in iron up to 0.73 pct Mn are 
shown for acid slags at 1500°C in Fig. 7, and up to 
0.53 pet Mn in iron for basic slags at 1500°C in Fig. 
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8. The rate constants calculated from these data are 
listed in Table III. The increase in rate of the reac- 
tion with increase in temperature with 0.4 pct Mn is 
shown for both acid and basic slags in Fig. 9, which 
plots log K™"’,, vs 1/T. The expected Arrhenius rela- 
tion is obeyed. 

The accompanying phenomena peculiar to desul- 
phurization in the presence of manganese are also of 
interest. Unlike silicon, alloyed manganese decreases 
the activity of sulphur in iron, but nevertheless it 
increases the rate of sulphur transfer to slag. Ap- 
parently manganese acts even more effectively than 
iron in reaction 1 of the mechanism and promotes the 
overall process in this way. An auxiliary reaction 


is required 
MnS,,. [la] 


This is seen from Fig. 10, which compares the molar 
quantities of iron and manganese in the acid slags 
as a function of mols of sulphur in the slag for the 
entire series of manganese rate determinations at 
1500°C. Comparing this with similar data in the 
alloy free system:* the slope of the iron vs sulphur 
curve in the absence of manganese is 1.7; with man- 
ganese it drops to 0.25, but now manganese has 
assumed the predominant role and the slope of the 
manganese vs sulphur curve is 0.85. In order to 
provide suitable control data for these experiments 
it is necessary to determine the rate of manganese 
transfer to the slags in the absence of sulphur. 
These data wili be presented in suitable detail in a 
separate paper. Manganese may also function in 
reaction 3, but no clear evidence of this has been 
obtained. 
Carbon 


It is, of course, imperative to understand the role 
of carbon in the desulphurization process, since blast 
furnace iron is nominally saturated with this ele- 
ment while in the hearth, and because of the general 
importance of carbon in all iron and steelmaking 
operations. The broad significance of the function of 
carbon in desulphurization has long been recognized 
through the realization that sulphur removal is most 
effective under reducing conditions and that the 
carbon-oxygen reaction plays a dominant role in the 
oxygen control of the refining system. It is also 
known that carbon increases the activity of sulphur 
in iron.” 

In the other parts of this study the slag-metal sys- 
tem was contained in a graphite crucible and both 
phases were in equilibrium with carbon. The modi- 
fied crucible assembly required to study variations 
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Time,min 

Fig. 8—Effect of alloyed manganese on sulphur transfer with basic 

slags, 1500°C. 
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Table Ill. Rate Constants for Desulphurization as a Function of 
Manganese Concentrations 


Mn, Pet Cenditions 


Acid slag, 
1500°C 


Basic slag, 
1500°C 


in carbon content of the iron is shown in Fig. 11. 
The silica crucible (D) permitted the melting of iron 
of any desired carbon content, while the graphite 
ring (E) kept the slag in equilibrium with carbon 
(i.e., the same oxygen activity as in the graphite 
crucible), and the graphite sleeve (F) maintained 
the same atmosphere as in the remainder of the 
study. The original data for the acid slags are shown 
in Fig. 12 and for the basic slags in Fig. 13. The rate 
constants calculated from these data are listed in 
Table IV. It was assumed that the temperature co- 
efficient determined by Chang and Goldman’ for the 
carbon-saturated system could be applied over the 
entire range of carbon composition. Changes in the 
iron content of the slag were observed in association 
with the sulphur reaction. They were consistent 
with the proposed mechanism and the data will not 
be presented in detail. Thus, in addition to its nor- 
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Fig. 9—Temperature dependence of rate constants for sulphur 
transfer with alloyed manganese, acid and basic slags. 
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Concentration of Mangonese and tron in Slog 
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Fig. 10—Molar relations between iron, manganese, and sulphur in 
acid slags, 1500°C. 
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Fig. 11—Schematic section of crucible assembly for low car- 
bon heats. 


mal function in relation to oxygen, alloy carbon has 
a direct influence in favor of desulphurization. 


Phosphorus, Copper, and Nickel 

Since varying amounts of phosphorus are nor- 
mally present in the blast furnace, its influence on 
the desulphurization reaction was examined for both 
acid slags and basic slags by making nominal alloy 
additions of 0.1 and 1 pet P. No significant varia- 
tions from the alloy-free runs were observed and 
the data will not be reported. 

Copper and nickel were also included in the study 
because they frequently enter the system as minor 
raw material impurities and because it has been 
suggested that copper may play an effective role in 
desulphurization.” Nickel might influence the mech- 
anism due to its chemical similarity to iron. Runs 
were made in both acid and basic slags with up to 
1 pet of copper and nickel in the iron, but no signifi- 
cant departures from the behavior of alloy-free 
heats were observed. 


Aluminum 

Unlike the other elements studied, aluminum is 
not a normal component of blast furnace irons. It 
was included in the study as a means of testing the 
reaction mechanism, with the expectation that it 
should function like silicon, but more effectively, in 
favoring step 3 and maintaining a low oxygen activ- 
ity at the slag-metal interface. The alumina formed 
by this reaction would dissolve in the slag. The 
original data are shown in Fig. 14 for acid slags at 
1550°C and for basic slags at 1500°C. It is apparent 
that aluminum additions are unusually effective in 


Table IV. Rate Constants for Desulphurization as a Function of 
Carbon Concentration 


C, Pet Kom Conditions 
0.8 0.00071 Acid slag, 
24 0.00071 1640°C 
3.0 0.0016 
45 0.0022 
08 0.00068 
45 0. 
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Fig. 12—Effect of alloyed carbon on sulphur transfer with acid 
slags, 1635°C. 
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Fig. 13—Effect of alloyed carbon on sulphur transfer with basic 
slags, 1520°C. 
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Fig. 14—Effect of alloyed aluminum on sulphur transfer with acid 
slags at 1550°C, and basic slags at 1500°C. The 0 and 0.05 pct Al 
are acid slags and the 0.32 and 0.37 pct Al are basic slags. 


increasing the rate of desulphurization, and this will 
be considered in more detail in another section. 


Table V. Reduction of Silica from Basic Slags in the Presence 
of Alloyed Aluminum 


Al in Iron, Pet Si in Iron, Pet 
Heat No Initial Final Initial Final 
G41 0.37 0.07 0.02° 0.15 
G62 032 0.12 002° 025 
39 ~ 0.74 0.02 0.15 
50 0.78 002 0.16 


* Nominal. 
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Other features associated with the addition of 
aluminum were observed. The increased rate of sul- 
phur transfer is accompanied by a high iron content 
of the slags, as shown in Fig. 15 for basic slags. Here 
the iron content of the slag during sulphur transfer 
is compared with that when no sulphur is present. 
In both cases nominal additions of 1 pct Al were 
made at the beginning of the run. Thus the iron in 
the slag is associated definitely with the sulphur 
transfer. In these runs the aluminum was effective 
in lowering the oxygen activity, as indicated by the 
reduction of silicon from the basic slag shown in 
Table V. Comparison with Table II will show that 
this reduction does not occur in the absence of 
aluminum. 

The data for iron in slag in the aluminum runs 
were more erratic than normal. This is attributed 
to sampling difficulties. It was observed that the 
iron beads in the slag which are commonly associ- 
ated with the sulphur reaction® “ were much more 
profuse in the aluminum runs. The separation of 
metallic iron in the slag was thus more difficult and 
uncertain. These same beads, however, provided 
metallographic confirmation of step 3 of the reaction 
mechanism. Fig. 16 shows the beads adhering to a 
carbon monoxide gas bubble which was trapped in 
the slag during freezing at the end of a run. Fig. 17 
shows a micrograph of one of these trapped beads. 
The dendrites can be identified as pro-eutectoid 
austenite, proving that the beads were not mechani- 
cally entrained portions of the iron bath, which was 
carbon-saturated and could not exhibit this struc- 
ture. Thus, the beads were formed in the slag by 
reaction 3. 

General Conclusions 

The relative effectiveness of the various alloy ele- 
ments on the rate of sulphur transfer is observed by 
the comparison of the rate constants in Fig. 18 for 
acid slags and Fig. 19 for basic slags. Copper, nickel, 
and phosphorus have not been included, as they have 
no observable influence on the rate. Of the other ele- 
ments studied, carbon, silicon, manganese, and alu- 
minum all increase the rate of sulphur transfer 
from iron to carbon-saturated slag with increasing 
effectiveness in the order named. The supplemen- 
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Fig. 15—Iron in basic slag associated with sulphur transfer 
with alloyed aluminum, 1500°C. 
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Fig. 16—Section of trapped gas bubble in acid slag, showing iron 
beads associated with sulphur reaction. X5.5 


Fig. 17—Micrograph of iron bead of type shown in Fig. 16, showing 
dendrites of primary austenite. Nital etch. X250. 
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Fig. 18—Comparison of the effect of alloying elements on 
rate constants for sulphur transfer with acid slags. 
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Fig. 19—Comparison of the effect of alloying elements on 
rate constants for sulphur transfer with basic slags. 


tary data allow interpretation of reasons for the 
influence of the individual elements in terms of the 
three-stage mechanism: 

= [la] 


MS tan + + CaS... [2a] 


MO + Ree M + ROG [3a] 
where R = C, Si, Al, Mn (?) and M = Fe, Mn, Si (7). 


On the basis of the observed relations between 
sulphur, iron, and manganese in the slag during the 
reaction, it seems clear that in the unalloyed system 
iron is the principal carrier of sulphur across the 
slag-metal interface in step 1. When manganese is 
present as an alloying element, it not only replaces 
iron as indicated in reaction la, but causes the over- 
all process to proceed more rapidly. Although the 
data approach the stoichiometric relations of Fe.S 
and MnS in the slag, the evidence does not establish 
the identity of these molecular entities, and the re- 
actions as written are only intended to indicate the 
type of metal-sulphur complex involved in the 
process. On the basis of chemical similarity, copper 
and nickel might have been expected to participate 
in the reaction in the same manner as manganese, 
but no evidence for this was obtained. 

The elements silicon and aluminum appear to act 
through reaction 3 by supplanting carbon in remov- 
ing oxygen from the system. Since the oxides of 
these elements are already present in the slag in 
large amounts, it would not be observed directly if 
they acted as sulphur carriers in step 1. In the case 
of aluminum, large amounts of iron are still ob- 
served in the slag, both chemically combined and as 
droplets. The participation of these elements in 
reaction 3 can be studied quantitatively through 
their influence on carbon monoxide evolution. This 
is in progress and will be the subject of a separate 
publication. 

The influence of the various alloying elements on 
the activity of sulphur in iron is known” and has 
been carefully considered in interpretation of the 
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data. The use of activities instead of concentrations 
does not alter the percentage variation of rate con- 
stants for a given alloy with composition. Neither 
does the consideration of sulphur activity account 
even qualitatively for the influence of the different 
alloy elements on the rate of sulphur transfer. For 
example, manganese decreases the sulphur activity 
but increases the rate of transfer. Other factors 
such as interfacial energies, viscosity, and diffusion 
therefore must be rate determining and additional 
study will be required to understand these processes. 
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Mechanism and Rate-Controlling Factors in The 
Dissolution of Gold in Cyanide Solution 


by V. Kudryk and H. H. Kellogg 


The factors which control the rate of dissolution of pure gold in 
cyanide solution were studied both directly and through measure- 


ment of the current-potential curves for the anodic and cathodic 
portions of the reaction. The mechanism of dissolution is probably 
electrochemical in nature, and the rate is determined by the rate of 
diffusion of dissolved oxygen or cyanide to the gold surface, de- 
pending on their relative concentrations. The significance of the 
results and the effects of impurities are pis as 


LTHOUGH the dissolution of gold in aerated 
cyanide solutions has been used as an industrial 
process for treatment of gold ores since the late 
nineteenth century, the factors which determine the 
rate of the reaction have never been identified unam- 
biguously. Studies of the rate of dissolution by 
Maclaurin,' White,’ Christy,’ Beyers,* Thompson," 
and others are contradictory in their conclusions; 
some claiming that diffusion of the reactants to the 
gold surface controls the rate, and others that the 
chemical reaction is inherently slow and related to 
high activation energy for the reaction. Christy’® and 
Thompson’ both suggest that the reaction is electro- 
chemical in nature and that the dissolution of gold 
proceeds at local anodic regions while the oxygen is 
reduced at cathodic regions on the gold surface. Al- 
though their studies are ingenious and do indicate 
an electrochemical reaction under the conditions of 
study, their experiments were of limited nature and 
failed to identify the rate-controlling process in the 
system. 

The importance from an industrial viewpoint of a 
knowledge of the mechanism and rate-controlling 
factors in gold dissolution can be illustrated as fol- 
lows: If the rate is controlled by a slow chemical 
reaction rather than by diffusion of the reactants, 
then an increased temperature should have a marked 
accelerating effect; agitation of the slurry should 
have no effect on rate; and increased concentration 
of reactants should cause acceleration of the rate. If 
the rate is controlled by the diffusion of one or the 
other of the reactants to the gold surface, then in- 
creased agitation should increase the rate; increased 
temperature will increase the rate, but not as much 
as for the case of a slow chemical reaction; increased 
concentration of the reactant which is diffusion lim- 
ited will increase the rate; and the concentration of 
other reactants should be without effect on the rate. 
It may be concluded that for design of a commercial 
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process for gold leaching, the rate-controlling fac- 
tors of the reaction should be understood so that an 
intelligent choice of the conditions of agitation, tem- 
perature, and reactant concentration may be made. 

The experiments described here lead to the unam- 
biguous conclusion that in a system of pure gold and 
a pure aerated cyanide solution the rate of dissolu- 
tion is controlled either by the rate of diffusion of 
dissolved oxygen or cyanide to the gold surface, 
depending on the relative concentrations of each. 
There is also ample, but not conclusive, evidence 
that the mechanism of the reaction is identical to 
that of electrochemical corrosion. The practical sig- 
nificance of these conclusions will be discussed later 
in the paper. 

Experimental 

The experimental method used in this work was 
to employ an electrolytic cell which performed the 
overall gold-dissolution reaction, and to study the 
anodic and cathodic reactions of this cell as to their 
nature and the rate-controlling factors. Simple ex- 
periments on the rate of dissolution and the potential 
of the dissolving specimen also were performed 
under conditions of agitation, temperature, and con- 
centration identical to those used in the electrode 
studies. Analysis of the electrode studies by well 
established theories of electrochemical corrosion 
were made, and the results were found to bear a 
one-to-one relation with actual rate and potential 
measurements. 

Electrode Studies: The Anodic Reaction: The gold 
specimen used for all of the electrode studies and 
the rate determination consisted of a sheet of 99.99 + 
pet Au wrapped around a lucite rod and sealed at 
the edges with plastic cement, thus forming a cylin- 
der of gold of known and constant area (8.0 sq cm). 
The lucite rod was threaded into a brass spindle 
which could be rotated at speeds of 100, 300, and 500 
rpm. For the electrode studies electrical contact 
between the gold cylinder and the brass spindle was 
made by means of a gold strip covered with plastic. 

The anodic dissolution of gold was studied by im- 
mersing the electrode in a solution containing known 
concentrations of KCN and KAu(CN), but free of 
oxygen, and by passing an anodic current through 
the gold electrode. The pH of the solution was main- 
tained between 10.5 to 11.0 in these and all other 
tests by addition of KOH. The pH was measured 
before and after each test by means of a glass-elec- 
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Fig. 1—Sketch of electrolytic cell. G—Gold electrode which can be 
rotated at 100 to 500 rpm. S—Mercury well to provide cir-tight 
seal and electrical contact with rotating electrode. A—dAuxiliary 
electrode for completion of the cell circuit. F—Sintered glass disk 
to prevent mixing of electrolyte in the two half-cells. M—Cali- 
brated galvanometer to measure current. |—Glass tube for filling 
cell and for admission of nitrogen. Tube can be raised above the 
liquid surface when desired. E—Gas outlet tube. B—KCI salt 
bridge. C—Saturated calomel electrode. P—Potentiometer. 


trode pH meter. One-half percent of KCl was added 
to all solutions to achieve a greater electrolytic con- 
ductivity. The cell design and electrical measuring 
circuit are shown schematically in Fig. 1. An external 
source of electromotive force was used to generate 
the desired current, and this current was measured 
by a calibrated galvanometer. The potential of the 
gold electrode was measured with reference to a 
saturated calomel electrode by means of a potentio- 
meter. The entire cell was immersed in a water bath 
to control temperature to +1°C. 

The solutions were de-aerated by boiling and 
were immediately sucked into the nitrogen-filled 
cell. Thereafter a stream of purified nitrogen was 
passed over the surface of the solution during the 
course of the experiment. 

The relation between the gold potential and the 
anodic current was measured for a variety of condi- 
tions of temperature, concentration, and rate of rota- 
tion of the electrode. A typical set of anodic curves, 
showing the effect of the cyanide concentration, is 
given in Fig. 4. Anodic curves for other conditions 
of agitation and temperature are shown in Figs. 6 to 
9. The sign convention for all potentials reported in 
this paper is such that a copper-copper sulphate 
electrode is positive, and zinc-zinc sulphate is nega- 
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tive; all potentials are reported relative to the satu- 
rated calomel electrode at 27°C. 

The stoichiometry of the anodic reaction was 
proven to be 


Au’ + 2CN- = Au(CN), +e {1] 


by measurements of the amount of gold dissolved, 
with a silver coulometer in series to measure the 
amount of current passed. Duplicate tests proved 
that 1 gram-mol of gold is dissolved by the passage 
of 1 Faraday of electricity through the electrode 
within the precision of the analytical results (about 
+ 5 pet of the amount of gold dissolved). 

The Cathodic Reaction: The cathodic reaction was 
studied by using the gold electrode in an electrolyte 
free of cyanide but containing oxygen of a known 
partial pressure. These solutions also contained 0.5 
pet KCl and sufficient KOH to achieve a pH of 10.5 
to 11.0. A cathodic current was passed through the 
gold electrode, and the potential of the gold with 
respect to the saturated calomel electrode was meas- 
ured as a function of the current. The oxygen con- 
tent of the electrolyte was fixed by bubbling O,-N: 
mixtures of known composition and 1 atm pressure 
through the electrolyte for 1 hr before the test was 
made, and by passing the gas mixture over the sur- 
face of the electrolyte during the test. The con- 
sumption of O, by the electrode reaction during any 
one test was small enough so that the solution con- 
centration did not change appreciably. 

Current-potential measurements for the cathodic 
reaction were made for il pct O., air, 61 pct O,, and 
99.5 pet O,, and at various temperatures and rates of 
rotation. A typical set of cathodic curves, showing 
the effect of oxygen concentration, are given in Fig. 
5. Cathodic curves for other conditions of agitation 
and temperature are shown in Figs. 6 to 9. 

The cathodic reduction of O, at a metal surface 
may yield either peroxide or hydroxide as the prod- 
uct. In these experiments no peroxide was detected 
and the polarization curves show only one “wave” 
at about the height expected for reduction of O, to 
OH. For these and other reasons to be discussed 
later, it was concluded that the cathode reaction 
could be represented by 


O, + 2H,O + 4e = 40H. [2] 


At a mercury surface peroxide forms as an inter- 
mediate product, while at a platinum surface hy- 
droxide is the product." Recently Halpern and Deitz’ 
have shown that peroxide is the product when silver 
is dissolved in aerated cyanide. Bodleander* reported 
peroxide as an intermediate product in gold dissolu- 
tion. However, in these experiments with pure gold 
all indications point to hydroxide as the product of 
the cathodic reduction. 

Dissolution Tests: In the dissolution tests the gold 
specimen was identical to that used in the electrode 
measurements. The solution containing KCN, KCl, 
and KOH of the desired concentrations was satu- 
rated with the desired O.-N, mixture. The gold 
specimen then was placed in the solution and rotated 
at the desired speed for a measured length of time, 
while the gas mixture was passed over the surface 
of the solution. One liter of solution was used in 
each case and about 10 to 20 mg of gold dissolved. 
The gold content of the solutions was determined by 
the method recently reported by Schellinger,’ and in 
each case the entire solution, rather than an aliquot, 
was used. Duplicate dissolution tests checked within 
+ 5 pet. 
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During the dissolution tests the potential of the 
gold specimen was measured relative to the satu- 
rated calomel electrode. The results of the dissolu- 
tion-rate experiments are given in Figs. 10, 11, and 
12, for various conditions of temperature, concentra- 
tion, and rate of agitation. The rate is expressed as 
milligrams of gold dissolved per square centimeter 
per hour. The results of the dissolution-potential 
measurements are given in Figs. 13, 14, and 15. 


Discussion of Results 

Theory of Electrochemical Corrosion: The gener- 
ally accepted theory of electrochemical corrosion™ 
considers two adjacent areas of the corroding speci- 
men, one of which is cathodic and the other anodic 
(Fig. 2), which form a short-circuited electrolytic 
cell. The electromotive force of the cell can be ex- 
pressed as E, — E,, where E, is the potential of the 
cathode and E, is the potential of the anode. The 
current flow in the local cell will be given by 


E,—E,=I1 (Ry + Ra) [3] 


where I! is the current, Ry is the resistance of the 
short-circuited metal path, and R, is the resistance 
of the electrolytic path through the solution. 

E. and E, are functions of the current because of 
overvoltage and polarization. In particular, E, will 
became cathodically polarized (potential will be- 
come more negative or less positive under the “prac- 
tical” sign convention used in this paper), and E, 
will become anodically polarized. Fig. 3 shows, for a 
hypothetical case, how the values of E. and E, are 
polarized and approach each other in magnitude as 
the current is increased from zero. If one pictures 
the state of affairs the instant a corrosion cell is 
formed, the current in the cell is zero and the value 
of E, — E, is a maximum. The potential difference 
causes a current to flow, and as this current increases 
from zero, the driving force, E. — E,, decreases in 
magnitude due to the polarization effect. Eventually 
the decrease in driving force and the corresponding 
increase in potential drop, I (Ry + R,), will just 
balance and a steady-state current will result. The 
value of the steady-state current will depend on the 
magnitude of (Ry, + R,)—the smaller is the value of 
(Ry + R,;), the smaller will be the value of E. — E,, 
and the larger will be the steady-state current. The 
limiting case is reached where the value of (Ry + 
R,) approaches zero, E, — E, approaches zero, and 
the current reaches the value given by point O on 
Fig. 3. The value of the current, I,,,,, at the inter- 
section point, O, is the theoretical maximum current 
which can flow in a spontaneous corrosion cell. Cur- 
rents higher than this theoretical maximum could 
only be achieved by application of an external elec- 
tromotive force to the cell, because under these cir- 


Fig. 3—Current-poten- 
tial curves for a cor- 
rosion cell. 
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Fig. 4—Current-potential curves for gold anode. Constant condi- 
tions: 80°F (27°C); 300 rpm; 10 mg per liter of gold as Au(CN),”; 
for Figs. 4 to 9, pH is 10.5 to 11.0, KCI is 0.5 pct, and electrode 
area is 8.0 sq cm. 


cumstances E, is more negative than E, and the cell 
possesses a back electromotive force rather than a 
spontaneous electromotive force. 

In a real corrosion cell Ry is the resistance of a 
short-circuited metal path, and its magnitude is 
almost negligible. Likewise, if the anodic and cath- 
odic areas of the specimen are close together and if 
the solution conductivity is high, R, will be small 
but not negligible. In practice, therefore, the value 
of (Ry + R,) will be small, E, — E, will be small, 
and the actual steady-state corrosion current will 
have a value close to that of /,,,,. but slightly lower, 
as indicated on Fig. 3 by I,. 

The potential of the corroding specimen E, will be 
given approximately by the potential of the inter- 
section point O, since the current flowing in the cor- 
rosion cell has caused E, and E, to become very 
nearly equal. 

If the dissolution of gold in aerated cyanide solu- 
tions is of an electrochemical nature, then the actual 
rate of dissolution and actual potential of the dis- 
solving gold should correspond closely with the 
intersection point of the anodic and cathodic poten- 
tial curves. The actual dissolution rate should be 
slightly lower than the theoretical maximum rate 
because of finite resistance in the corrosion cell. 
Furthermore, from the shape of the anodic and cath- 
odic overvoltage curves, the nature of the rate- 
determining process may be determined. 

The Anodic Reaction: The anodic current-poten- 
tial curves, shown in Figs. 4 and 6 to 9, indicate 
typical diffusion waves. A maximum current is 
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reached. That the horizontal sections of these curves 
result from the maximum rate of diffusion of cya- 
nide to the gold electrode is established by the rea- 
sons which follow: 

1—The height of the wave at constant tempera- 
ture and revolutions per minute was found to be 
directly proportional to the concentration of cyanide 
in the solution (+ 10 pct). 

2—-The height of the wave at constant cyanide 
concentration and constant temperature increases 
linearly with increased rate of rotation of the elec- 
trode in the range 100 to 500 rpm (see Fig. 16). A 
similar dependency of diffusion rate on the rate of 
rotation of a cylindrical specimen has been reported 
for other processes known to be diffusion-controlled.” 

3—The height of the wave at constant cyanide 
concentration and constant revolutions per minute 
increases about 2.5 pct per centigrade-degree rise 
in temperature. Such a temperature coefficient, 
which corresponds to an energy of activation of 3.5 
to 4.0 kcal, is characteristic of a diffusion-controlled 
process. 

Application of Fick’s law for the steady-state dif- 
fusion of cyanide to the gold surface yields 


(cn ) — (CN Je | [5] 


where R,, is the rate of diffusion of (CN) to the 
gold surface, mol per sq cm per sec; Dex, the diffu- 
sivity of cyanide ion, sq cm per sec; d, the thickness 
of the diffusion layer at the electrode surface, cm; 
(CN’), the molar concentration of cyanide in the 
bulk of the solution; and (CN )e, the molar concen- 
tration of cyanide at the electrode surface. 

Eq. 5 makes the assumption of a uniform bulk 
concentration of cyanide and a thin stagnant diffu- 
sion layer with constant concentration gradient at 
the electrode surface. These assumptions are com- 
monly applied to reaction systems, such as that 


iL L i i 
SLACTRODS POTEFTIAL (welts ref, 8.0.8.) 


Fig. 5—Current-potential curves for reduction of oxygen at a gold 
cathode. Constant conditions: 80°F (27°C); 300 rpm. 
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POTEFTIAL (welts ref. 6.0.8.) 
Fig. 6—Anodic and cathodic current-potential curves for gold. 
Constant conditions: 80°F (27°C); 100 rpm; cathode curve is for 
air saturation, 21 pct O, at 1 atm pressure. 
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POTENTIAL (volte ref. 5.0.8.) 
Re. 7—Anodic and cathodic current-potential curves for gold. 
tant conditions: same as Fig. 6, but 300 rpm. 


employed in this work, and are not found to be in 
serious error.” 

It may be further assumed that the amount of 
cyanide ion which reaches the anode surface by 
electrical migration is negligible, since in this work 
the concentration of K*, Cl, and OH are relatively 
large compared with the concentration of CN, 
hence the transport number of CN will be very 
small. If migration of cyanide is negligible, then 
Eq. 5 expresses the total rate at which cyanide 
reaches the anode surface. Since it requires two 
mols of cyanide ion to dissolve one mol of gold, the 
rate of dissolution of gold, R,, will be given by 


R Ren Des CN CN" | 6 
‘ ( )— ( Je}. [6] 


The rate of dissolution of gold is also related to 
the current density by the Faraday law relation 


7 
[7] 


where R, is the rate of dissolution of gold, mol per 
sq cm per sec; I, the current density, amp per sq cm; 
F, Faraday constant, 96,500 coulomb per equiva- 
lent; and n 1 equivalents of charge per mol of 
gold dissolved. 

For the diffusion-limited case (the maximum 
height of the diffusion wave), (CN-)e is zero, and 
Eq. 6 reduces to 


Tox 


R Des (CN-) = 8 
4 2d )= F [ ] 


TRANSACTIONS AIME 


3.0 
a. 
| 
He? | 
| 
ra | 
I 28 — 
68 2, 
\ 
| 


where I,, is the value of the current density at the 
horizontal portion of the diffusion wave. Eq. 8 
should be valid for those conditions where the rate 
of dissolution of gold is limited by the rate at which 
cyanide can diffuse to the gold surface. It predicts 
a direct dependence of the rate of gold dissolution 
on the concentration of cyanide, and on the diffu- 
sivity of cyanide. (The value of D,, should increase 
with an increase in temperature.) The rate of dis- 
solution of gold should be inversely proportional to 
the thickness of the diffusion layer at the gold sur- 
face, but because the value of d is inversely propor- 
tional to the rate of rotation, the overall effect is a 
direct proportionality between R, and the revolutions 
per minute of the electrode. 

The Cathodic Reaction: The reduction of oxygen 
at the gold electrode also shows a characteristic 
diffusion-limited wave (see Figs. 5 to 9). The proofs 
for the conclusion that the horizontal portions of the 
cathodic current-potential plots represent the maxi- 
mum rate of diffusion of oxygen to the gold surface 
follow: 

1—The height of the wave at constant tempera- 
ture and revolutions per minute was found to be 
directly proportional to the partial pressure of oxy- 
gen over the solution (and hence to the concentra- 
tion of dissolved oxygen) within the limits of 
accuracy of the method (+ 10 pct). 

2—-At constant oxygen pressure and constant tem- 
perature the height of the wave increased linearly 
with increased revolutions per minute of the elec- 
trode in the range 100 to 500 rpm (see Fig. 16). 

3—At constant oxygen pressure and constant 
revolutions per minute the height of the wave in- 
creased about 2.5 pct per centigrade-degree rise in 
temperature (provided the decreased solubility of 
oxygen with increased temperature is taken into ac- 
count). It should be noted that the overall effect of 
temperature on the height of the cathodic wave is 
proportionally less than the effect on the anodic 
wave, because increased temperature decreases the 
solubility of oxygen in water (see Fig. 9). 

If a similar calculation, based on Fick’s law, is 
made for the cathode reaction, the result is 


Do, 
d 


Since 1 mol of oxygen when reduced to hydroxy! 
will consume four electrons, it will oxidize 4 mols of 
gold. Thus 


Ro, = [9] 


[ (O.) (O,)e | 


4Do, 


Ra = 4Ro, = [10] 


[ (O.) — (0.)e | . 


POTERTIAL (volte ref. 


Fig. 8—Anodic and cathodic current-potential curves for gold. 
Constant conditions: same as for Fig. 6, but 500 rpm. 
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POTENTIAL (volte ref, 6.0.8.) 

Fig. 9—Anodic and cathodic current-potential curves for gold. 

Constant conditions: 300 rpm; for anodic curves KCN is 0.01 pct; 

for cathodic curves the solution is saturated with air (21 pct O,) 


at | atm. 


T 
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0,10 0.25 0.9 

Fig. 10—Comparison of theoretical maximum and measured dissolu- 

tion rates of gold. Half-filled circle—Theoretical maximum rate. 

Open circle—Measured rate. Constant conditions: 80°F (27°C); 

solution saturated with air (21 pct O.) at | atm pressure. 


©,005 


For the diffusion-limited case (O,)e is zero and Eq. 
10 reduces to 


4Do, (O,) 


11 
[11] 
In Eqs. 9 to 11 the new symbols have the following 
meaning: Ro, is the rate of diffusion of O, to gold 
surface, mol per sq sm per sec; Do,, the diffusivity of 
O., sq cm per sec; (O,), the molar concentration of 
O, in the bulk solution; and (O,)e, the molar con- 
centration of O, at the electrode surface. 

Eq. 11 should be valid for those conditions where 
the rate of dissolution of gold is determined by the 
maximum rate of diffusion of oxygen to the gold 
surface. Just as for Eq. 8, it predicts a direct pro- 
portionality between R, and concentration of O., and 
R, and rate of rotation of the specimen. An increase 
in temperature will cause an increase in R,, but the 
effect is less marked than for Eq. 8 because increased 
temperature decreases (O,). 

Theoretical Maximum Dissolution Rate and Dis- 
solution Potential: As described earlier, the super- 
position of the anodic and cathodic current-potential 
curves and the determination of the point of inter- 
section of these curves should yield two quantities: 
the theoretical maximum dissolution-rate of gold 
and the potential of the dissolving gold specimen. 
These intersection points have been determined 
from the graphs and the theoretical maximum rates 
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have been converted from milliamperes to milli- 
grams per square centimeter per hour by use of 
Faraday’s law, and the known area of the electrode 
(8.0 sq cm). The theoretical maximum rates and 
potentials are plotted on the same graphs as the 
measured rates and potentials, Figs. 10 to 15. 

The agreement between theoretical rates and 
measured rates (Figs. 10 to 12) is remarkably good, 
and, as predicted, the actual rates are always lower 
than the theoretical. The difference is about 10 to 
15 pct in most cases. The agreement between the 
theoretical and measured potentials (Figs. 13 to 15) 
is even better than between the rates. The close 
agreement in magnitude and trend of these theoreti- 
cal quantities and the measured quantities leads to 
the conclusion that the dissolution of pure gold in 
aerated cyanide solutions is probably electrochemi- 
cal in nature. 

Rate-Controlling Factors: Fig. 10 shows the rate 
of dissolution of gold as a function of the concentra- 
tion of cyanide at constant temperature and oxygen 
pressure. These curves show the often-reported fact 
that above a limiting concentration (in this case 
0.0175 pet KCN) increased cyanide concentration 
has no further effect on increasing the rate of dis- 
solution. The current-potential graphs (Figs. 6 to 
8) from which the theoretical rates were determined 
offer a clear-cut explanation of this fact. Above 
0.0175 pet KCN, the intersection of the anodic and 
cathodic curves, for systems at 27°C and saturated 
with air (21 pct O,), occurs on the diffusion-limited 
wave of the cathodic reaction. Below 0.0175 pct 
KCN, the intersection occurs on the diffusion-limited 
wave of the anodic reaction. The rate of gold dis- 
solution is, therefore, controlled by the rate of dif- 
fusion of cyanide to the gold at concentrations lower 
than 0.0175 pet KCN, and by the rate of diffusion of 
oxygen to the gold at concentrations higher than 
0.0175 pet KCN. 

At the point of change-over from control by cya- 
nide diffusion to control by oxygen diffusion (0.0175 
pet KCN), both reactants should be diffusing at their 
maximum rates to the gold surface. Under these 
conditions, both Eqs. 8 and 11 should be valid, and 
simultaneous solution of these equations yields 

Dex 


Do, (O,) [12] 


Eq. 12 may be tested against the measured data 
by substitution of the known concentrations of cya- 
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Fig. 11—Comparison of theoretical maximum and measured dissolu- 
tion rate of gold. Half-filled circle—Theoretical maximum rate. 
Open circle—Measured rate. Constant conditions: 80°F (27°C); 
300 rpm. 


546—JOURNAL OF METALS, MAY 1954 


Fig. 12—Comparison of theoretical maximum and measured rate of 
dissolution of gold. Half-filled circle—Theoretical maximum rate. 
Open circle—Measured rate. Constant conditions: 300 rpm; solution 
saturated with air (21 pct 0.) at 1 atm pressure. 
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Fig. 13—Comparison of theoretical and measured dissolution po- 
tential of gold. Half-filled circle—Theoretical potential. Open circle 
—Measured potential. Constant conditions: 100 rpm; for Figs. 13 
to 15, the temperature was 80°F (27°C) and the solutions were 
saturated with air (21 pet O,) at 1 atm pressure. 


nide and oxygen at the condition of change-over 
from cyanide to oxygen diffusion control. 


(CN-) 2.69x10~ mols per liter (0.0175 pet KCN) 
(O,) = 2.50x10~ mols per liter* 
Do, 2.2x10° sq cm per sec** 
Dex = 1.75x10° sq cm per sect 


* Based on the reported solubility of oxygen in water” saturated 
with air at 1 atm pressure and 27°C. 

** Based on the meagured diffusivity of oxygen in water at 20°C, 
and corrected to 27°C.™ 

* This is an estimated value for the diffusion coefficient of cya- 
nide, based on the similarity in properties of KCN with the potas- 
sium halides. The probable accuracy is (1.75 + 0.25) x 10% sq cm 
per sec 
Substitution of these values in Eq. 12 yields 

1.75x10* (2.69x10*) 


2.2x10° (2.50x10~) 


The very good agreement between the predicted 
ratio of 8.0 and the measured ratio of 8.5 is further 
proof of the proposed diffusion-controlled mecha- 
nism.t It should also be noted that Eq. 12 predicts 


t The uncertainty in the value of Dew will cause an uncertainty 
in the value of the measured ratio such that the proper value is 
85+ 1.2. However, the extreme limits of the measured ratio, 7.3 
and 9.7, are still considered to be in fair agreement with the theo- 
retical value of 8.0, and none of the conclusions based on this ratio 
are invalidated 


that: 1—The change-over from cyanide to oxygen 
diffusion control should be independent of stirring 
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rate, and this was found to be the case (Fig. 10). 
2—The change-over from cyanide to oxygen diffu- 
sion control should occur at higher cyanide concen- 
trations if the concentration of oxygen is increased, 
and this was also found to be true (Fig. 11). 3—The 
fact that an experimental value of the ratio close to 8 
was found, is confirmation that hydroxy] is the prod- 
uct of the cathodic reduction of O,. If peroxide were 
the product of reduction, the ratio should be 4. This 
can be seen most easily by comparison of the two 
possible overall reactions 


4Au + + O, + 2H,0O = 
4Au(CN), + 40H 


2Au + 4CN- + O, + 2H,O = 
2Au(CN), + H,O, + 20H. [14] 


It may be concluded, therefore, that peroxide is not 
an important product of reduction in the pure sys- 
tems studied. 

The effect of temperature on the dissolution rate is 
shown in Fig. 12 for two different cyanide concen- 
trations, at 0.5 pct KCN where oxygen diffusion 
limits the rate, and at 0.01 pect KCN where cyanide 
diffusion limits the rate. It should be noted that 
temperature increases the rate of dissolution less 
for the higher concentration of cyanide because of 


[13] 
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MLSCTRODS POTENTIAL (volts ref, 5.0.8.) 


2.3} 
2,2} 
0,005 0,01 0,0175 0,025 0,05 0,10 0,25 0.390 


Fig. 14—Comparison of theoretical and measured dissolution po- 
tential of gold. Half-filled circle—Theoretical potential. Open circle 
—Measured potential. Constant conditions: same as Fig. 13, but 
300 rpm. 
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Fig. 15—Comparison of theoretical and measured dissolution po- 
tential of gold. Half-filled circle—Theoretical potential. Open circle 
—Measured potential. Constant conditions: same as Fig. 13, but 
500 rpm. 
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Fig. 16—Effect of revolutions per minute on diffusion-limiting cur- 
rent. Constant conditions: 80°F (27°C). 


the decreased solubility of oxygen. For the lower 
concentration of cyanide the effect of increased tem- 
perature on the rate is very nearly linear (except 
for one experimental point which may be in error), 
since the concentration of the rate-controlling reac- 
tant is unaffected. 

Industrial Significance: It is unlikely that the rate 
measurements reported herein can be of direct use 
in industrial design problems, since the method of 
agitation (rotation of a gold cylinder) is quite dif- 
ferent from that employed in cyanide plants. More- 
over, the systems studied were specially pure, while 
in practice both the gold and the cyanide solution 
generally contain numerous impurities. What this 
work does show is the optimum rates that can be 
achieved in a pure system, and as such it should 
serve as a yardstick against which to compare in- 
dustrial practice and the effect of impurities. 

The rates measured in this work are optimum 
in the sense that diffusion of the reactants, rather 
than a slow chemical reaction, was rate-controlling. 
For this kind of system the rate can be increased by 
providing for more rapid diffusion—by more effec- 
tive agitation, higher concentration of the diffusion- 
limited reactant, and by higher temperatures. When 
impurities are present, it is possible that either the 
anodic or cathodic reaction may be slowed up, either 
by the adsorption of an impurity which poisons the 
surface and results in a high activation-overvoltage 
for the process, or by precipitation of an insoluble 
film at the gold surface which acts as a diffusion 
barrier. A few preliminary tests have indicated that 
the presence of a trace of sulphide ion in the cyanide 
solution poisons the gold surface toward the cathodic 
reduction of oxygen but does not affect the anodic 
reaction. These conclusions are based on the fact 
that a trace of sulphide ion does not substantially 
change the anodic current-potential curve, but it 
markedly lowers the cathodic oxygen curve so that 
the intersection of the anodic and cathodic curves 
lies well below the value for the maximum diffusion 
of oxygen. In this case the rate-controlling factor is 
the inherent slowness of the cathodic reaction (due 
to the high activation energy for the reduction of 
oxygen at a sulphide-poisoned gold surface). The 
fact that sulphide ion has a detrimental effect on the 
rate of dissolution of gold has citen been reported in 
the literature. 

The decelerating effect of lime at high pH values 
may also be traced to a side reaction. Preliminary 
tests with lime at a pH of 11 to 12 indicated the pre- 
cipitation of a whitish film on the gold surface and a 
marked lowering of the cathodic current-potential 
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curve. Halpern and Deitz’ found a similar precipi- 
tate in the silver-cyanide system and proved it to be 
calcium peroxide. The identity of the film was not 
established in this work, but despite its nature the 
deceleration of the rate by such a film results from 
the added barrier to diffusion. 

The tests on the effect of sulphide and lime on the 
dissolution of gold were preliminary in nature, but 
they serve to show how the electrochemical method 
of rate investigation can be used to study the effect 
of impurities in the system. 


Conclusions 

l—In a system of pure gold and reagent-grade 
cyanide solution, the rate of dissolution gold is con- 
trolled either by the rate of diffusion of oxygen or 
cyanide to the gold surface. For solutions in equi- 
librium with air (21 pet O,) at 27°C, the rate is con- 
trolled by the rate of oxygen diffusion if the cyanide 
concentration is above 0.0175 pet KCN, and by the 
rate of cyanide diffusion for concentrations below 
0.0175 pet KCN. 

2—The rate of dissolution of gold can be increased 
by the usual factors which increase diffusion rates: 
increased agitation, increased concentration of the 
diffusion-limited reactant, and increased tempera- 
ture. The effect of temperature is complicated by 
the fact that the solubility of oxygen decreases with 
increased temperature. 

3—The product of reduction of oxygen is hy- 
droxyl ion. Peroxide, if it forms at all, must be 


quickly reduced to hydroxyl. 
4—The dissolution of gold is probably electro- 
chemical in nature. The dissolution rate and disso- 


lution potential may be predicted within about 10 
pct from the intersection of the anodic and cathodic 


current-potential curves. The study of rates by 
means of current-potential curves is rapid, rela- 
tively simple, and affords a clear picture of the rate- 
controlling step. 
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Technical Note 


A Rationalization of the Oxygen Solid Solubility in Some Transition Metals 


by A. U. Seybolt and R. L. Fullman 


HE Hume-Rothery rule relating the relative sizes 

of the solvent and solute atoms in a substitutional 
solid solution for moderate to extensive solubility is, 
of course, well known and much used in the design 
of alloys. No such rule has been obtained for inter- 
stitial solid solutions, although a qualitatively similar 
relationship would be expected. Among the most 
common interstitial elements, oxygen, carbon, and 
nitrogen which can dissolve in important amounts 
in the transition metals, only in the case of oxygen 
is there enough solubility data available for an 
examination of the possibilities of a simple relation- 
ship between the extent of solubility and the prop- 
erties of the metal solvents. 

Three properties were examined: 1—size of the 
octahedral space V into which oxygen atoms fit, 2— 
the elastic modulus E, and 3—the free energy AF of 
formation of a low oxide, such as is known to be, 
or would be expected to be, in equilibrium with the 
terminal solid solution. 

The size factor or octahedral volume is so closely 
associated with the well known Hume-Rothery con- 
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cept of size factor that additional development of 
this subject is hardly necessary. The octahedral vol- 
ume used was not corrected to an elevated tempera- 
ture, as this correction would have made no signif- 
icant difference. 

The second factor, Young’s modulus E, must be 
considered, since it is a measure of the strain energy 
required to force neighboring atoms apart so that 
an oxygen atom may enter the octahedral volume. 
The temperature dependence of the elastic modulus 
of many metals has been reported by Késter,’ but 
for a rather limited temperature range. Since the 


Table |. Values of E, V, and Solubilities 


“Maximum” Solid 


Octa- Young's Solubility 
hedral Modu- Para- Ref- 
Velume, ius, meter Atemic erence 
Metal A’ Psixio* E/V WtPet Pet Ne. 
aZr 15.7 8.25 0.525 10.5 40 3 
aTi 12.0 12.3 1.025 14.5 33.7 a 
Ta 12.0 24.2 2.02 0.90 9.3 5 
Nb 12.0 19.8 1.65 1.0 5.5 6 
Vv 9.3 16.4 1.764 1.03 3.2 7 
aFe 7.8 28.2 3.62 0.030 0.105 8 
(FCC) 7.46 27.8 3.73 0.018 0.066 
i 7.27 29.5 4.05 0.013 0.048 10 
Mo 10.3 4.0 4.27 0.006 0.035 11 
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effect of temperature on the modulus cannot be 
ignored, it seemed necessary to choose a homologous 
temperature, such that T/T, = 0.3, where T is the 
homologous temperature and T,,, is the melting point. 
Young’s modulus for columbium and vanadium was 
estimated from shear modulus data furnished by 
Powers.” 

According to classical elasticity theory, the strain 
energy W produced by an infinitesimal volume ex- 
pansion A of a spherical cavity of volume V in a 
much larger elastic continuum is 


4’ E 
Ww = [1] 
3(1+y) V 


Poisson’s ratio »v does not vary greatly among the 
metals, and the volume expansion corresponding to 
addition of an oxygen atom presumably is nearly 
constant in all the solid solutions considered. Inser- 
tion of an oxygen atom in an interstitial site corres- 
ponds to a large distortion rather than an infinites- 


imal one, so that Eq. 1 may be considerably in error. 
However, in the absence of a better criterion it was 
assumed that the strain energy per oxygen atom 
dissolved is proportional to the ratio E/V, with V 
equated to the volume of an octahedral interstitial 
space. 

After some experimentation with various arrange- 
ments of the three factors E, V, and AF, this last 
term was discarded as it appeared to add nothing to 
the correlation. Plotting the parameter E/V against 
the logarithm of the atomic percent, “maximum” 
oxygen solid solubility resulted in a more or less 
linear relationship. 

Regarding the maximum solid solubility, the high- 
est solubility reported in the literature was used, 
which ordinarily corresponded to a temperature in 
the neighborhood of 900° to 1100°C. However, in 
the case of molybdenum, the solubility given cor- 
responds to about 1600°C. In titanium and vana- 
dium, the reported oxygen solubility does not vary 
greatly with temperature. 

The data and the literature references are given 
in Table I, and Fig. 1 shows the results graphically. 

No attempt is made to justify this relationship on 
theoretical grounds other than reference to the simple 
qualitative ideas mentioned earlier. However, it 
seems reasonable to conclude that the two factors 
which constitute the solubility parameter are signif- 
icant in determining the extent of oxygen solid 
solubility. 
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Technical Note 


Primary and Secondary Recrystallization in Cold Rolled 


Bicrystals of Silicon Iron 


by C. G. Dunn 


HE present note, which was given in the form of 

a Research in Progress item,’ traces the origin 

of secondary recrystallization grains produced on 
annealing a cold rolled bicrystal specimen. 

The investigation began with the realization that 

a recently acquired conception for the origin of 

secondary grains produced on annealing cold rolled 

single-crystal specimens might require mcdifications 

for the case of polycrystalline materials. The stated 

conception® * begins with several conditions to be 

met by primary recrystallization: 1—a primary re- 

crystallization structure to consist of many small 

primaries and relatively few large primaries (diam- 
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eters two or three times the average) ; 2—a primary 
recrystallization texture to consist of one strong pre- 
ferred orientation or component and one or more 
weak components; and 3—a primary recrystalliza- 
tion structure-texture combination with some of the 
large primaries belonging to the weak components 
of the texture. 

When these conditions occur, some of the large 
primaries from the weak components of the texture 


C. G. DUNN, Member AIME, is associated with the General 
Electric Co., Pittsfield, Mass. 
TN 212E. Manuscript, Jan. 27, 1954. 


MAY 1954, JOURNAL OF METALS—549 


| 
a 
. 


Fig. 1—Microstructure showing two areas of cold rolled bicrystal 
after a | min anneal at 980°C. Fine grained regions belong to the 
B layer. M is a large A-layer primary; N is an unrecrystallized part 
of the A layer. 20 sec nital etch. X100. Area reduced approximately 
30 pct for reproduction. 


grow into secondaries producing a secondary recrys- 
tallization texture with components like one or more 
of the weak components of the primary recrystal- 
lization texture. 

The simplest polycrystalline specimen to consider 
is a bicrystal sheet specimen, preferably in the form 
of two layers. Such a bicrystal has a very large 
grain boundary and therefore the possibility of 
maximum interaction effect between the two layers 
during deformation and recrystallization. 

Layer bicrystals are the type being used in the 
present investigation. Specimens 1.3 mm thick were 
prepared directly in sheet form by controlled recrys- 
tallization in polycrystalline stock of the same thick- 
ness. The method employed the techniques of pro- 
ducing single-crystal specimens.‘ Two seed crystals 
of predetermined orientation were first prepared and 
made to grow adjacent to each other for a small 
distance, the grain boundary being perpendicular to 
the surface at this stage. Appropriate cuts were 
then made to promote the growth of one grain in 
the upper half of the sheet and growth of the other 
in the lower half. Further growth in a tempera- 
ture gradient furnace established the grain bound- 
ary parallel to the surface resulting in a two-layer 
bicrystal. Bicrystals of various lengths 2 to 4 cm 
wide of 3.25 pct Si were prepared in this manner. 
Certain conditions, of course, like those found for 
growing bicrystals from the melt,’ have to be met, 
otherwise one crystal will entirely displace the other. 

One such bicrystal was cold rolled to a reduction 
in thickness of 70 pct. Initial orientations were near 
(113) [332] and (111) [112] with a common <110> 
direction in the transverse direction. Rotation oc- 
curred about this common axis producing (001) 
[011] and (111) [112] cold rolled textures in the 
two layers, which were designated as A and B 
layers, respectively. 

Samples of the bicrystal were then annealed for 
various lengths of time at 980°C. The B layer recrys- 
tallized quickly to a fine grained structure, whereas 
the A layer recrystallized slowly to a coarse grained 
structure. Fig. 1 shows the microstructure after 1 
min at temperature; the B layer had completely re- 
crystallized but the A layer was just beginning to 
recrystallize. One large primary (M) may be seen 
in the latter region. A number of such large pri- 
maries in the unrecrystallized matrix (observed in 
the A surface of the sheet after etching lightly) were 
identified by position. The orientations of these pri- 
maries were also determined by X-ray methods. 

Upon further annealing the A layer recrystallized 
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completely and, during the same period, the B layer 
underwent partial secondary recrystallization (i.e., 
large grains were observed growing in a matrix of 
small primaries in the etched surface of the B 
layer). Some of these secondaries were adjacent to 
the earlier identified primaries produced in the A 
layer. They also had identical orientations with the 
A-layer primaries. Therefore, it can be concluded 
that large primaries in the A-layer part of the bi- 
crystal specimen grew through the thickness at the 
expense of fine grained primaries in the B layer to 
become secondaries in the B layer. The orientations 
of these grains are the same as those found for pri- 
mary recrystallization in a cold rolled single crystal 
with a (001) [011] texture (unpublished work). 

The A layer in another sample of the cold rolled 
bicrystal was removed by etching. Annealing then 
produced both primary and secondary recrystalliza- 
tion in the isolated B layer. The orientations of the 
secondaries now were different, they were the same 
as those found previously in a cold rolled single 
crystal with a (111) [112] texture.’ 

The orientations of secondaries obtained in the 
present bicrystal therefore represent new orienta- 
tions as far as the B-layer side is concerned. It is a 
result in agreement with the oriented nucleation 
point of view. 

The slow to recrystallize region (layer A) pro- 
duced the large primaries; this is in agreement with 
the observation of Rathenau and Custers’ that large 
primaries recrystallize late in polycrystalline nickel- 
iron. Gow recently made similar observations in 
regard to the origin of secondaries in extruded alu- 
minum.” On the other hand, early forming primaries 
were considered largely responsible for the large 
primaries produced in cold rolled single crystals of 
silicon iron.’ 

Present results indicate the large primaries origi- 
nate in a (001) [011] cold rolled matrix. However, 


since the adjacent (111) [112] cold rolled matrix 
recrystailizes rapidly, some of these early forming 
primaries might be expected to grow across into the 
A layer. Substructure configurations in the A layer 
may play a role here, but the question is still under 
investigation. 

Other kinds of bicrystals are also being prepared. 
Thus a study will be made of interaction effects for 
two fine grained layers both tending to undergo 
secondary recrystallization or with one tending to 
undergo secondary recrystallization while the other 
tends to undergo normal grain growth. 

In a previous investigation’ an unsuccessful at- 
tempt was made to show that a preselected large 
primary would grow into a secondary. By making 
the primary very much larger (larger than the two 
or three times average size of the fine grained ma- 
trix) a similar attempt has succeeded in the present 
investigation. This successful result therefore is 
offered as proof of the idea that a large primary can 
grow into a secondary. 
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European Metallurgical 
Meeting Plans Progress 


A meeting of the American Com- 
mittee for the Joint Metallurgical 
Societies Meeting in Europe in 1955 
was held at AIME headquarters on 
March 18. The first official action of 
the Committee was to officially adopt 
this name for the meeting. Arrange- 
ments are already well advanced on 
the part of the six European societies 
and it is expected that final plans 
may be available by early summer. 
See p. 86 of the January issue of the 
JOURNAL OF MeTALs and p. 418 of 
the April issue of the JOURNAL OF 
Metats. Of prime importance at the 
moment is the fact that the meeting 
has been postponed one week with 
the initial date of the meeting now 
being June 8, 1955. The first week 
of the meeting will be spent in Eng- 
land with headquarters in London, 
headquarters for the second week 
are in Dusseldorf, Germany and the 
meeting closes in Paris, France at 
the end of the third week. 

Facilities will be available for per- 
haps 250 American delegates and as 
many wives as may be able to ac- 
company their husbands. While the 
entire group may meet together one 
or more times in each country with 
their European counterparts, it is 
anticipated that for most of the tech- 
nical discussions and for traveling 
purposes the conferees will be di- 
vided into eight or ten smaller 
groups. This will permit more inti- 
mate and more specialized exchange 
of information. It is possible that the 
originally proposed technical groups 
may be modified with the following 
eight groups as possible alternatives: 
(1) Ironmaking and raw materials 
(including coke and ore prepara- 
tion); (2) Steelmaking; (3) Light 
metal smelting, refining, and fabri- 
cating, including heat treating; (4) 
Other nonferrous metal smelting, re- 
fining, and fabricating including heat 
treating; (5) Ferrous fabrication; (6) 
Surface treatment including finish- 


ing and coating; (7) Steel properties 
and quality control including heat 
treatment; (8) Education and re- 
search. 

A select number of highly quali- 
fied European experts will meet with 
and travel with each of the Ameri- 
can groups to insure that they have 
the opportunity of seeing European 
practice as similar European groups 
have had the opportunity to see in 
traveling within the United States 
since the war. It is anticipated that 
frequently each of the groups may 
meet with local sections of special- 
ized interest groups similar to Open 
Hearth Local Section evening or one 
day meetings in this country. Em- 
phasis will be on technical discus- 
sions rather than the presentation of 
formal papers. Introductory papers 
by Europeans reviewing their prac- 
tice as it is to be discussed and seen 
by the Americans may be included. 

Due to the fact that unlimited 
facilities for travel are not available 
in Europe, if you are planning to 
attend this meeting or are interested 
in additional information concerning 
this meeting please let AIME head- 
quarters know immediately. Thomas 
Cook & Sons have been selected both 
in Europe and in America to act as 
official travel agents for this meet- 
ing. Information concerning travel 
arrangements can be obtained di- 
rectly from any one of their offices. 
It is anticipated that the entire cost 
of the tour may be held to $1500. 

The American Committee consists 
of Leo Reinartz, AIME President, 
Howard Biers, J. J. Golden, Ernest 
Kirkendall and Clyde Williams rep- 
resenting AIME and J. B. Austin, 
ASM President, R. S. Archer, John 
Chipman, W. H. Eisenman and 
George Roberts representing ASM. 
An Executive Committee was ap- 
pointed at the March 18 meeting 
consisting of Leo Reinartz and J. B. 
Austin as Co-Chairmen and Howard 
Biers, W. H. Eisenman and Ernest 
Kirkendall. Howard Biers is also a 
member of the European Committee 
and will act as liaison member be- 
tween the two Committees. 


ANNUAL MEETING PAPER DEADLINE 


Sept. 15, 1954 is the deadline for all Institute of Metals Div. papers for the 1955 
Chicago Annual Meeting and the deadline for all Iron & Steel Div., and Extractive 
Metallurgy Div. papers to be preprinted. Papers received by this deadline but re- 
quiring revision may not be processed in time to permit scheduling for this meeting. 


NEWS 


May 26 Set For 
Iron & Steel Dinner 


ISD Chairman John S. Marsh has 
obtained Francis J. Trembley, pro- 
fessor of ecology, Lehigh University, 
as speaker at the annual May dinner 
of the Iron and Steel Div. of AIME. 
The dinner will be held on the night 
before the AISI banquet, May 26, 
1954, at 7:00 pm, at the Engineers 
Club, 32 W. 40th St., New York City. 


F. J. TREMBLEY 


As philosopher and wit as well as 
conservationist and _ biologist, Dr. 
Trembley is certain to provide a de- 
lightful contrast to the iron and steel 
discussions to be held earlier in the 
day. Dr. Trembley is a graduate of 
Hobart, received an M.S. from Le- 
high, and his Ph.D. from the Univer- 
sity of Pennsylvania. He is a mem- 
ber of Phi Beta Kappa and Sigma 
Xi. 

All AIME Members and guests are 
welcome. The price of the dinner 
will be $6 and cocktails will be avail- 
able on the 10th floor of the Engi- 
neers’ Club on an a la carte basis 
from 6 pm. Return postcards on 
which to make reservations are being 
sent this year to those who have at- 
tended recent May dinners or who 
are Members of Iron and Steel Div. 
Committees. If you did not get a 
card for this stag dinner, write to 
E. O. Kirkendall, Secretary, Iron and 
Steel Div., AIME, 29 W. 39th St., 
New York 18, N. Y., indicating the 
number of reservations desired. 
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the Sections 


SOUTHWESTERN ALASKA 


The Southwestern Alaska Section 
held its Fifth Annual Banquet at the 
Aleutian Gardens in Anchorage re- 
cently, drawing the largest crowd 
since President Eisenhower spoke 
there a few years ago. 

Ernest N. Patty, president of the 
University of Alaska, spoke on the 
mineral potential of the territory 
stating that the boom would come 
someday. What is needed, he said, 
is a program of tax incentives which 
will cause major mining companies 
to realize the possibilities of Alaska. 
Harold Strandberg served as Master 
of Ceremonies. 

On the afternoon of the banquet, 
the section sponsored an open house 
to celebrate the official launching of 
the new Territorial Dept. of Mines 
building. 


COLUMBIA 


This AIME Section entertained 38 
persons on March 19 during a pro- 
gram presented by the Pend Oreille 
Mine & Metal Co. on geology, min- 
ing, and milling at their plant. Guests 
included Dean Fahrenwald of the 
University of Idaho, M. W. Cox of 
the American Smelting & Refining 
Co., and three students from Wash- 
ington State College who had driven 
over 90 miles to attend the meeting. 

John Fritts, company geologist, 
described the location and geograph- 
ical characteristics of the company’s 
mines. Loren B. Billings, mine su- 
perintendent, said that the Pend 
Oreille Mine has been converted to a 
90 pct tractless mining operation. 
Using big machines the miners aver- 
age 400 to 500 ft of drilling and 200 
to 300 tons of rock per shift. C. J. 
Crampton, mill superintendent, 
pointed out that the third 800 ton 
unit of the flotation plant north of 
Metaline Falls is near completion. 
The plant is recovering 98 pct of the 
lead and 95 pct of the zinc contained 
in the ores milled. 


CHICAGO 


Daniel J. Girardi, research metal- 
lurgical engineer for the Timken 
Roller Bearing Co. of Canton, Ohio, 
spoke at the dinner meeting of the 
Chicago Section AIME at the Chicago 
Bar Assn. on March 3. Mr. Girardi 
spoke on: The Electric Furnace 
Steelmaking Process. James W. Hal- 
ley presided as Chairman and Ralph 


W. Garley served as Technical 
Chairman. 
Wilbur Rostoker, supervisor of 


physical metallurgy for the Armour 
Research Foundation, is scheduled to 
speak at the next meeting. His sub- 
ject will be: Vanadium and Zir- 


conium Base Alloys. 
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Awards For 1955 Listed 


Authority has been voted for grant- 
ing of the following awards in 1955. 
For the first four awards, any one 
may suggest an appropriate person 
to receive the honor but only a 
Member of the pertinent committee 
may nominate a candidate. The Sec- 
retary of the Institute will be glad 
to forward suggestions to the proper 
committee chairmen. Brief descrip- 
tions of the various awards were 
made in the 1952 AIME Directory 
and Year Book, pages xvii to xxiii. 

Charles F. Rand Medal for mining 
administration; James Douglas Gold 
Medal for nonferrous metallurgy; 
Erskine Ramsay Medal for coal min- 
ing; J. E. Johnson Jr. Award for pig 
iron metallurgy; Robert W. Hunt 
Medal for an iron and steel paper; 
Rossiter W. Raymond Award for 
best paper by an author under 33; 
Mathewson Gold Medal for physical 
metallurgy paper; and Benjamin F. 
Fairless Award for achievement in 
iron and steel production and metal- 
lurgy. 


Board Names 1954 
Committee Members 


At the executive session of the 
meeting of the AIME Board of Di- 
rectors in New York on February 16, 
Gail F. Moulton was elected Treas- 
urer for the coming year, succeeding 
George I. Brigden. Edward H. Robie 
was reelected Secretary, and D. Clin- 
ton Helms, vice-piesident of the Le- 
high Navigation Coal Co., Lansford, 
Pa., was named a Director for a one- 
year term to fill the unexpired term 
as Director of T. B. Counselman. Mr. 
Moulton is also Controller. 

The Executive Committee for the 
coming year will consist of L. F. 
Reinartz, Chairman; H. DeWitt 
Smith, Vice Chairman; T. B. Counsel- 
man, M. L. Haider, and Philip Kraft. 
The Finance Committee is headed by 
Andrew Fletcher, as Chairman, with 
A. B. Kinzel and Philip D. Wilson. 

The General Membership Com- 
mittee consists of W. J. Harris, Jr., 
Chairman; Gene L. Scheirman (Pe- 
troleum), Charles E. Golson (Min- 
ing), and John P. Nielsen (Metals), 
Vice Chairmen; H. N. Appleton, 
Secretary; with M. Buford Penn, 
H. Rush Spedden, Otis H. Banes, 
O. B. J. Fraser, and T. B. Counsel- 
man, with Chairmen of Div. and 
Local Section membership commit- 
tees and Faculty Sponsors of Stu- 
dent Chapters, ex officiis. The Stu- 
dent Relations Committee has been 
absorbed into the Membership Com- 
mittee, with the following acting as 
a subcommittee on Student Prize 
Paper Awards: W. J. Harris Jr., 
Chairman, C. L. Moore, and J. H. 
Melvin. 

Chairmen of other committees in- 
clude the following: Endowment, 


D. H. McLaughlin; Endowment Fund 
“X", G. F. Moulton; Honorary Mem- 
berships, W. M. Peirce; Admissions, 
O. B. J. Fraser; Members’ Conduct, 
Clyde Williams; Rocky Mountain In- 
come, Henry Krumb; Seeley W. 
Mudd Memorial Fund, H. DeWitt 
Smith; Gemmell Memorial Fund, 
D. C. Jackling; Henry L. Doherty 
Memorial Fund, John M. Lovejoy; 
Rossiter W. Raymond Memorial 
Award, J. S. Smart Jr.; Robert H. 
Richards Award, S. J. Swainson; 
Rand Foundation Award, Philip R. 
Bradley Jr.; Douglas Metallurgical 
Medal, Clair Upthegrove; Lucas Pe- 
troleum Medal, J. E. Sherborne; 
Saunders Mining Medal, R. F. Good- 
win; Erskine Ramsay Coal Medal, 
C. E. Lawall; Co-ordinating Com- 
mittee on Annual Meeting, E. J. 
Kennedy Jr.; AIME Pension Trust, 
G. F. Moulton; Library, Frank T. 
Sisco; Cooperation with the Cana- 
dian Institute, Sherwin F. Kelly; 
AIME—Socony-Vacuum Scholarship, 
Paul Andrews; and Publications Ad- 
visory, Philip Kraft. 


Coming Events 


May 2-6, Electrochemical Seciety, La Salle 
Hotel, Chicago. 

May 4-7, American Welding Society, national 
meeting, Hotel Statler, Buffalo. 

May 7-8, Pennsylvania Society of Profes- 
sional Engineers, annual state convention, 
Bedford Springs Hotel, Bedford, Pa. 


May 8-14, American Foundrymen’s Society, 
Cleveland Auditorium, Cleveland. 

May 16-17, American Institute of Chemical 
Engineers, Kimball! Hotel, Springfield, Mass. 

May 16-19, American Institute of Chemical 
Engineers, Hote! Kimball, Springfield, Mass. 

May 21-22%, Operations Research Society of 
America, annual meeting, Edgewater Beach 
Hotel, Chicago 

May 24-28, ASTM, committee E-14 on mass 
spectrometry, Jung Hotel, New Orleans, 
La. 


May 31-June 11, Canadian International 
Trade Fair, Toronto. 

June 14-18, American Society for Engineer- 
ing Education, annual meeting, University 
of Illinois, Urbana, Il. 

June 20-23, Chemical Institute of Canada, 
Toronto, Canada. 

June 20-25, American Institute of Chemical 
Engineers, nuclear energy meeting, Uni- 
versity of Michigan, Ann Arbor, Mich. 

July 16-21, Joint Commission on Electron 
Microscopy, international conference, Sen- 
ate House, University of London; London 
School of Hygiene and Tropical Medicine, 
Malet St., London, W. C. 1, England. 

July 19-20, International Conference, Me- 
chanical Effects of Dislocations in Crystals, 
University of Birmingham, England. 

July 21-28, International Union of Crystalle- 
graphy, general assembly and international 
congress, Paris. 

Aug. 23-27, Oak Ridge S r Symposi 
Modern Analytical Chemistry, Oak Ridge, 
Tenn. 

Sept. 12-16, American Institute of Chemical 

ngineers, Hotel Colorado, Glenwood 
Springs, Coio. 

Sept. 14-24, Instrument Society of Ameri 
Philadelphia. 

Sept. 20-24, American Mining Congress, Civic 

uditorium, San Francisco. 

Sept. 24, AIME, MBD, fall meeting, Fairmont 
Hotel, San Francisco. 

Oct. 3-7, Electrochemical Society, Inc., Stat- 
ler Hotel, Boston. 

Oct. 26, Assn. of Consulting Chemists and 
Chemical Engineers, Ine., annual sympo- 
sium and banquet, Hotel Belmont Plaza, 
New York. 

Oct. 29, AIME, NOHC and Pittsburgh Local 
Section, off-the-record meeting. William 
Penn Hotel, Pittsburgh. 


‘ 


yi 


Ret 


The annual Fellowship dinner was held in the Ballroom of the Palmer House on Tuesday evening, April 6. The toastmaster 


was William G. Caples, vice-president of Inland Steel Co., and the principal speaker was John T. Rettaliata, president of 


IMinois Institute of Technology. 


Steel Industry Plans and Development 
Discussed at AIME Iron and Steel Conference 


PERATING efficiency held the 

center of the stage at the 37th 
Conference of Blast Furnace, Coke 
Oven and Raw Materials Committee, 
and the National Open Hearth Com- 
mittee at Chicago’s Palmer House, 
April 5 to 7. Better use of various 
types of materials and charges, aids 
to labor, factors limiting production 
rate and coke rate in the blast fur- 
nace, and other vital questions were 
among the fields investigated. 


John Golden, U. S. Steel Corp., Past Chairman NOHC, 
G. B. McMeans, Kaiser Steel Corp, and L. R. Berner, 
Inland Steel Co., Chairman NOHC, compare notes during 


an interlude in the technical sessions. 


Blast Furnace, Coke Oven and Raw 
Materials Luncheon was held Tues- 
day April 6, with Chairman C. C. 
Russell presiding. 

Leo F. Reinartz, AIME President, 
speaking at the Fellowship Dinner, 
declared that capacity increases dur- 
ing World War II and the Korean 
War were the greatest in the history 
of steelmaking. Underscoring the 


enormous quantity of materials con- 
sumed during the Korean conflict, 


many years. 


Mr. Reinartz pointed out that during 
the comparatively brief period of 
Korean hostilities more shells were 
fired than during all of World War II. 

John T. Rettaliata, president of 
Illinois Institute of Technology, and 
principal speaker of the evening, 
presented views on technological de- 
velopment for the remainder of the 
century. Toastmaster was William 
G. Caples, vice-president, Inland 
Steel Co., Chicago. 


T. B. Counselman, of the Dorr Co. and Vice-President of 
AIME, confers with AIME President Leo F. Reinartz. Mr. 
Reinartz hos been a leading figure at NOHC meetings for 
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Donald R. Mathews, 
Alan Wood Steel 


R. Sultzbach, Stanley 
Works, and D. R. 
Loughrey, Jones & 
Laughlin Stee! Corp., 
take time out before 
the NOHC Executive 
Board meeting. 


John Golden received the Past 
Chairman's Certificate, Perpetual 
Registration Card, and a Golden 
Hour Clock in appreciation of his 
work as Chairman of the National 
Open Hearth Steel Committee dur- 
ing 1952-53. Presentation was made 
by L. R. Berner, now Past Chairman. 
The F. B. McKune Award, presented 
to an author or joint authors under 
35 years of age, went to D. J. Carney, 
J. J. Oravec, and Elgin Van Meter, 
all of the South works, U. S. Steel 
Corp. 
S. F. Elam and F. E. Williams, 
Armco Steel Corp. metallurgists, re- 
ceived the Open Hearth Conference 
Award. The JouRNAL OF METALS 
Award this year went to E. H. Rose 
and D. J. Reed, both of Tennessee 
Coal, Iron & Railroad Div., U. S. 
Steel Corp., for their paper Sinter Is 
What You Make It. Another group at the NOHC Executive Board meeting Monday evening was 
Blast Furnace, Coke Oven and M. F. Yarotsky, U. S. Steel Corp., A. W. Thornton, National Tube Div., and 
Raw Materials Chairman for this C. C. Russell, Koppers Co., Inc. who is Chairman of the Blast Furnace, Coke 
year will be Kurt Neustaetter, C. C. Oven and Raw Materials Committee. 


Shown receiving the NOHC Conference Award from L. R. Berner during the Fellowship dinner are S. F. Elam and F. E. Williams. 
From left to right are the McKune Award winners E. Van Meter, J. J. Oravec, and D. J. Carney; J. T. Rettaliata, W. G. 
Caples, Leo Reinartz, and E. H. Rose who with D. J. Reed won the JOURNAL OF METALS Award. 
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Russell will serve as Past Chairman, tee, while L .R. Berner is Past Chair- ence totaled 1525. Some 400 persons 
and W. E. Marshall is Vice Chair- man, and H. G. Grim serves as Vice took the two field trips, one to In- 


man. L. A. Lambing is Chairman of Chairman. 


the National Open Hearth Commit- Attendance at this year’s Confer- tinental Foundry & Machine Co. 


Also on hand to offer help and advice on future meetings were 
S. J. Dougherty, Weirton Steel Co., T. A. Cleary, Youngstown Sheet 
& Tube Co., and H. P. Gaw, Armco Steel Corp. 


The Membership Committee of the Iron and Steel Div. met Sunday evening. The enthusiasm with which this committee acted 
resulted in a record number of new members during the Conference. 


land Steel Co., and the other to Con- 


On Wednesday Members had the choice of plant trips to Inland 
Steel Co. or the Continental Foundry & Machine Co., both located 
in E. Chicago, Ind. This picture shows a group at Inland Steel. 


The Blast Furnace, 
Coke Oven and Row 
Materials Executive 
Board meeting was 
held Monday noon 
with C. C. Russell 
presiding. 
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M. L. HAIDER 


Michael L. Haider was elected pres- 
ident of International Petroleum 
Co., Ltd., affiliate of Standard Oil 
Co. (N.J.). L. P. Mailer becomes 
chairman of the board. Mr. Haider 
has been deputy coordinator of 
Jersey Standard’s world wide pro- 
ducing activities. Mr. Haider was 
President of AIME in 1952. 


John A. Brown is metallurgist with 
the Aerojet General Corp., Azuza, 
Calif. 


Arthur 8S. Klopf has been appointed 
general sales manager of the Mis- 
souri coke & chemical div., Great 
Lakes Carbon Corp., St. Louis, Mo. 


William D. Gross, works manager of 
Cfucible Steel Co. of America, 
Spaulding Works, Harrison, N. J., 
has retired. Paul A. Karns will suc- 
ceed Mr. Gross. Mr. Karns had been 
assbciated with John A. Roebling’s 
Sons Corp., Trenton, as manufactur- 
ing manager, cold rolled products 
div. 


H. Loevenstein, administrative en- 
gineer, Harvey Aluminum of United 
States, has been transferred from 
Los Angeles to Salem, Ore. He will 
be in charge of research and new 
technical developments. 


Paul Svendsen has resigned as prod- 
uct engineer with the mining supply 
sales dept., Colorado Fuel & Iron 
Corp. He has accepted a position as 
research metallurgist with the Colo- 
rado School of Mines Research 
Foundation, Golden, Colo. 


Thomas K. Redden, Titanium Metals 
Corp. of America, has been trans- 
ferred from Henderson, Nev., to the 
New York office. 


Roman T. Wasilewski is a metallur- 


gist with Edibrac Ltd., Altrincham, 
Cheshire, England. 
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Robert A. Stauffer and Kenneth G. 
Donald have been elected to the 
board of directors, National Re- 
search Corp., Cambridge, Mass. Mr. 
Stauffer has been vice-president and 
director of research since 1949. He is 
also vice-president and a director 
of Vacuum Metals Corp. Mr. Donald 
has been vice-president and treas- 
urer of National Research since Feb- 
ruary 1953. He is also assistant treas- 
urer and a director of Vacuum Met- 
als Corp. 


Arthur A. Conrad, Jr., metallurgist, 
has joined the Detroit technical 
section of International Nickel Co., 
Inc., development and research div. 


P. M. Aziz, Aluminium Laboratories, 
Ltd., Kingston, Ont., Canada, was 
awarded the 1954 Junior Author 
Award of the National Assn. of Cor- 
rosion Engineers. 


Ira C. Matthiessen has been ap- 
pointed district sales manager for 
the Columbia Tool Steel Co., Los 
Angeles. 


Ralph H. Stalbaum has joined the 
sales staff of the New York district 
office of the F. J. Stokes Machine 
Co., Philadelphia. 


George Sathre was appointed mana- 


ger of the Atlantic branch metal 
div. of the National Lead Co., New 
York. Mr. Sathre had been manager 
of the Cleveland branch metal div. 


Duncan W. Fraser has retired as 
chairman of the board of directors 
of American Locomotive Co. 


Louis Calzi has been appointed to 
the development metallurgical staff, 
Superior Tube Co., Norristown, Pa. 
Mr. Calzi was formerly employed 
by the Ajax Electric Co., Philadel- 
phia, as a sales engineer. 


B. S. Crocker has resigned as mill 
superintendent of Lake Shore Mines, 
Kirkland Lake, Ont., Canada, but 
has been retained as consulting 
metallurgist. Mr. Crocker joined 
Kilborn Engineering Co., Toronto, 
as chief metallurgist. He is also con- 
sulting metallurgist and director for 
Nickel Offsets Ltd. 


Christian F. Beukema has been ap- 
pointed vice-president of Michigan 
Limestone div., U. S. Steel Corp. 
Mr. Beukema had been general man- 
ager of operations for this div. 


Robert L. Fischer has joined the 
manufacturing research dept. of the 
Boeing Aircraft Co., Seattle, Wash. 


Merritt E. Langston is employed as 
a metallurgical engineer in the alloy 
development div., metallurgy dept., 
Battelle Memorial Institute, Colum- 
bus, Ohio. 


Richard Lloyd Wachtell formerly re- 
search metallurgist with the Ameri- 
can Electro Metals Corp., Yonkers, 
is now technical director for the 
Chromalloy Corp., New York. 


Eric B. T. Kindquist is vice-presi- 
dent of the Overlakes Corp. and 
general manager of the Garfield 
wire div., Garfield, N. J. Mr. Kind- 
quist had been wire mill superin- 
tendent of the Eastwood Nealley 
Corp., Belleville, N. J. 


H. Curtis Barber formerly with E. I. 
du Pont de Nemours, Inc., Wilming- 
ton, Del., is now project engineer, 
Chrysler Corp, Detroit. 


J. Franklin Miller has joined the 
Colorado Fuel & Iron Corp., Wick- 
wire Spencer steel div., Claymont, 
Del., as plant engineer. Mr. Miller 
had been associated with the Freyn 
engineering div., Koppers Co., Chi- 
cago. 


William J. Phillips has accepted the 
position of vice-president and gen- 
eral manager for the Crawford Steel 
Foundry Co., Bucyrus, Ohio. He had 
been sales manager for the Crucible 
Steel Casting Co., Cleveland. 


Hamilton Mason has joined the staff 
of the Firestone Tire & Rubber Co., 
guided missile div. as a group 
supervisor, specifications, materials, 
and processes. He recently resigned 
from the Atomic Energy Commis- 
sion, Washington, D. C. 


William Rostoker has been pro- 
moted to supervisor of physical 
metallurgy at the Armour Research 
Foundation of Illinois Institute of 
Technology, Chicago. Donald J. Mc- 
Pherson was named supervisor of 
nonferrous metallurgy and Verne 
Pulsifer has been appointed head of 
the department’s metallography lab- 
oratory. Mr. Pulsifer will continue 
as supervisor of applied metallurgy. 


W. ROSTOKER 
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Charles E. Ahl, Jr., has accepted a 
position with the Globe Brick Co., 
Pittsburgh, Pa. He had been asso- 
ciated with the Union Carbide & Car- 
bon Corp., Pittsburgh. 

G. Taylor Howd, presently employed 
as metallurgist at the Nkana smelter 
of Rhokana Corp. Ltd., Northern 
Rhodesia, will return to England 
this summer to attend a course in 
business administration at the Lon- 
don School of Economics. 

James K. Watkins has been ap- 
pointed chief engineer of the Cru- 
cible Steel Co. of America’s Mid- 
land, Pa. works. John Ferm has re- 
tired as Midland Works chief engi- 
neer. He held the position since 
1927. 

John G. Hrehov is plant metallur- 
gist for the Marion div., Eaton Mfg. 
Co., Marion, Ohio. He had been lo- 
cated at Cleveland for the firm. 


Robert W. Knauft has been ap- 
pointed president of Chas. Taylor 
Sons Co. M. C. Booze was named 
vice-president and L. J. Woodcock, 
treasurer. 

A. Magnum Webb has retired as 
vice-president and sales manager of 
Chemical Construction Corp., New 
York. He joined Chemico 40 years 
ago. Mr. Webb will remain as a con- 
sultant on sales and customer rela- 
tions. 

George T. Murray is employed as 
research metallurgist for the Bridge- 
port Brass Co., Bridgeport, Conn. 
He had been with the Bendix Avia- 
tion Corp., Detroit. 


Harry L. Moat has been appointed 
assistant to the director of opera- 
tions, explosives dept., Atlas Pow- 
der Co., Wilmington, Del. 

J. H. Ruskin was elected executive 
vice-president of Chemical Con- 
struction Corp.; G. I. Seybold and 
Martin de Simo were named vice- 
presidents; and Thomas P. Forbath 
was named assistant to the president. 


Leslie Clifton Whitney has been 
promoted to manager of develop- 
ment engineering, wire and cable 
div., Copperweld Steel Co. Mr. 
Whitney had been chief metallur- 
gist since 1930. 


David G. Weimer has been released 
from military service and accepted 
a position with the Republic Steel 
Corp., Youngstown, as a metallur- 
gical engineer. 

Roger Adams has accepted an ap- 
pointment to the board of trustees, 
Battelle Memorial Institute. 


H. H. Richardson and Dana T. Bar- 
tholomew have been elected vice- 
presidents and also to the board of 
directors, Aluminium Ltd. 


Kempton Dunn, first vice-president 
of American Brake Shoe Co., was 
elected president of the company. 
Maurice N. Trainer, former presi- 
dent, has retired and been appointed 
to the newly created post of vice- 
chairman. 


Obituaries 


An Appreciation of 
Lloyd Malcolm Kniffin 

By E. W. Pehrson 
Lloyd Malcolm Kniffin passed 
away on February 16 in Garfield 
Hospital, Washington, D. C., after a 
brief illness. He was buried on Feb- 
ruary 19 at Fort Lincoln Cemetery 
in the nation’s capital. By his death 
his family has lost a devoted hus- 


L. M. KNIFFIN 


band and father, his associates a 
wise counselor and a warm friend, 
and the profession a conscientious 
and successful engineer with broad 
experience and interests. 

Mr. Kniffin was born on Apr. 5, 
1884, at Lew Beach, Sullivan County, 
N. Y. His early education was ob- 
tained in the public schools of Pater- 
son, N. J., whither his family had 
moved when Lloyd was a small boy. 
He received the degree of E.M. from 
Columbia University in 1906. His first 
assignment after graduation was 
with the Mines Co. of America in 
Chihuahua, Mexico, where he was 
first cyanide plant boss, then super- 
intendent at Dolores; mill super- 
intendent at Lluvia de Oro; and 
mine superintendent at Batopilas. In 
March 1911, President Taft recalled 
American citizens living in Mexico. 
Mr. Kniffin then joined the U. S. 
Smelting, Refining, & Mining Co., 
with which organization he remained 
until 1936. During this period he 
served in numerous capacities, in- 
cluding superintendent of the elec- 
trolytic lead refinery at East Chi- 
cago, supervisor of production and 
transportation at Pachuca, Mexico, 
organizer and operator of the com- 
pany’s central research laboratory in 
Boston, and manager of iron and 
copper mines in New Mexico. 

When the latter operation was dis- 
continued, Mr. Kniffin turned his 
talents to oil development and pro- 
duction, serving as manager of the 
Rosita Oil Co. in Texas from 1936 to 
1941. During this same period he was 
consulting engineer to the Dept. of 
Economy of the Mexican Govern- 


ment on iron and steel investigations. 

During World War II Mr. Kniffin 
was employed in Washington with 
the Reconstruction Finance Corp., 
Defense Plant Corp., and War Assets 
Administration. In March 1948 he 
joined the Valencia Iron & Chemical 


Corp., pig iron manufacturers at 
Rusk, Texas, but in 1949 he again 
entered government service with the 
Bureau of Mines. At the time of his 
death he was engaged in analytical 
studies of the mineral economy of 
European countries in the Bureau's 
Foreign Minerals Region. 

In 1908 Mr. Kniffin married Miss 
Mary Fairhurst, a native of New 
Zealand, whom he met during school 
days in Paterson, N. J. Mrs. Kniffin, 
three children, and eight grand- 
children survive him. A daughter, 
Mrs. Audrey von Plonski, is em- 
ployed in the Latin American Affairs 
Div. of the Dept. of State. Two sons 
are practicing industrial engineers; 
Lloyd F. resides in Stratford, Conn., 
and Robert F. in Bedford, Ohio. Mrs. 
Kniffin plans to continue living in 
the family home, 3020 Tilden Street, 
Washington 8, D. C. 

Lloyd M. Kniffin was a Member of 
the AIME, the American Foundry- 
men’s Society, the Metropolitan 
Methodist Church of Washington, 
and he was active in Columbia Uni- 
versity alumni activities in the Wash- 
ington area. 


James Allen Bowers (Member 1948) 
died on Jan. 13, 1954. Mr. Bowers 
was a native of Birmingham, Ala. 
He joined the American Cast Iron 
Pipe Co. in 1922 as an apprentice 
pattern maker. During his years 
with the company he rose to super- 
intendent of the research dept., and 
in 1940 was named superintendent of 


J. A. BOWERS 


gray iron and steel melting. He had 
been a member of the American 
Foundryman’s Assn., ASM, and Elec- 
tric Metal Makers’ Guild. During his 
association with AIME, Mr. Bowers 
was vice-chairman of the Electric 
Furnace Steel Conference Committee 
in 1948. In 1950 he was Chairman 
of the Electric Furnace Steel Execu- 
tive Committee. 
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Harold John Martin (Member 1949), 
formerly with Miller & Co., Chicago, 
has died, according to Institute rec- 
ords. Mr. Martin had been associat- 
ed with the Miller firm since 1929. 
He had been traffic manager and 
was also engaged in metallurgically 
servicing pig iron, foundry coke and 
ferroalloys. 


Frederick M. Washburn (Member 
1937), assistant general superinten- 
dent, International Harvester Co., 
Wisconsin steel div., Chicago, died 
on February 8 Mr. Washburn had 
been a Past Chairman of the AIME 
Iron & Steel Div. Publications Com- 
mittee. Born at Minneapolis in 1895, 
he graduated from the University of 
Minnesota in 1917. He joined the 
U. S. Bureau of Mines as a chemist 
for approximately two years. In 
1919 he joined the Wisconsin Steel 
Works in charge of the coke labora- 
tory. He was promoted to assistant 
chief chemist in 1924 and two years 
later was named chief chemist. Mr. 
Washburn became assistant superin- 
tendent, metallurgy, inspection dept. 
in 1933. 


Appreciation of 
Harold Vance White 
By E. B. Norris and M. V. Nevitt 


Harold Vance White, professor of 
metallurgy and head of the dept. of 
metallurgical engineering of the Vir- 
ginia Polytechnic Institute, passed 
away January 23 in Roanoke, Va. 
after a brief illness. 

After completing two years in the 
study of metallurgy and metallo- 
graphy at VPI, he interrupted his 
studies for two years, 1922 to 1924, 
to gain experience in his chosen field 
during which time he worked for the 
Norfolk & Western Ry. on metallur- 


Pp roposed for Menbership 
— Metals Branch AIME— 


Total AIME membership on Feb. 28, 1954 
was 20,445; in addition 1492 Student Associ- 
ates were enrolled. 


ADMISSIONS COMMITTEE 

O. B. J, Praser, Chairman; R. B. Caples, 
Vice-Chairman; F. A. Ayer, A. C. Brinker, 
R. H. Dickson, Max Gensamer, Ivan A. Given, 
Fred W. Hanson, T. D. Jones, Sidney Rolle, 
J. H. Seaff, John T. Sherman, F. T. Sisco, 
Frank T. Weems, R. L. Ziegfeid 

The Institute desires to extend its privi- 
leges to every person to whom it can be of 
service, but does not desire as members per- 
sons who are unqualified. Institute members 
are urged to review this list as soon as possi- 
ble and immediately to inform the Secre- 
tary'’s office if names of people are found 
who are known to be unqualified for AIME 
membership 

In the following list C/S means change of 
status; R, reinstatement; M, Member; J, Jun- 
tor Member; A, Associate Member; S, Student 
Associate. 


California 
Glendale— Rittenhouse, John B. (M) 


Ceonnecticat 
Westport-—MacAskill, Donald (M) (R.C/S 
S-M) 


Florida 
Miami—Goradesky, Arnold (J) (R. J) 
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gical inspection and testing. He re- 
turned to VPI in September 1924 
and received his B.S. degree in June 
1926. 

After graduation he returned to 
the Norfolk & Western, where he 
activated the metallographic test 
section of that railroad and devoted 
his particular attention to the study 
of failures in rail and rolling stock 
materials. 

In 1928 he entered the employ- 
ment of the Tennessee Copper Co. at 
Copperhill, Tenn., as assistant chief 
chemist. From 1929 to 1930 he was 
metallurgist for the Berry Iron & 
Steel Co. at St. Joseph, Mo. In Sep- 
tember 1939, he returned to his alma 
mater as instructor in metallurgy 
and pursued postgraduate study, re- 
ceiving the degree of master of 
science in metallurgy and metallo- 
graphy in June 1932. 

He was promoted rapidly, and, on 
the death of Dr. William E. Barlow 
in 1938, he was made acting head of 
the dept. In 1942 he was made per- 
manent head of the dept. and pro- 
fessor of metallurgy. 

During his postgraduate program 
he became interested in the casting 
properties of type-metal alloys and 
early developed the significance of 
surface tension as a factor in runa- 
bility. He also developed methods 
of determining surface tension. In 
this work he was assisted by the 
Metals Refining Co. and the Im- 
perial Type Metal Co. Much of the 
research was done at the plant of the 
latter company in Philadelphia. This 
work resulted in three publications 
of the Virginia Engineering Experi- 
ment Station. 

Out of this work on lead base 
alloys came another interesting re- 
search. The U. S. Fish and Wildlife 


Ilinets 
Chicago—Lagerstrom, Glenn R. (M) 
Hinsdale—Brannan, John H. (A) 


Indiana 
Chesterton—Edmondson, Robert N. (A) 
Hobart—Howard, James M. (M) 


Kentucky 
Lexington—Hammond, Joseph P. (M) (R. 
c/S-—S-M) 


Massachusetts 
Holden—Bibbins, Gareth L. (M) (R.C/S— 
S-M) 


Montana 
Anaconda—Emanuel, Walter A. (M) (R. M) 


Michigan 

Allen Park—Guthrie, Robert (M) 

Ann Arbor—Upthegrove, William R. (J) 
Birmingham—Swartz, Anthony R. (A) 
Detroit—Thomson, Robert F. (M) 
Grosse lle—Harley, Theodore H. (M) 
Royal Oak—Hunter, Joseph ©., Jr. iJ) 


Nevada 
Panaca—Phillips, Loyal S. (M) 


New Jersey 

Burlington—Blythe, Joseph G. (A) (R.C/S 
S-A) 

Coytesville—Roorda, Herm J. (M) (R. C/S— 

S-M) 


New York 

Alfred—Joseph, A. David (J) 
Brooktyn—McCormack, Walter R. (J) (R. 
Cc 

Brooklyn—Petrover, Lothar L. 
Brooktyn—Rothstein, Louis (M) 


Service found that aquatic birds 
were being poisoned by eating spent 
shot picked up on hunting grounds 
and in waters. Professor White de- 
veloped alloys for shot making which 
would disintegrate rather quickly in 
water. 

Although Professor White's re- 
search endeavors brought him dis- 
tinction in the profession, he derived 
his greatest satisfaction from his 
associations with his students inside 
and outside the classroom and from 
the achievements of the graduates of 
his department. While his chief in- 
terest was in his students and alumni, 
he firmly believed that any engineer- 
ing teacher must keep in touch with 
the problems and progress of the in- 
dustries in his field. To this end he 
acted as consultant at various times 
to the Norfolk & Western Ry., the 
Imperial Type Metal Co., the Lynch- 
burg Foundry Co., the Bethlehem 
Steel Co., the Poly-Scientific Corp. 
and several insurance companies. 

Under Professor White’s guidance 
the dept. of metallurgical engineer- 
ing has enjoyed a healthy and steady 
growth in student body, in facilities, 
and in recognition by the industries 
and the profession. 

He is survived by his wife, Mrs. 
Martha C. White. 


Necrology 

Date Date of 
Elected Name Death 
1941 Francis H. Brownell Mar. 8, 1954 
1937 Benjamin Eggers March 1954 
1902 Fernando C. Fuchs Feb 21, 1954 
1944 Willard S. Girvin Unknown 
1915 Oliver Hall Feb 15, 1954 
1945 James Hannigan Unknown 
1936 Ames B. Hettrick Unknown 
1940 K. M. Leute Mar 24, 1954 
1940 Orville R. Lyons February 1954 
1950 F.R. McNamara January 1954 
1949 Albert Wood Morris Apr 1, 1954 
1938 A. L. Schneider Feb 23, 1954 
1912 Henry L. Slosson, Jr. Unknown 
1943 Jacques Van Tijn Mar. 13, 1954 
1952. Arthur Waldman Mar. 10, 1954 


Flushing—Kalimann, Silve (M) 
Woodhaven—Buglione, Vincent J. (M) (C/S 
~-A-M) 


Ohie 
Coltumbus—Cookston, Jack W. (M) 


Oregon 
Salem—Metzger, Archie W. (M) 


Pennsylvania 

Ambler--Mohr, Luther A. (A) 

Fairless Hills—Orysh, Milton S. (A) 
Munhall—McGinley, Edward E. (M) 
Phoenixville—Ott, Samuel A. (M) (C/S— 
A-M) 

Sharon—Connor, Phillips M. (M) 


Texas 
Midland—Horton, William M. (M) 


Utah 
Sait Lake City—Anderson, Rex N. (M) 


Washington 
Longview—Kneeskern, Vernon G. (M) 


Canada 
Ont., Sudbury—Koth, Warren R. (M) (R. M) 
Ont., Toronto—Stewart, Murray T. (M) 


England 
London—Perry, Timothy G. (J) 


Italy 
Milan—Signora, Mario (M) 


Portugal 
Serrinha, Douro-——Mendes, Manuel T. (M) 


Switzerland 
Winterthur—Zingg, Ernest 
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ELECTRIC TOPS FOR PRODUCTION OF HIGH GRADE STAINLESS, ALLOY AND RIMMING STEELS 


MELTING FURNACES 


A Few of the Many 
Satisfied users of 
HEROULT FURNACES 


ed the standard of 


efficiency and safety! 


Ohio Steel Foundry Company 
Republic Steel Corporation Embodying the latest in mechanical and electrical equipment, 

Rotary Electric Steel Company these widely used furnaces are noted for their efficient per- 
The Timken Roller Bearing Company 


; formance, safety, and low operating cost and maintenance. 
Vanadium-Alloys Steel Company 


We welcome an opportunity to help you select and install 
the furnace best suited to your particular requirements. 


NEW CATALOGUE NOW READY 


Contains up-to-date information on Heroult Elec- 
tric Melting Furnaces — types, sizes, capacities, Contracting Offices in New York, Philadelphio, Chicago, 


ratings, etc. Write Pittsburgh Office for free copy. Sen Frencisce ond other principal cities. 
United States Stee! Export Compony, New York 


AMERICAN BRIDGE DIVISION, UNITED STATES STEEL CORPORATION 
GENERAL OFFICES: 525 WILLIAM PENN PLACE, PITTSBURGH, PA. 


e 


“National” carbon is found in more than 40% of this country’s blast furnaces. 


linings are bought on the basis of consistent, proved performance. Again and 
again, in over a hundred campaigns, “National” carbon linings have delivered: 


Wh 2 Like any other investment by cost-minded steel producers, “National” carbon 


® Consistently longer life 


® Consistently smoother operation (even during 
blow-in after bank) 


ANOTHER ONE OF 
THOSE “NATIONAL” 
CARBON LININGS! 


Heres the record: 31 “National” linings have aver- 


aged 2% million tons per campaign. Of these, 18 have produced 
more than 2¥2 million tons and one is well over the 3% million 
mark. They’re still going strong! 


W/Z 


The term “National” is a registered trade-mark 
of Union Carbide and Carbon Corporation 


Vhs NATIONAL CARBON COMPANY 
> ee figs A Division of Union Carbide and Carbon Corporation 
NATIONAL 30 East 42nd Street, New York 17, N.Y. 
CARBON ~ j iS District Sales Offices: Atlanta, Chicago, Dallas, Kansas City, 
ae New York, Pittsburgh, San Francisco 


IN CANADA: Union Carbide Canada Limited, Toronto 


NATIONAL CARBON propucts @ 
BLAST FURNACE LININGS + BRICK + CINDER NOTCH LINERS + CINDER NOTCH PLUGS + SKIMMER - 


BLOCKS + SPLASH PLATES + RUNOUT TROUGH LINERS + MOLD PLUGS + TANK HEATERS 


an 
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Bernstein 


475°C Embrittlernent in Stoiniess Stezts Leno, MF. 


H. C. Gatos, Kurtz 61 


Monocryitels J. Gilman 621 


Creep of Alloy | C. S. Roberts 


of Hot Rolied Steel BW. Boulger, RH. Frazier 645 


Impact Transition of Some Perlite-Free Mild Steels 
by Hct i Alpe Regs A. Jowefsson 
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Mechanical Properties of Beryllium Fabricated By 
Powder Metallurgy 


by W. W. Beaver and K. G. Wikle 


A general survey of the mechanical properties of commercially 
pure beryllium fabricated from powder by vacuum hot pressing and 


other consolidation methods is presented. The effect of fabrication 
method, grain size, strain rate, and directionality upon both room 


ERYLLIUM metal, in spite of its rather restricted 
use, has been the object of attention for many 
researchers in the past half century. However, such 
work was performed on special experimental lots 
of metal made in small quantities by a variety of 
reduction methods. Not until 1946 was there a sub- 
stantial production of beryllium metal, and not until 
1950 was there a steady production of a commer- 
cially standard beryllium in the United States. This 
output was both the result of a requirement of the 
Atomic Energy Commission for a high grade beryl- 
lium of consistent quality and the development of a 
powder metallurgy process, by the Brush Beryllium 
Co., known originally as Process Q, which yielded a 
fine grained beryllium suitable for fabrication. Be- 
cause this powder metallurgy product, known as 
QMV, superceded other types of metal made pre- 
viously and represents the great majority of beryl- 
lium in use today, it seems worthwhile to present 
the results of studies on the mechanical properties 
of this metal as currently made. 

To the design engineer and the metallurgist, 
beryllium has extremely interesting properties. It 
is as light as magnesium alloys while having a stiff- 
ness modulus 40 pct greater than steel and a 
strength-weight ratio superior to titanium and alum- 
inum alloys and aircraft steels. The melting point is 
high, 1287°C (2348°F), and it has good corrosion 
resistance both in air and water. Also, it is highly 
transparent to X-rays and has good heat and elec- 
trical conductivity (electric conductivity is greater 
than 40 pct of Cu). To the atomic energy program 
beryllium is considered a valuable material because 
of its low neutron-capture cross section and high 
neutron-scattering cross section which make it a 
good moderator and reflector for the lower velocity 
neutrons. A major technical difficulty limiting the 
use of beryllium, especially in structural applica- 
tions, has been its notch sensitivity and consequent 
room temperature brittleness. 


W. W. BEAVER, Member AIME, is Director of Process Develop- 
ment, and K. G. WIKLE, Junior Member AIME, is Section Head, 
Metallurgy and Fabrication Development, The Brush Beryllium Co., 
Cleveland. 

Discussion on this paper, TP 3736E, may be sent, 2 copies, to 
AIME by July 1, 1954. Manuscript, Sept. 14, 1953. New York Meet- 
ing, February 1954. 
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and elevated temperature tensile properties is reported. 


Table |. Mechanical Properties of Cast and Flake since 


Vacuum Cast 


Ultimate tensile strength, psi 20,000 
Elongation, pet 0 
Extruded 
and Annealed 
As Extreded 1 Hrat 
Leng. Trans. Long. Trans. 
Extruded Flake (11:1 Reduction Ratio) 
Ultimate tensile 46,600 29,100 63,600 25,500 
strength, psi 
Elongation, pct 0.55 0.3 5.0 0.3 
Extruded Vacuum Cast (11:1 Reduction Ratic) 
Ultimate tensile 32,700 19,400 39,900 25,500 
strength, psi 
Elongation, pet 0.36 0.30 1.82 0.18 


Extruded and Annealed 
As Extruded 1 Hr at 800°C 


1208 500 1208 
Extruded Vacuum Cast (Extruded 500° te 1208°C 
at 11:1 Reduction Ratio) 
Ultimate tensile 73,200 51,200 51,300 51,600 45,100 50,200 
strength, psi 
Elongation, pct 0.31 1.45 3.76 3.35 2.47 3.8 


Kaufmann, Gordon, and Lillie’ have reported 
their work on the mechanical properties of beryl- 
lium performed from 1946 to 1950. They studied 
the room and elevated temperature properties of 
cast and extruded beryllium and extruded electro- 
lytic flake, Table I. Cast and extruded alloys of 85 
to 99 pct Be were tested also. 

They found that extruded metal developed good 
strength and appreciable ductility in the extrusion 
direction and that thermal treatment and alloying 
provided little improvement in mechanical proper- 
ties. They concluded that preferred orieriation and 
fine grain size were the means of obtaining optimum 
tensile properties in beryllium. Other investigators 
have measured and commented on one of the most 
striking mechanical properties of beryllium, namely, 
its abnormally low Poisson’s ratio.’ 

Udy, Shaw, and Boulger’ presented the latest 
published survey on properties of beryllium but 
their information is based only on published data 
available before April 1949 and cites little informa- 
tion on metal fabricated by powder metallurgy 
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which now represents the bulk of commercial pro- 
duction. Hausner and Pinto’ described their experi- 
mental studies of beryllium powder metallurgy and 
offered some basic information about the sintering 
process for beryllium but gave little attention to 
mechanical properties. 

A literature survey shows that little has been 
published on metal produced after 1950, especially 
concerning the mechanical properties of beryllium. 
Since practically all production of hot-pressed or 
powder-processed metal was performed after this 
date, little data has been presented in the nonclassi- 
ified literature. 


Powder Metallurgy Processing 

Process Q is a method wherein cast beryllium 
ingots are comminuted into powder which is then 
consolidated by hot pressing into fine grained billets 
of large size. The raw metal is made as pebble by 
the reduction of BeF, with magnesium. The result- 
ant beryllium pebble is vacuum melted and cast 
into ingots of a size suitable for powdering. A 
variety of beryllium shapes are prepared by low 
pressure (100 to 200 psi) hot pressing under vacuum 
at 1050° to 1100°C (process Q). This basic fabrica- 
tion method has been augmented by a number of 
other powder metallurgical techniques involving 
cold pressing and sintering, hot pressing at high 
pressure, hot molding processes singularly or in 
conjunction with extrusion, forging, rolling, etc. 
Such powder compacting, especially the low pres- 
sure hot pressing, is performed on large volumes of 
metal (up to 3 cu ft billet size) and is somewhat 
unique in the field of powder metallurgy from this 
standpoint. 

To answer the, question why powder metallurgy 
techniques are considered necessary in producing 
the most fabricable type of beryllium, the following 
summary is offered. Primarily, cast beryllium is 
unsuitable as raw material for fabricating beryl- 
lium shapes because of the following reasons: 

l1—Commercially pure beryllium is difficult to 
cast into sound ingots. 

It must be melted in vacua to protect the metal 
from oxidation, to lower the magnesium and BeF, 
contents by distillation, and to avoid porosity caused 
by gas evolution during solidification. 

Folds and cold shuts are sometimes prevalent in 
the casting. 

Graphite, although the most acceptable mold 
material, may promote carbide formation during 
pouring. 

In the commercially pure state, beryllium exhibits 
a narrow freezing range, and a large shrinkage pipe 
is difficult to avoid. 

Beryllium has a low specific gravity (1.85 grams 
per cc) and fluxes and other inclusions are sepa- 
rated out with difficulty by gravity. 

The metal is subject to thermal shock cracking, 
and damage during cooling is difficult to avoid. 

Beryllium has low strength near the solidus tem- 
perature and this hot shortness may cause cracking 
if shrinkage is restricted. 

2—Commercially pure beryllium castings have a 
large grain size. Such a grain structure makes the 
casting very fragile and difficult to fabricate by 
ordinary deformation processes, such as forging, 
rolling, etc. 

3—Beryllium castings have poor machineability 
The large grains contribute to very poorly machined 
surfaces while the fragile structure makes machin- 
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ing unreliable, especially if intricate shapes or thin 
sections must be made. Abrasive oxide and carbide 
inclusions, often large in castings, also shorten tool 
life considerably. 

4—Cast metal is generally unsuitable for struc- 
tural parts because of high porosity, poor mechani- 
cai properties, and large grain size. 

5—Fabrication of cast metal by mechanical work- 
ing imparts pronounced anisotropy to beryllium. 
‘the properties in the direction of deformation im- 
prove on working but those transverse to this direc- 
tion are poor. 

Processing beryllium by powder metallurgy has 
been found advantageous principally because it pro- 
vides randomization of the anisotropic structure 
and controlled fine grain size in the metal. The 
powder is produced commercially by simply grind- 
ing the massive cast metal down to the particle size 
desired. Minus 200 mesh powder has proved to be a 
suitable end point for comminution that can be 
accomplished economically, and provides on pressing 
and/or sintering a metal of satisfactory quality. 
Fine grain size is desirable for the following reasons: 

First, in the vacuum hot pressing process the 
powder is loaded into the pressing mold and falls 
into a nearly random grain orientation. The possi- 
bility of obtaining such grain randomness is en- 
hanced with fine powder. Consequent compaction 
at 1050°C at low speeds and low pressures does not 
seriously change the particle orientation, and the 
resultant vacuum sintered block then retains the 
random orientation in its grain structure. Thus, un- 
like mechanically deformed metal which has pro- 
nounced preferred orientation, hot-pressed beryl- 
lium, at least when pressed at low pressures and in 
a vacuum, is unique in having very isotropic physi- 
cal properties. 

With conventional hot pressing, because a gaseous 
atmosphere is present, higher pressures must be 
employed (up to 8000 psi is required at 1050°C) 
and greater compacting speeds are generally used. 
Thus metal may be plastically deformed and the 
compacts may become anisotropic in the direction 
of pressing. In sharp contrast, the vacuum hot press- 
ing technique using low compacting pressures and 
long compacting times is more truly a sintering 
process in which a minimum of gross metal defor- 
mation occurs. 

Since single crystals of beryllium are in the hex- 
agonal close-packed system and are highly aniso- 
tropic, powder metallurgy, vacuum hot pressing in 
particular, appears at present to be the principal 
method to impart isotropic properties to a poly- 
crystalline mass of beryllium metal. 

For structural use, both a fine grained metal and 
a material having identical properties in all direc- 
tions are of utmost importance. Fine grain size in 
the vacuum hot pressing process is obtained by 
starting with —200 mesh powder particles (15 to 20 
microns average size) and maintaining this small 
size by sintering o” hot pressing at temperatures 
low enough to avoid excessive grain growth. Be- 
cause of the normal uxide film on the beryllium 
powder, appreciable grain growth does not take 
place until about 1150° to 1200°C, when instantane- 
ous growth may occur through breakdown of the 
oxide barrier coating. Consequently, the particle 
size of the initial powder largely controls the grain 
size of the fabricated metal within specified tem- 
perature limits (1000° to 1150°C), time and metal 
purity being minor variables. 
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Second, in sharp contrast to producing random- 
ness as just cited, fine particle size (or grain size) 
can also aid in obtaining optimum mechanical prop- 
erties coupled, however, with the highest degree of 
preferred orientation. The best orientation for 
strength and ductility, according to Barrett,’ pro- 
vides an available basal slip plane which is located 
in such a manner that not only large loads are nec- 
essary to initiate slip on this plane but are also 
necessary for fracture on the basal or prismatic 
fracture planes. 

The best means of inducing alignment of basal 
planes along with the 1010 direction parallel to a 
given axis is by means of deformation processes 
carried out at high temperatures. Although cast 
material can be hot extruded and a high degree of 
preferred orientation is set up, hot extrusion of 
compacted beryllium powder produces a material 
of appreciably higher tensile strength and elonga- 
tion. Extruding a fine grained powder billet ap- 
parently results in a more uniformly and effectively 
hot worked rod with a higher degree of desirable 
alignment of slip planes. In addition, the gross 
fiber structure of rod extruded from powder com- 
pacts has smaller and more uniformly distributed 
inclusion stringers. Therefore, hot extruded rod 
made from powder billets generally exhibits a 
higher degree of preferred orientation, a finer grain 
structure, and finer and better dispersed included 
matter, all of which tend to give it the optimum 
combination of strength and ductility developed in 
fabricated beryllium. 

Hot pressing is a more desirable technique than 
the conventional cold press-sinter sequence for con- 
solidating beryllium because of certain inherent 
characteristics of the metal. Beryllium powder 
particles have a rather impervious oxide film up to 
825°C. This barrier to particle bonding must be 
disrupted for effective sintering to occur. Unlike 
iron, copper, etc., this layer cannot be removed by 
a reducing atmosphere such as H,. The best prac- 
tical means available is by relative particle move- 
ment in compacting which mechanically tears away 
the oxide film and provides contact of clean metal 
surfaces. Since it is difficult to compact beryllium 
powders to high densities at room temperature the 
powder fabricator turns to elevated temperatures 
where compacting pressures are lower and the film 
is less tenacious. 

In vacuum hot pressing at 1050°C, compaction 
and sintering are done simultaneously with very 
low pressure requirements (100 to 200 psi) so that 
large volumes can easily be pressed up to density 
and few die material problems exist. Thus, large 
production of high density sintered metal can be 
attained. 


Processing and Material Nomenclature 

In order to avoid repetition of definitions in the 
following sections, certain code designations have 
been used as well as a number of references to proc- 
esses which are used quite commonly but may re- 
quire explanation to those who are not familiar 
with the beryllium industry. 

In general, beryllium produced as powder by the 
Brush Beryllium Co. is designated as Q type. In the 
past, a number of different analyses of material 
have been made for powder metallurgical process- 
ing, although, since 1950, only the QMV material 
has been produced. The designations of the various 
types of material are as follows: 
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QT—Powder obtained from beryllium pebble 
which has been directly reduced with magnesium 
from beryllium fluoride without any special proc- 
essing to eliminate slag. 

QRM—Powder obtained from QT pebble which 
was remelted in beryllium fluoride and magnesium 
fluoride to obtain higher assay metal. 

QPT—Powder obtained from beryllium pebble 
produced by reduction of beryllium fluoride with 
magnesium in the presence of excess beryllium 
fluoride, usually under pressure. 

QMV—Powder made by casting QT pebble under 
vacuum into 50 Ib ingots and attritioning chips 
machined from these ingots. 

Flake—When referred to in this report, flake is 
beryllium which has been produced by the electrol- 
ysis of a molten BeCl,—NaCl mixture usually in 
eutectic proportions. 

The various powder lots consisting of around 200 
to 350 lb are designated by the letter Y followed by 
the powder lot number. This lot is blended to speci- 
fication, and fabricated shapes from this material 
are identified by a fabrication Y number. In gen- 
eral, with proper handling to avoid contamination 
from metallic elements by contact and from non- 
metallics by exposure to air at elevated tempera- 
tures, the powder changes little in analysis during 
ordinary processing. In special techniques, such as 
air hot pressing or warm pressing, as well as some 
rolling and extrusion processes, the oxide and nitride 
content may be higher after fabrication than in the 
original powder. 

The general terms warm working and hot work- 
ing are used to refer to normal temperature ranges 
for fabricating beryllium. The range of warm proc- 
essing is considered to be from about 200°C (de- 
pendent on the type of metal), the transition tem- 
perature where beryllium undergoes a change from 
a brittle to a ductile fracture, up to about 750°C, the 
beginning of the recrystallization range. The range 
of hot deformation is from 750°C up to the temper- 
ature where the oxide film no longer presents an 
effective barrier to the grain growth forces, and 
instantaneous grain growth occurs. 

The hot mechanical working usually involves 
protecting from the atmosphere through encasing 
of the beryllium to be fabricated in iron, copper, or 
nickel jackets. Below 750°C, beryllium can be 
handled, especially in solid form, without appreci- 
able attack by the atmosphere. The fabrication des- 
ignations used in this report, following either the 
warm or hot fabrication methods, are as follows: 

AP—Attritioned powder. 

HP—Vacuum hot pressed (process “Q’’). 

AHP—Air hot pressed. 

CP—Cold pressed at room temperature. 

WP—Warm pressed; unless otherwise designated, 
processed at 400° to 450°C. 

WX—Warm extruded, 400° to 450°C. 

HX—Hot extruded, unless otherwise designated, 
at 1000° to 1100°C. 


Testing Procedures 


Preliminary Consideration: After about six 
months’ production in 1950 of the QMV metal, 
which was found to be generally the most satisfac- 
tory and consistent grade of beryllium produced to 
date, it was decided to standardize on this material. 
Thus, a means of obtaining reliable test data for 
comparison with other metals, possible future grades 
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Fig. 1—0.150 in. diameter buttonhead tensile specimen. 


of beryllium, and for design information needed to 
be considered. 

Because of the notch sensitivity of beryllium and 
the quantitatively unknown factors of surface effects 
through processing, such as machining and working, 
ete., it was realized that a considerable amount of 
careful preparation was needed for setting up an 
adequate and reproducible testing procedure. This 
appeared especially important since beryllium met- 
al, which normally had been considered extremely 
brittle, demonstrated for the first time some ductil- 
ity as expressed by room temperature tensile elon- 
gation, provided this effect was not masked by 
poor preparation of the sample to be tested. 

The maintenance of a standard preparation pro- 
cedure to attain reproducible tests for beryllium, 
especially at room temperature and especially in the 
stronger and more ductile forms has been a large 
but a steadily diminishing problem. This repro- 
ducibility has been a problem toward which a large 
amount of effort in the recent past has been applied 
because beryllium could not be considered as a 
potential structural material, even though the base 
properties were satisfactory, if the reproducibility 
of the material was largely erratic. 

Setting Up for Standard Testing Procedures: A 
preliminary survey was taken to determine the 
following effects when testing beryllium under 
mechanically applied loads: 1—The effect of sample 
size. 2—The effect of sample preparation: machining 
procedures, final surface finish, heat treatment of 
sample, and location and method of application of 
gage markings. 3—Effect of sample location. 4— 
Effect of speed of testing. 

During the setup of the testing procedure and 
during the course of the investigation, a number of 
test bar designs and dimensions were evaluated, 
both at the Brush Beryllium Co. and at other sites. 
In addition, exchanges of samples of the same metal 
for testing by various procedures were carried out. 
Some of the comparison testing, bringing in the 
effects of sample size, method of préparation, loca- 
tion of sample, and variance in operation, was car- 
ried out at Case Institute of Technology and Massa- 
chusetts Institute of Technology. 

Sample Size: The small button-head tensile 
sample shown in Fig. 1, which was developed at 
Case Institute of Technology primarily for testing 
materials exhibiting low ductility and high notch 
sensitivity, was adopted and used in this work. This 
specimen was demonstrated to give reliable re- 
producible tensile testing results comparable to 
those from 0.505 and 0.250 in. diameter bars in spite 
of its small size. Since beryllium is a material of 
appreciable cost and since some experimental lots of 
beryllium are only available in small quantities, it 
is advantageous to keep the test bar size as small as 
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Sample Preparation: The preparation of beryl- 
lium specimens for mechanical testing is very criti- 
cal. Poor and inconsistent values almost always can 
be traced to surface damage occurring in sample 
preparation (smearing, residual stressing, twinning, 
microcracking, etc.). 

Best machining is accomplished by using decreas- 
ing depths of cut until, during the finishing cuts, no 
more than 0.001 in. is removed in one pass. Sharp 
cemented carbide tools and slow cutting speeds are 
necessary to reduce heating of the specimen and 
surface damage. Removal of the damaged machined 
surface by mechanical lapping and by chemical or 
electrolytic polishing also has been found necessary 
as a precaution to assure trustworthy mechanical 
data. Although grinding with a freshly dressed 
wheel, especially if coolant is used, may be an ex- 
cellent finishing technique, the required equipment 
was not available for this work and it was neces- 
sary to turn samples on a smali lathe. Such turning 
was done in light cuts at relatively low rates of feed. 

The final standardized preparation given to ten- 
sile test bars in this work was established as follows: 
turning down carefully to prefinish dimensions, 
preliminary longitudinal lapping through No. 1 
polishing cloth, annealing at 750°C for 20 min in 
air (not applied to work hardened metal unless an- 
nealing is specified), removal of the oxide coating 
by final lapping with 400A paper, removal of 0.0015 
to 0.002 in. on the diameter by a chemical polishing 
which gives a highly reflective etched surface, and 
applying gage marks for elongation measurement 
by coating with bluing, the marks made with an 
aluminum scribe which removes lines of bluing 
without scratching the beryllium. Only slight cut- 
ting into the metal seriously damages the surface 
and causes premature fracture to occur at the gage 
marks. 

Sample Location: Table II demonstrates the effect 
of sample location. The direction of sampling hot 
pressed blocks appears to be unimportant, since, 
within experimental error, all the tensile values are 
similar and thus the material appears isotropic as 
far as gross mechanical properties are concerned. 
Apparently the edge of a hot extruded rod is more 
severely hot worked and exhibits somewhat supe- 
rior tensile properties than the metal surrounding 
the neutral axis. 

Testing Speed: The effect of strain rate on the 
tensile properties of beryllium was surveyed to de- 
termine a suitable rate of loading. Strain rates of 

.l and 0.01 in. per min gave comparable and repro- 
ducible results. Consequently, the higher rate was 
adopted as standard in this work. 


Table Ii. Effect of Sample Location on Tensile Properties 
of Vacuum Hot Pressed Beryllium 


Yield 
Ultimate Strength, 
Tensile 0.2 Pet 


Strength, Offset, Elen- 
Material Lecation Psi Psi gation, Pet 

Y-4540-HP x direction in 45,100 32,000 2.0 
QMV pressed block 

y direction 46,100 33,600 3.0 

z direction 44,300 30,800 2.0 

Y-4479-HP x direction in 34,550 33,700 — 
QRM pressed block 

y direction 38,900 38,500 1.1 

z direction 35,900 34,500 22 

Y-4431-HP x direction in 36,100 30,000 11 
QPT pressed block 

y direction 31,600 30,500 11 

z direction 36,400 29,500 22 
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drawing of the con- 
centric tensile load- 


v4 ing fixture setup for 
room temperature 


Fig. 3—Concentric tensile loading jig setup for elevated tempero- 


Tensile Testing Procedures: Room Temperature: 
The small 0.150 in. diameter button-head specimen 
was used for most of the tensile testing in this work 
both at room and elevated temperatures. The fix- 
tures used for pulling tensile bars at room tempera- 
ture are shown in Fig. 2. 

Because of the notch sensitivity of beryllium, 
every effort is made during tensile testing to mini- 
mize any bending movement on the specimen by 
controlling the concentricity of the loading. This 
has been realized by the fixtures shown in Fig. 2. 
Using these fixtures, the specimen axis, the 0.300 in. 
diameter section, and the inner flat surfaces of the 
button-head are aligned properly to maintain maxi- 
mum concentricity. 

Elevated Temperatures: To adapt the tensile test- 
ing unit to high temperature use and to provide 
room for the specimen-heating furnace, the guide 
rods in Fig. 2 were lengthened by adding bent guide 
rods as in Fig. 3. A second set of split loading 
members and split collars were added to lengthen 
the holders. Those actually in the furnace are made 
of a heat resisting Inconel-X. 

All samples were heated up to the testing tem- 
perature starting with a relatively cold furnace. No 
special atmosphere was used, and above 800°C 
oxidation, though not serious, was noticeable. Unless 
noted, all tests were run at the same strain rate as 
used in room temperature tensile testing, i.e., 0.1 in. 
per min. 

Other Tests: The design and dimensions of com- 
pression, torsion, shear, and impact test specimens 
are pictured in Fig. 4. These tests as well as dy- 
namic modulus tests were performed at Battelle 
Memorial Institute.’ 

To compare materials being mechanically tested, 
certain evaluation methods such as chemical anal- 
yses, particle size analysis, and metallography were 


ture use. Furnace not in place. 
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Fig. 4—Room temperature test specimen designs. 


performed. The chemical analyses of some of the 
materials tested are shown in Table III. These were 
performed by methods which have been developed 
and standardized simultaneously with the develop- 
ment of the powder processing methods." 


Experimental Results 

The purpose of this investigation was to obtain 
information on the mechanical properties of com- 
mercially pure beryllium fabricated by powder 
metallurgy both to provide useful information for 
potential utilization and to secure data that should 
be helpful in fabricating beryllium metal. Thus, 
room temperature as well as elevated temperature 
properties were studied. The effect of many vari- 
ables, such as chemistry, powder particle size, 
compacting temperatures and pressures, degree of 
deformation, annealing temperatures, etc., were in- 
vestigated both to find their effect on mechanical 
properties and to guide fabrication processes toward 
optimum operating conditions. 

Room Temperature Properties: A general survey 
of room temperature properties of beryllium is 


Table ti!. Chemical Analyses of Beryllium Lots Considered in 
This Work 


Assay, BeO, Fe, Al, Mg. Ni, 
Let Ne. Pet Pet Pet Pet Pet Pet 


Y-8690-AP 0.74 
200M 
Y¥-8693-AP 0.85 
200M 
Y-8603-AP - 0.53 
100M 
Y -8694-AP . — 
¥-4540-HP 99.14 0.71 
Y-4804-HP 99.40 0.57 
Y¥-4522-HP 99.05 084 
0.86 
0.96 


1.56 


shown in Tables IV to VII. Typical values of mech- 
anical properties of hot pressed metal are given in 
Table IV at a testing rate of 0.1 in. per min. Al- 
though much higher elongation data have been 
found from time to time, the figures shown here are 
more typical as far as consistency is concerned. 
Some ranges in properties are given in Table V, 
while in Tables VI and VII typical properties are 
presented. 


Table IV. Mechanical Properties of Warm and Hot Pressed 
Beryllium Powder 


Vacuum Hot Pressed Powder 
Ultimate tensile strength, psi 
Tensile yield (0.2 pet), psi 
Tensile elongation, pct 
Tensile modulus of elasticity, 

psi at 20°C 
Temperature coefficient of modu- 
lus, psi per *C 
Compression yield (0.2 pct), psi 
Compression modulus, psi 
Poisson's ratio 
Shear ultimate (torsion), psi 
Shear ultimate (double shear), psi 
Shear yield (0.2 pet) (torsion), psi 
Shear modulus (torsion), psi 
Unnotched Charpy impact, ft-Ib 
Tensile impact, ft-lb 


| 


AtT5@°C §=6—At 1100°C 
and 15 Tsi and 1.5 Tsi 


At 565°C 
and 70 Tsi 


At 650°C 
and 50 Tsi 


Powder Pressed at Elevated Temperatures in Air 
Ultimate tensile 46,300 58,000 51 68,300 
strength, psi 
Elongation, pct 0.0 0.0 0.0 14 


Warm Pressed at 
450°C at 100 Tsi 
and Sintered at 1050°C 


Warm Pressed at 
450°C at 100 Tsi 


Warm Pressed Powder (200 Mesh) 
Ultimate tensile 30 
strength, psi 
Elongation, pct 02 
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\ 2000" WO UNDERCUTS AT 
GRP TO BE GROUND SO THAT LIKE FACES 
ON OPPOSITE ENOS ARE WN THE SAME PLANE 
iMPACT 
TORSION SPECIMEN 
0.125" 40.0008 
DOUBLE SHEAR SPECIMEN 
20.00 SQUARE 
-—-— 
TO GROUND PARALLEL TO 
OTHER WITHIN G.00005" & TO BE 
TO Tee 
COMPRESSION SPECIMEN 
QPT QRM QmMv 
A 38,500 36,400 45.200 
32.900 35,600 32,100 
1.9 11 2.3 
44.7x10° 44.4x10" 
_ 8,500 —1,700 
28.900 24,600 
44.3x10° 44.2x10¢ 
0.028 0.024 
y 31,300 38,900 
40.400 36.800 
16.600 18.300 
0.8 
— _ 14 
Cr, Si, Bet, 
0.14 0.05 0.006 0.63 0.01 005 - 
0.13 006 0.01 004 — — 
0.11 004 001 005 001 — — 
0.19 0.05 0.05 0.01 0.01 0.05 6.16 
0.13 0.05 001 06.02 0.01 0.06 0.17 
0.10 0.05 0.03 0.005 0.035 0.06 0.19 
0.16 0.05 0.01 0.07 0.01 0.07 0.11 
Y-5486 
HP-HX — ME 011 004 001 005 OO — — 02 
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Powder 


Table V. Mechanical Properties of Warm Extruded Berryllium 


As Extruded 


Annealed 
at 750°C 


Ultimate tensile 
strength, psi 

Yield strength, 
0.2 pct offset 

Elongation, pct 


95,000 
1.0 


Warm Pressed Sintered and Extruded (4:1 Reduction Ratio) 
110,000 101,300 


Annealed 
at 850°C 


500 
65,000 48,000 
8.8 11.2 


As Extruded 


Annealed at 750°C 


E Vacuum Hot Pressed and Warm Extruded 
(5:1 Reduction Ratio) Longitudinal 


Ultimate tensile 84,000-98,000 60,000-90,000 
strength, psi 
Yield strength, 82,000-95,000 45,000-55,000 
0.2 pct offset 
Elongation, pct 0-1 2-7° 
Compressive yield 86,300 51,600 
(0.2 pet offset), psi 
Compression modulus, psi 43.9x10* 42.6x10* 
Poisson's ratio 0.030 0.030 
Ultimate shear strength, 46,900 66,000 
(torsion), psi 
Shear yield strength 31,100 18,100 
(0.2 pct offset), psi 
Twist to failure, degrees 163 190 
Shear modulus, psi 20.0x10* 19.4x10* 
Double shear strength, psi 61,000 62,100 


* Higher elongation at lower reduction ratios. 


Table Vi. Mechanical Properties of Hot Extruded Beryllium Powder 


Vacuum Hot Pressed and Hot Extruded (12:1 Reduction Ratio) 
Lengitudinal 

Ultimate tensile strength, psi 
Yield strength (0.2 pct offset), psi 
Elongation, pct 


Warm Pressed and Hot Extruded (12:1 Reduction Ratio) 
Annealed at 750°C 


Ultimate tensile strength, psi 81,800 
Yield strength (0.2 pct offset), psi 39,500 
Elongation, pct 15.8 
Modulus of elasticity, psi 41.4x10° 
Compressive yield (0.2 pct offset), psi 38,000 
Compressive modulus, psi 41.8x10° 
Poisson's ratio 0.032 
Shear strength (torsion), psi 81,000 
Shear yield (torsion), psi 14,200 
Twist to failure, degrees 390 
Shear modulus, psi 21.0x10* 
Double shear strength, psi 61,300 
Unnotched Charpy impact, ft-lb 41 
Tensile impact, ft-lb 45 


Table Vil. Properties of Beryllium Forged and Rolled from Powder 


Powder Rapidly Pressed at 1160°C Using Argon Atmosphere 


Ultimate tensile strength, psi 34,500 
Elongation, pct 11 
Transverse 
Parallel Vertical 
Longi- to 
tudinal Rolling Rolling 
Vacuum Hot Pressed and Hot Rolled 
(60 Pet Reduction at 850° te 900°C) 
Ultimate tensile strength, psi 63,800 44.200 — 
Yield strength 1,000 36,000 a 
(0.2 pet offset), psi 
Elongation, pct 3.5 18 — 
Compression modulus, psi 44.8x10° 45.2x10 
Compression yield 600 35,450 41,900 
(0.2 pet offset), psi 
Unnotched Charpy, ft-lb 2-3 2-3 _ 
Elevated Temperature Tensile Properties: Vac- 


uum Hot Pressed: To cover the elevated tensile 
properties of vacuum hot pressed material as com- 
pletely as possible especially in regard to consis- 
tency, three lots having wide differences in charac- 
teristics were investigated, Fig. 5. Although all three 
were processed similarly from standard powder and 
showed no great differences in chemical analysis, lot 
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Fig. 5—Elevated temperature tensile properties for three lots of 
vacuum hot pressed QMV beryllium. 


Y-5422 had high room temperature strength, Y- 
4540 had intermediate strength, and Y-4804 was 
relatively weak. 

Another major variance was the extrudability at 
425°C. Hot pressed billet Y-4522 was extruded with 
excellent properties as well as good reproducibility, 
while Y-4540 yielded only about 25 pct good extru- 
sion product. As shown in Fig. 5, considerable vari- 
ation in ductility is found at the temperature of 
fabrication with Y-4522, the material that extruded 
well, showing a higher overall tensile elongation 
than Y-4540 which extruded poorly. It will also be 
noted that the difference in tensile strength of the 
three hot pressings diminishes until about 600°C 
is reached. At and above this temperature the ulti- 
mate strengths are the same. 

Vacuum Hot Pressed and Warm Extruded at 425° 
to 450°C: In Figs. 6 and 7 are plotted the elevated 
tensile properties of warm extruded beryllium. 
They show that annealing at 750°C lowers the ten- 
sile strength but improves ductility at least up to 
about 600°C. The rise in the strength of the an- 
nealed metal from room temperature to 150°C and 
the double hump in the elongation curve of the as- 
extruded metal at about 400° and 700°C is to be 
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Fig. 6—Elevated tensile properties of vacuum hot pressed QMV 
beryllium extruded | to ‘4 in. diameter at 425°C as extruded and 
annealed at 750°C, lot Y-4522. 


noted. Fig 7 compares the longitudinal and trans- 
verse properties of extruded and annealed rod re- 


duced 2.25:1 in area at 425°C. Considerable differ- 
ence in strength exists up to about 500°C where the 
effect of directionality becomes small. Transverse 
ductility is poor up to 300°C but at higher tempera- 
tures (600°C) may be considered comparable to that 
in the longitudinal direction. 

Hot Extruded Beryllium: The elevated tempera- 
ture tensile properties of beryllium extruded at 
1050°C using a 12:1 reduction ratio are shown in 
Fig. 8. Again as in the warm extruded material the 
strength in the transverse direction merges with 
that in the longitudinal direction at about 500°C. 
Transverse tensile ductility is less at lower tempera- 
tures but finally reaches values comparable to the 
longitudinal at higher temperatures. Y-5480 and 
Y-5486 are comparable extrusions while Y-5478 is 
a lower strength-larger grain size material. 

Effect of Several Variables on Tensile Properties: 
Grain Size: The grain size of powder metallurgy 
beryllium is quite easy to control by merely varying 
the comminution time to give the desired particle 
size. Consequent pressing or extrusion at elevated 
temperature, of course, must be controlled so that 
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serious grain growth does not occur, but this is not 
difficult, since little grain growth takes place below 
1150°C. In Fig. 9a is shown the effect of starting 
powder particle size (specific surface) on the room 
temperature strength of vacuum hot pressed beryl- 
lium. Fig. 9b indicates the accompanying percent- 
age increase in average diameter from powder par- 
ticles to sintered metal grains at maximum process- 
ing temperature. Since the average diameter of the 
powder particles was measured by the Fisher Sub- 
Sieve Sizer and of the metal grains by a microscope, 
the indicated growth is probably even less than that 
shown. Fig. 9c shows the attendant increase in BeO 
with decreasing particle size and increasing sur- 
face area. Room temperature strength and BeO con- 
tent both increase with decreasing particle size. 

The effect of grain size on the elevated tensile 
properties of vacuum hot pressed metal and on hot 
extruded beryllium is shown in Figs. 10 and 11. 
Fine grain size is seen to improve tensile strength in 
both the hot pressed material and the hot extruded 
metal at lower temperatures. The finest grained 
metal, however, inverts from strongest to weakest 
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Fig. 7—Comparison of longitudinal and transverse tensile properties 
of extruded QMV beryllium at elevated temperatures. Vacuum hot 
pressed ond extruded from 2% to 11% in. diameter at 425°C. 


TRANSACTIONS AIME 


| 
| 
3. 
| | | 
# | | | 
4 ° | 
be | [Ne 
"00 200 300 0 0 
i 
| 
i | | 
| | | 


1000 PS! 


ULTIMATE TENSILE STRENGTH 


5 
3 |° 


CONTRACTION 
\ 


Fig. 8—Comparison of longitudinal and transverse tensile properties 
of hot extruded QMV beryllium at elevated temperatures. 


material at 450° to 600°C. This is especially true for 
mechanically worked beryllium as the hot pressed 
material appears more erratic probably because of 
lesser intergranular strength. Tensile elongation in 
the hot extruded metal also shows this inversion 
from appreciable ductility in the finest grained 
metal at low temperatures to little ductility at high 
temperatures. In the hot pressed metal the effect of 
grain size becomes more erratic at temperatures 
above 600°C. 

Effect of Reduction Ratio: Figs. 12 and 13 show 
the effect of reduction ratio on the room temperature 
tensile properties of warm extruded and annealed 
beryllium and the elevated temperature tensile 
properties of hot extruded beryllium. Greater re- 
duction ratios are seen to improve the room tem- 
perature strength of warm extruded and annealed 
beryllium. Tensile elongation improves up to a 
2.25: 1 ratio then decreases slowly. 

Increasing reduction ratio improves strength of 
hot extruded metal below 350°C and seems to lower 
it (possibly by refining the grain) above this tem- 
perature. Reduction in area at ali temperatures is 
improved by increasing reduction ratios, although 
tensile elongation shows the same inversion at ele- 
vated temperature indicated above for strength 
with varying reduction ratios and, previously, for 
all properties with varying grain sizes. 
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Effect of Annealing on Warm Extruded Beryl- 
lium: Fig. 14 shows the effect of annealing for 20 
min at 750° to 1150°C. Strength of the warm ex- 
truded and strain hardened metal drops with an- 
nealing temperature while ductility peaks at 850°C 
and then slowly decreases. 

Effect of Location in Hot Extruded Bar: Table 
VIII shows that yield strength rises going from the 
front to the rear of the hot extruded rod. This shows 
the extrusion mechanical working effect, namely an 
extruded rod is hot worked less in the front and 
center and more in the back end and periphery. 

Effect of Strain Rate: Fig. 15 illustrates the effect 
of strain rate on the mechanical properties of vac- 
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Fig. 9a—Effect of starting powder particle size (specific surface) 
on tensile properties of vacuum hot pressed beryllium. 
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Fig. 9b—Percentage of growth (powder particle diameter to sin- 
tered metal grain diameter) in vacuum hot pressing beryllium pow- 
der of various particle sizes (specific surface). 
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Fig. 9c—BeO content of vacuum hot pressed beryllium compacted 
from powders of various particle sizes (specific surface). 
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Fig. 10—Effect of grain size on elevated temperature tensile prop- 
erties of vacuum hot pressed QMV beryllium, lot No. Y-8694. 


uum hot pressed beryllium at elevated tempera- 
tures. In general, it appears that the ultimate 
strength increases with strain rate for all tempera- 
tures much as it does at room temperature. The 
contraction and elongation, however, act quite dif- 
ferently; at 200° and 400°C the net change is not 
great, but at 600°C there is a substantial rise in 
ductility up to the maximum strain rate of 10 in. 
per min. 

The relations holding for hot pressed metal also 
appear to be valid for extruded beryllium (Fig. 16) 
although the elongation and contraction decrease 
with increasing strain rate at 200°C. Therefore, it 
seems that the 0.10 in. per min strain rate used in 
all other elevated temperature tensile property 


Table Vill. Variance in Yield Strength with Location of Test 
Specimen in Hot Extruded Berylliur: Rod (28:1 Reduction Ratio), 
Psi x 10° 


2/3 Position 


1/3 Position 
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studies in this investigation yielded data not too 
different than that of the 0.01 and 1.00 in. per min 
strain rate at room temperature, 200° and 400°C. 
Data from the fast 10.00 in. per min and the 600°C 
temperature vary considerably from the standard 
0.10 in. per min rate. 

Relation of Yield and Ultimate Tensile at Ele- 
vated Temperature: In most of the work described, 
yield strengths were not taken at elevated tempera- 
ture. However, in a comparison of vacuum cast- 
hot extruded, hot pressed powder, as well as hot 
pressed-hot extruded and hot pressed-warm ex- 
truded materials, the complete tensile properties 
were determined at room temperature and 538°C 
(1000°F). The data indicate that the ultimate ten- 
sile strength drops about 30 to 35 pct when increas- 
ing temperature from room to 538°C for vacuum 
hot pressed metal and about 60 to 65 pct for ex- 
truded powder. The yield strength, however, drops 
only 20 to 50 pct in value, being about 23,000 to 
29,000 psi at 538°C regardless of the fabrication 
method. 

Dynamic Modulus at Elevated Temperature: The 
effect of elevated temperatures on the dynamic 
modulus of QRM and QMV beryllium is shown in 
Fig. 17. As would be expected, the moduli decrease 
at higher temperatures dropping about 6x10" psi in 
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Fig. 11—Effect of grain size on elevated tensile properties of hot 
extruded QMV beryllium. Grain size in average diameter. 
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Fig. 12—Effect of extrusion reduction ratio on tensile properties of 
QMVY beryllium extruded at 425°C, lot No. Y-4522. 


770°C (1400°F). The 5 pct difference in the two 
types of metal may be explained by experimental 
precision or analytical variation. 


Discussion of Results 

Properties of Beryllium: The most striking fea- 
tures brought out in this study of beryllium fabri- 
cated by powder metallurgy are indicated below: 

1—Vacuum hot pressed beryllium powder ex- 
hibits nearly isotropic physical properties as a result 
of a highly randomized, fine grained structure. It 
has intermediate strength and low but significant 
ductility at room temperature. Extrusion at 425° 
to 450°C or 1050° to 1100°C imparts much im- 
proved tensile strength and ductility in the extru- 
sion direction. In the transverse direction, how- 
ever, little of this improvement takes place. 

2—Upon heating above room temperature, vac- 
uum hot pressed beryllium rapidly improves in 
ductility as measured by the tensile test. At 400°C 
from 20 to 50 pct tensile elongation and 30 to 53 pct 
reduction in area was shown to be present. How- 
ever, this tensile ductility peaks at about 500°C and 
decreases at higher temperatures. 

3—Room temperature properties of beryllium are 
closely dependent upon the type and extent of fab- 
rication performed on the metal, see Fig. 18. The 
strongest material is the metal warm extruded at 
450°C, followed by powder hot extruded at 1050°C. 
Cast and extruded metal is a weak form of beryl- 
lium, being inferior even to vacuum hot pressed 
powder in strength at temperatures lower than 
350°C. Powder hot extruded at 1050°C shows the 
greatest room temperature ductility (12 to 20 pct), 
followed by hot pressed powder extruded at 
1050°C and by hot extruded flake. Material ex- 
truded at 450°C and annealed at 750° to 850°C ex- 
hibits somewhat lower room temperature ductility 
(8 to 12 pet), and vacuum hot pressed material 
shows a smaller but significant tensile elongation 
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(1.5 to 6 pet). All of these types of beryllium con- 
trast sharply with cast beryllium which exhibits no 
ductility whatsoever at room temperature. 
4—Elevated temperature tensile tests indicate 
that beryllium fabricated by powder metallurgy has 
a brittle to ductile transition temperature at about 
100° to 300°C and an equicohesive temperature at 
about 400° to 600°C where failure takes place in 
the grain boundaries. Both temperatures vary with 
type of material and fabrication process. 
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Fig. 13—Effect of reduction ratio on the elevated temperature 
tensile properties of hot extruded QMV beryllium. 
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5—Both the room and elevated temperature 
properties of beryllium are greatly influenced by 
grain size. By starting with powder of increasingly 
finer particle size, or by means of increasing the 
amount of hot deformation, the grain size of beryl- 
lium can be effectively refined. Fine grained metal 
exhibits higher room temperature strength and 
ductility but is weaker than a coarse grained mate- 
rial above the equicohesive temperature because of 
the greater area of surface where fracture occurs. 

6—Application of a high strain rate (10 in. per 
min) when tensile testing vacuum hot pressed 
beryllium at 600°C causes a substantial increase in 
strength and elongation. This may indicate a trans- 
ition from intercrystalline back to transcrystalline 
fracture at this temperature and strain rate, Fig. 19. 

7—Beryllium fabricated by powder metallurgy 
shows considerable elevated temperature strength, 
especially up to the equicohesive temperature. Even 
in the temperature range where failure occurs in 
the grain boundaries (400°C and above), substan- 
tial strength still remains. For instance, the tensile 
ultimate is 20,000 to 30,000 psi even at 600°C. 
However, tensile strength diminishes rapidly above 
this temperature. 

8—One difference between the data on cast mate- 
rial which have been reported by Kaufmann et al.’ 
and the data presented here is in the shape of the 
elongation and contraction curves above 600°C in 
which a second peak is noted at about 800°C for 
cast metal which has been hot extruded. The double 
peaks are not indicated at all in hot pressed metal; 
however, warm extruded and hot extruded metal 
made from powder also indicated these double 
peaks, although they were not as evident as in the 
earlier investigation.’ Material which had been 
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Fig. 14-—Effect of annealing temperature on tensile properties of 
worm extruded beryllium, 6.25:1 reduction ratio. 
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Fig. 15—Effect of strain rate on the elevated temperature tensile 
properties of vacuum hot pressed beryllium, lot Y-4522-HP. 


warm extruded and annealed did not show these 
double peaks, indicating that the increase in prop- 
erties of beryllium at high temperature might be 
caused by a precipitation reaction occurring below 
the recrystallization temperature. Lack of the sec- 
ond peak in hot pressed metal may be caused by a 
lesser consolidation of the powder or because more 
complete failure takes place at the grain boundary 
in this material at elevated temperatures than in the 
worked metal. Since Kaufmann et al.’ used a pro- 
tective atmosphere and since none was used in this 
work, this difference in testing environment may 
have caused slightly different results. 

9—Another difference between the results re- 
ported here and those of Kaufmann is in hot ex- 
truded properties at temperatures above 400°C. 
Extruded flake was shown to have rather good 
strength at lower temperatures but poor strength 
at higher temperatures. The high strength at 100° 
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Fig. 16—Effect of strain rate on the elevated temperature tensile 
properties of hot extruded beryllium, 12:1 reduction ratio, lot 
Y-4841-HP-HX. 


to 400°C (at least higher than hot pressed material) 
was believed to be due to the finer starting material 
(flake compared to casting). iowever, the low 
strength in the range of 500° to 700°C, where grain 
boundary failure takes place, may be attributed to 
poor surface cohesion in the flake, probably caused 
by residual slag on the surface, which is more com- 
mon in electrolytic flake than in vacuum cast metal 
or QMV powder. 
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Fig. 17—Temperature dependence of dynamic modulus of elasticity 
for sintered beryllium. 


Comparison of Beryllium with Other Materials at 
Elevated Temperatures: In evaluating pure beryl- 
lium as a potential structural material, it is inter- 
esting to compare its properties with other such 
metals and alloys in the range where beryllium ap- 
pears most interesting, namely, 500° to 1000°F. In 
this range of temperature a number of materials 
can be used, some of which are shown in Table IX. 
Beryllium is compared here with three other light 
metals, namely, magnesium,” aluminum,” and tita- 
nium,” as well as stainless steel’* which, because of 
its high strength in relation to weight, may be con- 
sidered applicable for comparison, Fig. 20. In this 
group of materials, beryllium is the lightest, has the 
highest modulus and mechanical strength compar- 
able to titanium and annealed 316 stainless steel. 
On a strength-weight basis, beryllium shows the 
highest tensile values at all of the temperatures 
considered. 

Further studies of the elevated temperature prop- 
erties of beryllium fabricated by powder metal- 
lurgy in the range of 400° to 600°C should be made 
using longer time stress rupture and creep tests. 
Such properties are known for cast and extruded 


Fig. 18—Comparison of elevated temperature tensile strengths 
exhibited by various types of beryllium. *Data from ref. 1. 
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450°C 


Y-4522-HP-WX fractured at 0.10 in. per min strain rate. 


425°C 


Y-5480-WP-HX fractured at 0.10 in. per min strain rate. 


0.01 in. per min 0.1 in. per min. 


1.0 in. per min 10.0 in. per min 


Y-4522-HP-WX fractured at 400°C. 
Fig. 19—Tensile fractures of beryllium at elevated temperatures. 


metal.' With this material a loading of about 
10,000 psi is allowable so as not to exceed an arbi- 
trary creep rate of 0.01 pct per hr at 500°C on the 
basis of 100 hr stress rupture data. However, since 
powder metallurgy beryllium was shown to be as 
much as 50 pct stronger than cast and extruded 
beryllium in the 400° to 600°C range in short time 
tensile tests, it is probable that the long time ele- 
vated temperature properties are also superior. 


The steep decline of the tensile strength vs tem- 
perature curve of commercially pure beryllium is 
considered undesirable (Fig. 20) for a high temper- 
ature material. There are indications, as yet unre- 
ported, that this may be corrected by small additions 
of other elements. 

Beryllium is of interest in the region up to 538°C 
(1000°F) in regard to its resistance to atmospheric 
attack as well as strength-weight characteristics. 


Table IX. Comparison of Strength-to-Weight Tensile Properties of Several Materials with Beryllium 


Metal 


316 Stainless Steel 
(annealed) 


Commercially pure 
titanium 


SAP-—-aluminum 


Mg-Ce-Th alloy-T6 

QMV-beryllium 
warm extruded 
(4:1 red. ratio) 


* Approximate. 


Temperature 


Room temperature 
300°C (572°F) 
500°C (932°F) 
Room temperature 
300°C 

500°C 

Room temperature 
300°C 

500°C 

Room temperature 
300°C 

Room temperature 
300°C 

500°C 


Density 
D, 
Lb per 
Cu In. 


Modulus 
10° Pst 


Strength, Elonga- 
10° Psi tien, Pet 


Tensile Yield 
Strength/D Strength/D 


0.163 


119 


270 


BS 


572—JOURNAL OF METALS, MAY 1954 


TRANSACTIONS AIME 


RT. 300°C 400°C | 700°C 
R.T. 150°C 200°C 750°C 
a 
Ultimate 
E Tensile Yield 
D 10° Psi 
234 
206 
15.0 92 417 || 
233 
196 
PC 0.101 10.5* 104 356 277 
168 
99 
0.0656 6.5° 320 
ir 0.0667 444 666 1350 1260 


40 


ULTIMATE TENSILE STRENGT™ IN 1000 PSI 


oc 100 200 


: 


Teme 
Fig. 20—Comparison of elevated temperature strengths of QMV 
beryllium, stainless steel, titanium, magnesium alloy, and SAP 
aluminum. 


For instance, on 2 hr exposure tests at 550°C, beryl- 
lium has a weight gain of 5 micrograms per sq cm 
compared to 80 for titanium. At higher tempera- 
tures this differential increases. 


Summary 

A survey of the mechanical properties of beryl- 
lium fabricated by powder metallurgy and avail- 
able commercially at the present time has been 
made. The effect of various types of fabrication and 
of various metallurgical factors on the mechanical 
properties has been studied. The most common form 
of beryllium fabricated by powder metallurgy, the 
vacuum hot pressed material, has low but signifi- 
cant ductility, intermediate strength, and generally 
isotropic mechanical properties. Extruded forms of 
beryllium have high room temperature strength, 
appreciable ductility (up to 20 pct elongation), but 
are highly anisotropic. 

Beryllium exhibits appreciable ductility in ten- 
sion at temperatures above room temperature and 
in torsion at all temperatures. Vacuum hot pressed 
beryllium powder as well as metal plastically de- 
formed at 400° to 450°C go through a brittle to 
ductile transition at a temperature of 100° to 200°C. 
The tensile ductility of beryllium increases up to a 
temperature of about 400°C. At about 400° to 
500°C a change from transcrystalline mode of fail- 
ure occurs (equicohesive temperature) and then 
tensile ductility as well as tensile strength rapidly 
falls off. 

The major variable affecting the mechanical 
properties of beryllium is grain size. Finer grain 
sizes give better tensile strengths and ductilities at 
lower temperatures, but on reaching the tempera- 


TRANSACTIONS AIME 


ture where failure takes place at the grain bound- 
aries, fine grained metal with greater intergranular 
surface area shows less mechanical strength than 
coarse grained metal. Since beryllium acquires a 
high degree of preferred orientation in the plastic- 
ally deformed condition, the type and extent of 
fabrication also has a pronounced effect on the 
mechanical properties of the metal. 

Because of its improved ductility at temperatures 
of 300°C and above, beryllium fabrication opera- 
tions involving plastic deformations such as extru- 
sion, rolling, forging, swaging, etc. are best carried 
out from about 300° to 1100°C. Beryllium has a 
low density, a high modulus, a relatively high melt- 
ing point, and adequate strength at elevated tem- 
peratures, and thus may be considered in the com- 
mercially pure state for special high temperature 
applications up to 1000°F (538°C), the optimum 
range of properties being from 100° to 500°C. 
Should the character of the grain boundary be im- 
proved sufficiently to avoid intergranular failure 
at 400°C and above, the elevated temperature use of 
beryllium might be extended up to 800°C, where 
the limiting factor becomes atmospheric corrosion. 
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Mechanical Properties of Beryllium Copper At 


Subzero Temperatures 


by J. T. Richards and R. M. Brick 


Tests have been conducted to determine the mechanical proper- 
ties of several beryllium copper alloys down to liquid air tempera- 


tures. The materials investigated include beryllium copper, beryl- 
lium-cobalt-copper, and beryllium-zinc-copper in the wrought and 
cast conditions. As a means of evaluation, the influence of cold 
work and age hardening treatment upon subzero behavior has been 


observed. 


HE low temperature mechanical properties of 
beryllium copper are of current interest in view 
of the increasing number of subzero applications. At 
extremely low temperatures, beryllium copper com- 
ponents are employed in temperature control and 
gas liquefaction equipment. At more moderate 
temperatures, such as those encountered in arctic 
regions, these alloys find use in a wide range of 
civilian and military applications. 

Although several previous subzero investigations 
have included beryllium copper," none have been 
complete with respect to test temperatures or ma- 
terials employed. As indicated in Table I, the alloys 
used by Colbeck and MacGillivray,’ Walle,” and 
Kostenets*' were nonstandard and were not repre- 
sentative of present commercial practice. In addi- 
tion, Kostenets* did not test age hardened specimens, 
while the temperature in the other investigations” °*" 
were not carried below —100°F. These tests, however, 
indicate that beryllium copper offers interesting 
possibilities in subzero atmospheres, since the in- 
crease in strength with decreasing temperature is 
not accompanied by a reduction in ductility or im- 
pact resistance. 

As a means of checking and extending this earlier 
work at subzero temperatures, an investigation was 
undertaken at the University of Pennsylvania. In 


J. T. RICHARDS, Associate Member AIME, formerly with The 
Beryllium Corp., Reading, Pa., is now Chief Engineer, Penn Pre- 
cision Products, Inc., Reading, and R. M. BRICK, Member AIME, 
is Director, Dept. of Metallurgical Engineering, University of Penn- 
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AIME by July 1, 1954. Manuscript, Sept. 18, 1953. New York Meet- 
ing, February 1954. 
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he effects of temperature upon both elastic and plastic 
deformation are also considered. 


addition to testing the standard 2 pct beryllium cop- 
per, other alloys were also considered in wrought 
and cast forms. Charpy impact and tension tests 
were included with particular emphasis on the elas- 
tic characteristics, since beryllium copper is fre- 
quently selected for its spring qualities. Nominal test 
temperatures were +80°, —75°, —200°, and —300°F. 


Test Materials 

Wrought beryllium copper, beryllium-cobalt-cop- 
per, and beryllium-zinc-copper specimens were ma- 
chined from 0.560 in. diameter rod. These alloys 
were tested in the solution treated, cold drawn, or 
age hardened conditions. In the case of solution 
treated beryllium copper, some specimens were aged 
(3 hr at 600°F) for maximum hardness and others 
were overaged (1% hr at 750°F) to determine the 
effect of heat treatment. The compositions and aver- 
age room temperature properties of these wrought 
alloys are presented in Table II. 

The casting alloy versions of beryllium copper 
and beryllium-cobalt-copper were prepared as sand- 
cast cylinders, roughly % in. diameter x 6 in. long. 
Test specimens were machined from these cylinders. 
Conditions tested included as cast as well as solution 
treated and age hardened. Table III lists compo- 
sitional and room temperature property data for the 
cast alloys. 


Test Methods 
Tension tests were conducted on specimens having 
a 0.25 in. diameter reduced section over a 1 in. gage 
length. To insure axiality, specimens were loaded 
by means of hardened chains. The yield strength at 
0.2 pet offset was obtained from autographically 
recorded stress-strain curves resulting from a spe- 
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Fig. 1—Solution treated (A) beryllium copper rod. 


cial extensometer of the microformer type. True 
stress-strain data were calculated from autograph- 
ically recorded stress-diameter curves. 

In the elastic modulus determinations, strain was 
followed by means of two oppositely mounted SR-4 
gages of the A-12 type. The circuits were balanced 
by placing a similar strain gage on a dummy speci- 
men of the material in the same temperature cham- 
ber; however, the room temperature gage factor was 
employed. A given specimen was then exposed to 
all four test temperatures. Care was exercised to 
insure that loading was within the elastic range. 

In the subzero tests, specimens were immersed in 
coolant held in an insulated container. Subzero tem- 
peratures were obtained with liquid air at —300°F 
and freon at —75° and —200°F. 

Charpy impact tests were made on standard bars 
having a keyhole notch. 


Test Results 

Mechanical properties at room and subzero tem- 
peratures for the alloys and conditions tested are 
presented in Figs. 1 to 7. Plotted points represent 
the averages for two tests in meny cases, while up 
to six tests have been conducted in determining 
certain critical or questionable points. Generally, 
tensile strength, yield strength, and E-modulus in- 
crease with decreasing temperatures. The effect of 
temperature upon impact strength and ductility, as 
measured by elongation or reduction of area, is more 
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complex and is apparently a function of material 
condition. 

In the solution treated (A) condition, beryllium 
copper shows a marked drop in impact resistance 
and a moderate decrease in ductility with decreasing 
temperature, Fig. 1. This trend is surprising, since 
material in this condition consists entirely of face- 
centered cubic a phase. 

Upon aging, however, this trend is reversed, so 
that for solution treated beryllium copper, aged 
either for 3 hr at 600°F or 1% hr at 750°F, there is 
generally an increase in all mechanical properties 
with a decrease in temperature, Fig. 2. As expected, 
overaged specimens (1% hr at 750°F) show higher 
ductility, impact strength, and E-modulus with 
some reduction in tensile and yield strengths. Al- 
though overaged specimens contained moderate 
quantities of body-centered cubic y (sometimes 
referred to as ordered 8) phase as a result of more 
advanced precipitation, there was no evidence of 
embrittlement at any of the temperatures investi- 
gated. In fact, overaged material displayed a greater 
improvement in ductility and resistance to impact at 
low temperatures than specimens aged for maximum 
strength and hardness. 

In summarizing the effects of subzero atmospheres 
upon the mechanical properties of copper alloys, 
Smith" has called attention to the greater increase in 
ductility at low temperatures of cold worked ma- 
terial compared to annealed alloys. In the present 
study, a decrease in ductility and impact strength 
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Fig. 2—Solution treated and age hardened (AT) beryllium copper 
rod. 
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Nominal Yield Strength, Psi Pro- 
Compeo- Test Teasile pertienal Elenga- 
sition, Tempera- Strength, 0.2 Pet 0.1 Pet 0.01 Pet Limit, tion, 
Investigater Form Pet* Conditiont ture, °F Psi Offset Offset Offset Psi Pet 
Colbeck and 1 in. 2.56 Be A + 70 79,000 24,900 14,800 36.7 
MacGillivray’ diam rod 0.034 Fe ~112 86,800 29,100 22,600 37.5 
292 111,700 38,300 40.6 
AT + 70 185,300 123,300 75,800 2.8 
(2 hr at 572°F) + 14 189,800 126,500 72,800 0.8 
40 189,200 118,300 60,100 0.4 
112 202,000 147,300 80,700 0.4 
184 198,000 138,700 80,700 0.4 
— 292 214.200 155,300 108,000 3.0 
Walle* 0.078 in. 1.5 Be “%H + 68 88,200 20.2 
diam wire —- 4 98,700 22.0 
“% HT + 68 154,300 22 
(160 min at 554°F wd 168,700 2.9 
Gillett % in. 2.02 Be A + 70 72,500 39,000 46.5 
diam rod 0.26 Ni — 42 75,000 44,500 46.5 
0.09 Fe 
“%H + 70 113,000 111,000 11.0 
~~ 42 118,500 112,000 11.5 
% HT + 70 201,500 170,000 3.0 
(2 hr at 572°F) — 42 215,000 176,000 2.5 
Kostenets* % in. 1.5 Be “%H + 63 400 20.0 
diam rod 0.10 Be 321 115,200 34.0 
—423 130,700 40.0 
Richards*.¢ 0.090 in. 1.83 Be % HT + 80 
diam wire 0.22 Co (2 hr at 600°F) + 10 
0.11 Fe — 50 
—100 
Stevens Institute’ 0.062 in. 1.90 Be AT + 80 183,000 170,000 135,000 3.5 
thick strip er = (30 min at 700°F) — 100 191,000 168,000 147,000 5.0 
HT + 80 189,000 154,000 118,000 3.0 
(20 min at 700°F) —100 194,000 170,000 146,000 3.2 
% in. 1.84 Be AT +207 
sq bar 0.23 Co (30 min at 700°F) + 80 
0.13 Fe ~ 96 
% HT +207 
(20 min at 700°F) + 80 
96 


* Balance copper. % H-——half hard. 


+ A—solution treated. % HT—half hard and age hardened. 
AT~—-solution treated and age hardened. H—full hard (rolled). 
Y“% H—quarter hard. HT—full hard and age hardened. 


Yq HT—quarter hard and age hardened. 


with decreasing temperature was observed for both From a practical standpoint, it is of interest to 
solution treated (annealed) and cold worked speci- note that there is a general improvement in all 
mens, see Fig. 4. It may be significant, however, mechanical properties with decreasing temperatures 
that this diminution is considerably less in the case for wrought beryllium copper, beryllium-zinc-cop- 
of cold worked (% H) material. per, and beryllium-cobalt-copper in the age hard- 


Table Il. Wrought Test Materials. Average Room Temperature Properties 


Beryllium- Berylliam- 
Ceobalt- Zine- 
Beryllium Copper Copper Copper 
Nominal diameter, in. 0.560 0.560 0.560 0.560 
Cold drawn reduction of area, 
pet 0 33 33 22 
Average grain size, mm 0.025 0.035 — 0.035 
Composition, pet: 
Beryllium 1.85 1.86 0.58 1.13 
Cobalt 0.28 0.22 2.64 0.19 
Iron 0.12 0.13 0.13 0.07 
Silicon 0.14 0.07 0.11 0.12 
Aluminum 0.02 0.02 0.02 0.03 
Tin 0.01 0.01 0.01 0.13 
Nickel 0.02 0.01 0.03 0.02 
Lead 0.000 0.000 0.000 0.000 
Zine 0.00 0.00 0.00 0.86 
Copper Balance Balance Balance Balance 
Condition*® A AT AT “4H % HT % HT “% HT 
Precipitation hardening 
treatment None 3 hr at 600°F 1% hr at 750°F None 2 hr at 600°F 2 hr at 900°F 5 hr at 650°F 
Coefficient of thermal 
expansion, 
100° to + 70°F -- 9.0 88 89 
+ 70° to + 500°F — -- -- -- 94 9.3 9.5 
Rockwell hardness B64 c3s C35 C21 c42 C22 C28 
Impact strength, ft-Ib 
Charpy keyhole notch 103 5 7 30 5 11 11 
Tensile properties: 
Ultimate strength, psi 73,400 187,600 165,200 103,000 193,500 123,600 128,700 
Yield strength (0.2 pct 
offset), psi 34,200 145,600 125,200 98,800 168,800 107,000 104,600 
E-modulus, 1,000,000 psi 16.27 17.54 18.16 16.42 18.20 19.09 18.06 
Elongation in 1 in., pet 52 6 4 16 a 13 19 
Reduction of area, pet 74 7 11 57 12 24 36 


* See dagger footnote, Table 1. 
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Table |. Summary of Previous Investigations of Subzero Mechanical Properties of Beryllium Copper 
\ 


TRANSACTIONS AIME 


-200 -100 
TEMPERATURE ‘°F 


Fig. 3—Cold drawn and age hardened ('2 HT) beryllium copper rod. 
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8.0 20.2 2.0 £ 
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160 Table Ill. Cast Test Materials. Average Room Temperature 
is Properties 
Beryllium Beryllium-Cobalt- 
RA 10 z Cepper Copper 
Composition, pet: 
Cobalt 0. 
Aluminum 0.08 0.02 
Tin 0.05 0.02 
Nickel 0.04 0.02 
0 Lead 0.000 0.000 
Zinc 0.00 0.05 
aw 10 Copper Balance Balance 
= Condition Cast AT Cast AT 
‘. CHARP Solution treatment None 3 hr at None 3 hr at 
Precipitation harden- 1500°F 1700°F 
ing treatment None 3 hrat None at 
a Rockwell hardness C39 B90 
< a Impact strength, ft-lb 
a Charpy keyhole 
= 8 notch 15 2 23 10 
- 0 > Tensile properties 
20 $ Ultimate strength, 
psi 88,900 166,200 60,600 89,300 
2 Yield strength (0.2 
E = pet offset), psi 57,900 153,300 31,100 73,800 
E-modu) as, psi 17.17 16.09 15.11 18.06 
> Elongation in 1 in., 
- 2 pet 20 1.6 a5 94 
Oo Reduction of area, 
9 pet 27 49 33 14.9 
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Fig. 5—Cast, solution treated, and age hardened (AT) beryllium 
copper. 


ened condition, Figs. 2, 3, 4, 6. The reason for the 
behavior differences between unaged and age hard- 
ened material is not known. 

For the casting alloys, a drop in temperature 
causes the expected increase in strength and E-mod- 
ulus but exerts no marked effect upon ductility and 
impact resistance. The same trend applies for cast 
beryllium copper or beryllium-cobalt-copper in 
either the as-cast (Fig. 7) or solution treated and 
age hardened (Figs. 5 and 6) conditions. 

As a means of evaluating some of the more funda- 
mental properties, true stress-strain values were 
obtained for solution treated (A) beryllium copper 
at various temperatures. These data are plotted in 
Fig. 8. 

A number of investigators have obtained a linear 
relationship that satisfies a power equation upon 
plotting true stress-strain data upon logarithmic 
coordinates. The two constants, k and n, of this 
equation not only completely describe the shape of 
the true stress-strain curve, but also serve as a 
rough index of relative formability. The n value or 
strain hardening exponent provides a measure of a 
material’s capacity for uniform deformation pricr 
to localized necking. The k value, also known as the 
modulus of plasticity, gives an indication of the 
magnitude of the forces required in forming and is 
equal to the true stress at unit strain. 

True stress-strain data at the highest (+77°F) 
and lowest (—301°F) temperatures have been log- 
arithmically plotted in Fig. 9, while several nominal 
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and true stress-strain properties are summarized in 
Table IV. Since a nonlinear relationship has been 
obtained, the strain hardening exponent is a func- 
tion of stress. In spite of this condition, the average 
slope* employed in calculating the strain hardening 


* Slope at maximum load. 


exponents in Table IV probably gives a more accu- 
rate value than the strain at maximum load (indi- 
cated by arrows in Figs. 8 and 9), due to the diffi- 
culty in selecting a representative strain from the 
flat portion of the nominal curve. 

The true stress-strain properties given in Table IV 
for room temperature agree rather closely with 
earlier data’ for beryllium copper, when proper al- 
lowance is made for grain size variations (0.025 to 
0.090 mm). The increase in the strain hardening 
exponent with decreasing temperature is in accord- 
ance with other work on copper materials.” 

Although the plastic characteristics of unaged 
beryllium copper are of interest in evaluating form- 
ability, the elastic properties are of greater impor- 
tance in considering age hardened material. Typical 
stress-strain curves illustrating the influence of test 
temperature upon the stress-strain relationship in 
the elastic region for cold drawn and aged (% HT) 
rod are shown in Fig. 10. 

When these data are plotted on an enlarged scale, 
it is noted that a curvilinear relationship exists be- 
tween stress and strain. Within the elastic limit, 
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Fig. 6—Cold drawn and age hardened (2 HT) beryllium-cobalt- 
copper rod and cast, solution treated, and age hardened (AT) 
beryllium -cobalt- copper. 
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points representing loading and unloading fall on 
the same curved path instead of forming a hysteresis 
loop. Since permanent set does not accompany this 
nonlinear relationship (at least at low stresses), 
strain is apparently a function of time. This means 
that an increase in strain rate should cause a reduc- 
tion in curvature, so that eventually the stress- 
strain relationship at sufficiently high strain rates 
will approach a linear condition as a limit.’ To ob- 
tain the results observed in the present investiga- 
tion, it is necessary for both relaxation and re- 
coveryt to proceed at approximately the same rate. 


+ This refers to strain recovery (creep recovery, etc.) and is in 
no way connected with the low temperature annealing treatment 
for the removal of residual stresses. 


Table 1V. True Stress-Strain Data for Solution Treated 
Beryllium Copper 


Test Temperature 
~-301°F —200°F +77°F 


Nominal Stress-Strain Data: 


Ultimate tensile strength, psi 97,800 84,300 74,200 73,400 
Yield strength (0.2 pct offset), 

psi 57.200 45.500 38,400 34,200 
Elongation, pct 50.0 50.7 54.7 51.6 

True Stress-Strain Data: 

Modulus of plasticity, psi 245,000 211,000 184,000 176,000 
Strain hardening exponent 0.527 0.522 0.486 0.486 
True stress at ultimate load, 

psi 171,000 165,000 130,000 118,000 
Fracture stress 280,000 280,800 239,800 228,300 
Total strain (In Ao/A;) 1.166 1.371 1.384 1.315 
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Fig. 8—True stress-strain curves for solution treated (A) beryllium 
copper rod. Arrows indicate maximum loads. 


Curvature below the elastic limit is therefore due to 
anelastic rather than plastic behavior, as distin- 
guished by Lubahn.” 

As a means of studying this curvature, tangents 
were drawn to the curves of Fig. 10 at 20,000 psi 
stress increments. The slope of these tangents rep- 
resents the E-modulus at the point of tangency, and 
the resulting tangent moduli are plotted as func- 
tions of stress in Fig. 11. According to the usual 
definition, the proportional limit for the curves in 
Figs. 10 and 11 would be at zero stress, although the 
elastic limit (based upon 0.002 pct permanent set) 
is 101,800 psi, at least for specimens tested at +79°F. 

Fig. 11 indicates that the E-modulus at +79°F is 
not only substantially lower than at —301°F, but 
that the curvature or decrease in modulus with 
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Fig. 9—True stress-strain curves plotted logarithmically for solution 
treated (A) beryllium copper rod. Arrows indicate maximum loads. 
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Fig. 10—Nominal stress-strain curves for cold drawn and age 
hardened (% HT) beryllium copper rod. 


stress is greater at room temperature. This is to be 
expected, since anelasticity generally increases with 
increasing temperature. 


Conclusions 

Tests have been conducted to determine the me- 
chanical properties of several beryllium copper al- 
loys at temperatures ranging from —301° to +79°F. 
The results agree in general with earlier investiga- 
tions indicating a general improvement in mechani- 
cal properties at low temperatures, except that an 
anomalous drop in ductility and impact strength has 
been observed for unaged specimens in subzero at- 


STRESS, 1000 PSI 


Fig. 11—Variation of tangent E-modulus with stress for cold drawn 
and age hardened (¥ HT) beryllium copper rod os derived from 
Fig. 10. 


580—JOURNAL OF METALS, MAY 1954 


mospheres. This finding is of limited significance, 
because beryllium copper is generally employed in 
the age hardened condition. 

Since solution treated specimens exhibit greater 
uniform elongation or strain at the maximum load 
at low temperatures than at room temperature, it is 
probable that the reduced overall elongation in sub- 
zero atmospheres may be due to a decrease in neck- 
ing strain or local elongation. This assumption is 
corroborated by the reduction of area figures which 
show a decrease at low temperatures. Consequently, 
useful deformation, as required in forming, in- 
creases with a drop in temperature. 

The effect of subzero atmospheres upon the elastic 
behavior of beryllium copper has also been consid- 
ered. Although a decrease in temperature extends 
the elastic region, stress-strain relationships at all 
stresses and temperatures are nonlinear. The de- 
gree of curvature, however, decreases with a reduc- 
tion in temperature, while the E-modulus shows its 
usual temperature dependency. 
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Investigation of the Heat Treatment Of 


Commercial Titanium-Base Alloys 
by L. Luini and E. Lee 


An exploratory survey of the heat treatment response of com- 
mercial titanium alloys (Ti-150A, RC-130B, and MST 3AlI-5Cr al- 


loys) shows a wide range of possible hardness and microstructural 
characteristics. The hardening is primarily dependent on the solid 
state transformation of the £ phase. An age hardening reaction 
which apparently is associated with @ decomposition and precipita- 
tion has been shown. Brittleness and notch sensitivity appear to be 
characteristic of age hardening to high hardness. Ductility, tensile 


NUMBER of commercially produced titanium- 
base alloys have been made available by the 
titanium metals industry. These alloys were devel- 
oped to combine the light weight of titanium with 
increased strength through alloy additions. Usually 
the properties of these alloys are reported for mate- 
rial in the hot rolled and annealed condition. Since 
the production of commercial titanium has preceded 
the investigation of titanium-base alloy systems, the 
potential of these alloys is not well known. Al- 
though heat treatability has been indicated for these 
alloys, data on the response to heat treatment are 
quite limited. 

The heat treatability of titanium is based on the 
allotropic transformation of the high temperature, 
body-centered cubic 8 structure to the low tempera- 
ture, hexagonal close-packed a structure at approx- 
imately 1625°F. This transformation in the pure 
metal is of little practical significance in heat treat- 
ment since the high temperature phase is not amen- 
able to controlled transformation. Alloy additions 
serve to alter the transformation kinetics and per- 
mit control of the transformation by heat treatment 
variables. 

The effects of different alloys on the allotropic 
transformation in titanium classify them in two 
general categories,’ a stabilizing and £ stabilizing 
elements. The a stabilizers, represented by alumi- 
num and oxygen, raise the temperature limits of the 
low temperature phase and introduce a two-phase 
a + £ temperature range. The £ stabilizers, repre- 
sented by molybdenum and columbium, lower the 
equilibrium temperature of 8 and give rise to an 
extended temperature range where both a and £ 
phases are stable. Another type of £ stabilizer, rep- 
resented by iron, chromium, and manganese, intro- 
duces a eutectoid reaction. 

Some commercial titanium alloys belong to com- 
plex multiple element systems. Based upon the 
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strengths, and elongations are given. 


Table |. Commercial Titanium-Base Alloys Investigated 


Cr, Fe, Al, Mn, O c N, W, 
Pet Pet Pet 


Grade Heat Pet Pet Pet Pet Pet 

MST-3A1-5Cr 22F17A2 5.74 3.37 0.46 0.063 
19F16A2 4.38 3.87 0.38 0.096 
2K47A2 448 0.32 3.16 0.54 0.076 

RC-130B B3083 — — 32 45 0.16 = 
B3132 — — 41 46 0.14 _ 

Ti-150A 2.7 1.32 0.25 0.02 0.02 0.03 

(nominal 


composition) 


phase diagrams of the binary systems, the general 
effect of commercial compositions is to vary the 
stability of the high temperature phase and signifi- 
cantly alter its transformation § characteristics. 
Therefore it is expected that the characteristics of 
alloyed titanium can be altered by heat treatment. 
The present investigation was undertaken to survey 
the variations in hardness, microstructure, and me- 
chanical properties as affected by heat treatment 
variables. 
Commercial Alloys Investigated 

The commercially available titanium-base alloys 
selected for this investigation and obtained as % in. 
diameter hot rolled and annealed bars are listed in 
Table I. 

The producer did not determine the chemical 
composition of the Ti-150A heats X1052 and L685. 
The early heats of Ti-150A, prefixed with the letter 
X, were melted with tungsten-tipped electrodes and 
cast in approximately 500 lb ingots 12 in. in di- 
ameter. The heats prefixed with the letter L were 
melted under a revised melting practice yielding 
approximately 1300 lb ingots 16 in. in diameter. The 
final annealing treatment was at 1200° to 1250°F for 
1 hr. 

The MST-3AlI1-5Cr alloy was melted in an induc- 
tion furnace and cast in 7 in. diameter ingots. This 
practice produces high carbon material and some 
variation in the amount of carbides was found in 
different sections of the same bar. 

The RC-130B alloy was melted with a carbon arc. 
This alloy showed approximately 2 pct carbides. No 
large segregation effects were observed. 


MAY 1954, JOURNAL OF METALS—581 


4 
. | 
vil 
3 
4 
| 
a 


200 1300 400 1500 1600 1700 1800 


Temperature -°F 


Fig. 1—Effect of solution temperature on hardness of Ti-150A 
(Ht. X1052). 


The mechanical properties as reported by the pro- 
ducers are listed in Table II. 


Experimental Procedure 

All of the hardness and microstructural data 
were obtained with individual specimens % in. in 
diameter and \% in. long. Heat treating was accom- 
plished in a muffle furnace with a helium atmos- 
phere when temperatures exceeded 1100°F. Con- 
tamination of the specimens was not excessive and 
was confined to the surface. Following heat treat- 
ment, each specimen was sectioned longitudinally 
and the cut surface prepared for microscopy and 
hardness tests by hand grinding through successive- 
ly finer grades of papers to a 3/0 grade. The final 
operation consisted of polishing electrolytically in a 
solution of 12 ml perchloric acid, 70 ml butyl! cello- 
solve, and 118 ml methyl! alcohol. Of the several 
etchants tried, a solution of 2 pct hydrofluoric and 


10 pct nitric acids in water was found satisfactory. 
However, in etching the MST-3A1-5Cr alloy only 
Kellers etch (1 pct hydrofluoric, 1.5 pct hydro- 
chloric, and 2.5 pet nitric acids in water) gave good 
results. 

The tensile specimens were pulled at a rate of 
approximately 500 lb per min and stress-strain 
curves were obtained using a Templin Autographic 
Recorder. Fatigue testing was conducted on R. R. 
Moore rotating beam machines operating at 8000 
rpm. 

Effect of Solution Temperature 

Ti-150A Alloy: Variations in solution tempera- 
ture and cooling rate alter the hardness of Ti-150A, 
as shown in Fig. 1. Up to a temperature of 1300°F 


Table 11. Mechanical Properties of Commercial Titanium-Base 
Alloys Investigated 


Alley 


Ti-150A 
Ti-150A 
MST-3A1-5Cr 
MST-3A1-5Cr 
MST-3A1-5Cr 
RC-130B 


hardening by quenching is not possible. With water 
quenching, the hardness increases with increasing 
solution temperature to a maximum of 481 VPH at 
1550°F. Above 1550°F the quenched hardness de- 
creases. With air cooling, a maximum hardness of 
365 VPH was found when cooled from 1450°F. As 
the solution temperature increases above 1450°F a 
faster cooling rate than that obtained by air cooling 
is necessary to effect full hardening. 

The as-received structure shown in Fig. 2 is typi- 
cal of this alloy. The fine grains elongated in the 


b—1500°F and water quenched. 


d—1550°F and air cooled. 
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e—1800°F and water quenched. 


Fig. 2—Micrographs of Ti-150A (Ht. X1052) heated 2 hr at temperature. Kellers etch. X750. Area reduced approximately 60 pct for 
reproduction. 


f—1800°F and air cooled. 
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C648 704 760 87! 926 98! 
460 > 
~ 
2 Hours 
Air Cooled 
> 
| 
Ultimate 0.2 Pet Reduc- 
Tensile Yield Eleonga- tion 
Strength, Strength, tion, in Area, 
a X1052 145,300 24 46 
; L685 140,000 135,000 22 54.5 
22F17A2 180,500 174,500 78 13.1 
19F16A2 176,500 8.6 19.4 
, 2K47A2 175,000 169,000 5.5 14.8 
7 B3083 142,200 136,600 19.1 
a—As received. PO c—1550°F and water quenched. 


1300 400 (S00 1600 (700 


Fig. 3—Effect of time and temperature on hardness of RC-130B 
(Ht. B3083) water quenched from temperature except as indicated. 


direction of rolling result from hot rolling in the 
two-phase temperature region. Solution and ag- 
glomeration of the a phase occur with increasing 
temperatures above approximately 1300°F. At 
1550°F the a grains are nearly equiaxed and con- 
stitute approximately 50 pct of the structure. Com- 
plete solution of the a phase occurs at 1800°F. 

It is apparent from Fig. 2 that the microstructural 
characteristics of the matrix (8 phase) are influ- 
enced by temperature and cooling rate. Air cooling 
from the solution temperature range results in 
transformation of the 8 phase, while quenching 
from temperatures up to 1500°F appears to retain 
the 8 phase. On quenching from temperatures above 
1550°F, the acicular nature of the transformed 8 
phase becomes more pronounced and more respon- 
sive to the etching action. 


d—1650°F for 2 hr and water quenched. 
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e—1650°F for 6 hr and water quenched. 
Fig. 4—Micrographs of RC-130B (Ht. 83083) after various treatments. Kellers etch. X750. Area reduced approximately 60 pct for repro- 
duction. 


The hardening response of this alloy is apparently 
due to a martensitic type of transformation of the 8 
phase during rapid cooling. However, the harden- 
ing mechanism is not clear, since the hardening 
obtained by quenching from temperatures up to 
1500°F appears to be associated with retained £. 
Evidence of a martensitic shear transformation for 
titanium has been reported.’ Presumably the varia- 
tion in appearance of the transformed £ solution 
treated at different temperatures is related to the 
alloy content of the 8 phase. The alloy concentra- 
tion decreases as the quantity of the 8 phase in- 
creases. In this material the £ stabilizing alloying 
elements, chromium and iron, are partitioned essen- 
tially in the 8 phase. 

RC-130B Alloy: Increasing the solution tempera- 
ture to 1650°F has no appreciable effect on the 
water quenched hardness of the RC-130B alloy as 
indicated in Fig. 3. However, a small degree of 
hardening occurred on air cooling from 1550°F and 
gave a maximum hardness of 360 VPH. A sharp 
increase in the quenched hardness was observed 
with solution temperatures in the range of 1650° 
to 1700°F. Increasing time at temperature in this 
temperature range increased the quenched hard- 
ness. The maximum quenched hardness occurred 
with a solution temperature of 1700°F and above. 

The a phase agglomerates and transforms to 8 as 
a function of increasing temperature and increasing 
time at temperature, Fig. 4. Below 1500°F the a 
phase predominates and constitutes the continuous 
phase, while at 1550°F and above the converse was 
observed. The £ phase is retained by water quench- 
ing from temperatures up to 1500°F. Short holding 
times at 1550° to 1650°F result in retained £ after 
quenching, whereas longer holding times condition 
the 8 for transformation during quenching. 

The £8 phase formed at temperatures above 
1650°F transforms during quenching to a fine aci- 
cular product of high hardness. At a slower cooling 


f—1700°F for 2 hr and air cooled. 
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Fig. 5—Effect of 2 hr at temperature on hardness of water 
quenched, oil quenched, and air cooled samples of MST-3AI-5Cr 
(Ht. 22F17A2). 


d—1650°F and water quenched. 


Fig. 6—Microstructures of MST-3AI-5Cr (Ht. 22F17A2) heated 2 hr at temperature. Kellers etch. X750. Area reduced approximately 60 
pct for reproduction. 


rate (as represented by air cooling small speci- 
mens) the 8 phase is retained when air cooled from 
temperatures up to 1500°F and is transformed to an 
acicular product when air cooled from higher tem- 
peratures, Fig. 4. The structure of the transformed 
8 becomes coarser and softer the higher the solution 
temperature and the slower the cooling rate. 
MST-3A1-5Cr Alloy: Water quenching from vari- 
ous solution temperatures was found to result in a 
hardness decrease as the temperature increased 
above 1400°F. Oil quenching from temperatures 
above 1600°F yielded some hardening, while air 
cooling from the temperature range of 1550° to 
1800°F showed maximum hardening to nominally 
402 VPH, Fig. 5. Cooling rate has a profound effect 
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e—1750°F and water quenched. 


on hardness of specimens solution treated in the 
temperature range of 1550° to 1800°F. The faster 
cooling rates yield lower hardness. 

A three-phase structure (a-8-TiCr,) was ob- 
served in the temperature range of about 1200° to 
1300°F, Fig. 6. As the solution temperature in- 
creased, the a phase coarsened and the £ phase in- 
creased in amount until at 1750°F the structure con- 
sisted of 8 and carbides. A small network or vein- 
ing found in specimens quenched from 1650° to 
1700°F appeared to be associated with rejection of 
impurities. This veining may be similar to that 
found in Ti-Mo alloys where its appearance pre- 
ceded the normal precipitation of a from an all-8 
structure." 

The soft 8 phase was retained by quenching. On 
air cooling from the temperature range of 1550° 
to 1800°F, the 8 phase exhibited transformation, 
Fig. 6. The transformation product, a fine acicular 
structure, accounts for the hardening noted after air 
cooling from this temperature range. 


gid. 


f—1800°F and air cooled. 
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Fig. 7—Hardenability of Ti-1SOA (Ht. L697) end quenched from 
indicated temperatures. One inch diameter bar. 
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| 
| o—1200°F and water quenched. b—1500°F and water quenched. c—1550°F and air cooled. 
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32 ‘ ; 


a—1/16 in. from end of bar. 


3% in. from end of bar. 


Fig. 8—Micrographs of Ti-150A (Ht. L697) at various distances from the quenched end of a bar end quenched after 2 hr at 1800°F. 
Kellers etch. X750. Area reduced approximately 60 pct for reproduction. 


Hardenability 
End quenched tests were conducted on the alloys 
and the results together with microstructures at sev- 
eral distances from the quenched end are illustrat- 
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Fig. 9—Hardness of 34 in. end quenched bars of RC-130B (Ht. 
B3083) end quenched after 2 hr at 1550° and 1750°F. 


ed in Figs. 7 to 11. The dependence of hardness on 
the cooling rate and transformation of the 8 phase is 
shown. Comparison of the hardness curves shows 
two types: one shows a continuous drop in hardness 
along with decreasing cooling rate, and the other 
shows an initial increase in hardness preceding the 
decline in hardness. The former is associated with 
the higher solution temperatures, while the latter is 
associated with low solution temperatures. These 
data indicate that hardening as a function of the 
cooling rate is dependent largely on the solution 
temperature, which controls the alloy concentra- 
tion, and the amount of the § phase. 

In the end quenched bars showing an initial 
hardening followed by a softening as the cooling 
rate decreased, the microstructures generally show 


t 


a—1/16 in. from end of bar. 


TRANSACTIONS AIME 


light etching structures near the quenched end. At 
the point of maximum hardness, structures dis- 
tinctly different from the basket-weave structure 
formed at the slower cooling rates were observed, 
Fig. 11. Presumably this results from various 
amounts of retained 8 with fast cooling rates and 
transformed 8 with slower cooling rates. As water 
quenching suppresses the hardness of only the MST- 
3Al1-5Cr alloy at high solution temperatures, the 


8 


Rockwell Hardness "C“ Scale 


Distance trom Water Cooled End - I/16 Inch 
Fig. 10—Hardness of 34 in. end quenched bar of MST-3AI-5Cr 
(Ht. 22F17A2) end quenched after 2 hr at 1500°, 1600°, and 
1750°F. 


transformation of this alloy appears slow compared 
to RC-130B and Ti-150A. 


Quench Aging Response 
An age hardening response was found to occur 
during reheating of specimens water quenched from 
a particular temperature range for each alloy to re- 
tain the 8 phase. The response to age hardening at 
the various reheating temperatures was found to be 
dependent to a large degree on the initial quench- 


on 


b—5/32 in. from end of bor. 


Fig. 11—Microstructures of MST-3AI-5Cr (Ht. 22F17A2) at various distances from the quenched end of a bar end quenched after 2 hr 
at 1750°F. Kellers etch. X750. Area reduced approximately 60 pct for reproduction. 


c—1% in. from end of bar. 
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Fig. 12—Aging of Ti-150A (Ht. X1052) water quenched after 2 hr 
ot 1500°F. 


ing temperature. Hardness was principally a func- 
tion of the reheating temperature. In the reheating 
temperature range of 500° to 1000°F, maximum 
hardening occurred at the lower temperatures and 
a general softening was noticed at 1000°F. 

After quenching the Ti-150A alloy from 1500°F, 
the highest hardness occurred after 1 to 2 hr at 
700°F, Fig. 12. Reheating temperatures of 500° and 
800°F produced a smaller hardness increase. With 
longer times at reheating temperatures, a softening 
or overaging tendency was noted. No microstruc- 
tural variations were observed in any of these re- 
heated specimens. A similar aging reaction was 
noticed in the RC-130B and MST-3A1-5Cr quenched 
from 1550° and 1500°F, respectively, Figs. 13 and 14. 

The maximum age hardening effect was found 
to occur when the Ti-150A alloy was water 
quenched from 1650°F and reheated at 500°F, Fig. 
15. The reason for the double maximum in some 
of the aging curves is not clear. 

Rapid cooling of the 8 phase from temperatures 
above 1500°F in the Ti-150A alloy and 1750°F in 


1750°F.-wa. | | | | 
r 2 3 4 5 6 

Time - Hours 


Fig. 13—Reheating of RC-130B (Ht. 83083) water quenched ofter 
2 hr ot 1550°, 1650°, and 1750°F. 
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the RC-130B alloy results in a martensitic shear 
type of transformation to a relatively hard acicular 
product. This structure exhibits age hardening 
when reheated in the temperature range of about 
400° to 800°F and a softening with reheating 
temperatures above 800° and 1000°F, Figs. 15 and 
13, for Ti-150A and RC-130B, respectively. 

Age hardening of the MST-3AI1-5Cr alloy is ef- 
fective after quenching from temperatures up to 
1700°F, Fig. 14, where maximum hardening was 
obtained. A smaller degree of age hardening oc- 
curs for RC-130B, Fig. 13, which is relatively hard 
as quenched, and no age hardening was found after 
quenching from 1750°F. The data show that the age 
hardening response is dependent on solution tem- 
perature, cooling rate, and time and temperature 
of reheating. 


| | | 


Fig. 14—Effect of time at reheating temperature on hardness of 
MST-3AI-5Cr (Ht. 22F17A2) water quenched after 2 hr at 1500°, 
1600°, and 1700°F. As quenched hardness 355, 341, and 324, 
respectively. 
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Fig. 15—Aging of Ti-150A (Ht. X1052) water quenched after 2 hr 
at 1650°F. 


An unidentified dark etching constituent was 
observed to precipitate from the acicular trans- 
formed £8 in specimens of Ti-150A alloy water 
quenched from 1650° or 1750°F and reheated in the 
temperature range of 500° to 1000°F, Fig. 16. At 
the lower temperature of this range the constitu- 
ent required a long time for formation and appeared 
as very fine spheroidal particles. When formed at 
higher temperatures, it appeared in a needle-like 


configuration. This constituent does not form at a 
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Fig. 16—Micrographs of Ti-150A (Ht. X1052) water quenched after 2 hr at 1650°F and 
reheated for 6 hr at temperature. Etchant, nitric and hydrofloric acids in water. X750. 
Area reduced approximately 60 pct for reproduction. 


a—Water quenched 
after 2 hr at 1600°F 
and reheated for 6 
hr at 1000°F. 


Fig. 1 
approximately 60 pct for reproduction. 


b—Water quenched 
after 2 hr at 1700°F 
and reheated for 6 
hr at 1000°F. 


Kellers etch. X750. Area red 


Fig. 18—Micrographs of RC-130B (Ht. B3083) water quenched after 2 hr at 1550°F and 
reheated for 6 hr at temperature. Kellers etch. X750. Area reduced approximately 60 pct 
for reproduction. 


reheating temperature of 1200°F and once formed 
can be redissolved at 1200°F. Evidence of age 
hardening during reheating of quenched specimens 
preceded the formation of the dark etching constitu- 
ent. Precipitation of this constituent on a submicro- 
scopic scale may account for the age hardening ob- 
served in this alloy. Evidence of a similar constitu- 
ent in this same type of alloy was reported by 
Phillips and Frey‘ in specimens isothermally trans- 
formed in the temperature range of 700° to 1000°F 
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from the all-8 condition. These investigators also 
noted an age hardening response during isothermal 
holding in the lower temperature range. It is sug- 
gested that this constituent may be related to the 
eutectoid transformation in the Fe-Cr-Ti alloy sys- 
tem. The MST-3AI1-5Cr alloy is similar in this re- 
spect. The microstructures shown in Fig. 17 indi- 
cate the formation of a precipitate during reheating 
at 1000°F following a quench from 1600° and 
1700°F. Aithough no precipitate was apparent in 
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Fig. 19—Effect of temperature on grain size and a phase of tita- 
nium alloys Ti-150A, MST-3AI-5Cr, and RC-130B water quenched 
after 2 hr at temperature. 
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Fig. 20—Short time tensile properties of Ti-150A alloy. 
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the RC-130B alloy after aging to maximum hard- 
ness, visible 8 decomposition was noted after re- 
heating at 1000°F, Fig. 18. 

It is to be noted that quenching from 1450° and 
1500°F, which results in what appears to be re- 
tained in the Ti-150A alloy, Fig. 2, shows an age 
hardening response, Fig. 12. No evidence was found 
to explain this hardening response during reheating 
of apparently retained £ in this alloy. A coherency 
hardening phenomenon may be operative. 


Grain Size and a Solution 

The effect of temperature on grain size and solu- 
tion of the a phase for the three commercial alloys 
are presented graphically in Fig. 19. For the Ti- 
150A and RC-130B alloys, a fine grained a+ 8 struc- 
ture persisted for solution temperatures up to 
1600°F. Within a range of 200°F the £8 grain size 
increased rapidly from less than ASTM 8 to greater 
than ASTM 2. With a given solution temperature 


160 


200 400 600 800 1000 
Temperature 
Fig. 21—Short time tensile properties of RC-130B alloy hot rolled 
and annealed. 


the grain size of Ti-150A invariably exceeds that of 
RC-130B in the grain coarsening range. 

Within the 300°F temperature range above 
1500°F, a dissolves rapidly and the a content of the 
RC-130B alloy always exceeds that of the Ti-150A 
alloy. Tt appears that the presence of undissolved 
a particles restricts excessive grain growth. The 
greater stability of the a phase in the RC-130B alloy 
is essentially due to the presence of aluminum as an 
alloying element. 

The MST-3AI-5Cr alloy was initially coarse 
grained and no significant grain growth with in- 
creased solution temperature was noted. The lack of 
grain growth in this alloy is probably due to the 
initial coarse grain size. The presence of carbides 
and aluminum as an alloying element in this alloy 
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would be expected to retard any grain growth ten- 
dency. 


Tensile Properties 

Tensile test results at elevated temperatures on 
0.250 in. gage diameter specimens are shown in Figs. 
20 to 22. The heat treatments indicated show no 
significant effect on the room temperature properties. 
A continuous drop in strength with increasing test 
temperature is apparent. For Ti-150A in the 1300°F 
annealed condition and MST-3A1-5Cr in the hot 
rolled condition, the data show a strengthening 
effect accompanied by a drop in ductility as the test 
temperature is increased in the temperature range 
of 600° to 900°F. This is presumably a manifesta- 
tion of age hardening occurring at the test tempera- 
ture, since a more effective annealing treatment 
markedly reduces this effect. The Ti-150A alloy 
shows lower elevated temperature strength. Al- 
though the RC-130B and MST-3A1-5Cr alloys are 
somewhat similar in elevated temperature strength, 
the RC-130B alloy is higher in ductility. 

Standard 0.505 in. diameter test specimens were 
given various heat treatments prior to finish ma- 
chining. The test results are listed in Tables III to 
V. The tensile properties resulting from the type of 
heat treatments investigated are similar for the 
alloys Ti-150A and RC-130B. The solution temper- 
ature of 1550°F was chosen to break up the hot 
rolled directional structure and to obtain a uniform 
distribution of equiaxed a particles. It was thought 
that the fatigue properties and ductility would show 
improvement. 

Air cooling from 1550°F resulted in a small in- 
crease in strength over the 1200°F annealed 
strength, Tables III and IV, although the yield 
strength and proportional limit were slightly low- 
ered for Ti-150A. A subsequent anneal at 1200°F 
results in properties similar to the initial annealed 
condition. Raising the solution temperature to 
1800°F resulted in extremely coarse grained mate- 
rial. This treatment resulted in brittleness to the 
extent that several tensile specimens failed pre- 
maturely in the threads and shoulders. The results 
of RC-130B show no advantage for using high 
solution temperatures. 

Aging to high hardness in the range of 500° to 
700°F resulted in brittle material which invariably 
failed prematurely in the threads. Presumably this 
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Fig. 22—Short time tensile properties of MST-3AI-5-Cr alloy. 


is primarily a result of the brittle nature of the ma- 
terial after aging to high strength levels. However, 
some Ti-150A specimens were complicated further 
by grinding cracks in the threads. Raising the aging 
temperature to 900°F in the overaging temperature 
range resulted in 191,000 and 194,000 psi for Ti- 
150A and RC-130B, respectively. These properties 
were the highest obtained with these alloys. The 
low ductility of the Ti-150A alloy is improved ap- 
preciably by aging at 1000°F which resulted in an 
elongation of 13 pct and a lower tensile strength of 
182,000 psi. 


Table Ill. Tensile Properties of Ti-150A 


Propor- 
tional 


Treatment 


0.2 Pet Ultimate 


Tensile Reduc- 


Area, Pet 


X-9 1200°F, 6 hr, a.c. 136,000 ,000 51 

X-10 1200°F, 6 hr, a.c. 138, 152,000 157,000 18 46 

L-9 1200°F, 6 hr, a.c. _ 151,000 22 56 

L-10 1200°F, 6 hr, a.c. 133,000 144,000 152,000 22 51 359 
X-11 1450°F,2hr,w.q. + 1000°F, 2 hr, a.c 154,000 169,000 178,700 Multiple fracture 

X-16 1450°F,2hr,w.q + 900°F,4hr,ac 149,000 178,000 191,000 3.5 5.2 4i8 
X-14 1500°F, 2hr,w.q. + 1000°F, 2 hr, a.c. 148.200 170,500 182,000 13 30.3 

X-1A 1550°F,2hr,w.q. + 700°F,2hr,a.c. + 1200°F,2hr,f.c. 138,000 149,250 156,600 17.5 34.7 

X-1 1550°F,, 2 hr, a.c. 120,000 143,000 161,000 15 36 367 
X-2 1550°F, 2 hr, a.c. 100,000 143,000 161,000 14 34 

L-1 1550°F, 2 hr, a.c. 102,000 132,000 154,000 18 49 358 
x-3 1550°F,2hr,o.q. + 1200°F,6hr,a.c. Extensometer slipped 156,006 18 47 363 
x-4 1550°F,2hr,o.q. + 1200°F,6hr,a.c. Extensometer sipped 155,000 20 50 

L-4 1550°F,2hr,o.q. + 1200°F, 6 hr, a.c. 138,000 145,000 156,000 367 
X-7 1800°F,2hr,o.q. + 1200°F,6hr,a.c. Broke in shoulder at 97,300 psi 

x-8 1800°F,2hr,o.q. + 1200°F,6hr,a.c. Broke in shoulder at 103,600 psi 

L-7 1800°F,2hr,o.q. + 1200°F,6hr,a.c. Broke in shoulder at 73,700 psi 384 
L-8 1800°F, 2hr,o.q. + 1200°F,6hr,a.c. Broke in shoulder at 72,700 psi 


* Prefix letter X indicates heat X1052 and prefix letter L indicates heat L685. 
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Speci- Limit, Strength, Strength, tien, Pet tien in ness, 
men* Treatment P Psi Psi in 2 In. Area, Pet VP 
E-1 1200°F, 5 hr, a.c. + 1200°F, 1 hr, a.c 127,500 130,000 141,750 17.0 45.0 
E2 1200°F, 5 hr, a.c. + 1200°F, 1 hr, a.c 130,000 136,500 142,000 17.0 43.5 350 
F-1 1200°F , 5 hr, a.c. + 1200°F, 1 hr, ac 130,300 143,000 146,500 17.0 43.8 
F-2 1200°F , 5 hr, a.c + 1200°F, 1 hr, ac 132,000 143,500 146,500 17.0 46.0 351 
E-3 1550°F, 2 hr, a.c 122,500 137,500 156,500 15.5 46.0 
1550°F, 2 hr, a.c 135,500 142,500 156,700 15.5 46.0 372 
F-3 1550°F, 2 hr, a.c 134,200 147,000 159,800 17.0 45.2 371 
r-4 1550°F, 2 hr, a.c 134,100 147,000 161,000 15.0 445 
E-5 1550°F, 2 hr, w.q. + 1200°F, 6 hr, a.c 127,300 137,000 142,500 18.0 45.2 
E-6 1550°F, 2 hr, w.q. + 1200°F, 6 hr, a.c 134,500 137,800 142,200 17.0 44.6 350 
F-5 1550°F, 2 hr, w.q. + 1200°F, 6 hr, a.c 140,200 150,800 153,800 17.0 37.6 369 
F-6 1550°F, 2 hr, w.q. + 1200°F, 6 hr, a.c 142,300 152,000 155,400 16.5 45.5 
Fr 1550°F, 2 hr, w.q. + 700°F,4hr,a.c. Broke in fillet at 208,000 psi 0.372 in.gage diam 
F-10 1550°F, 2 hr, w.q. + 700°F,4hr,a.c. Broke in threads at 163,500 psi 452 
E-15 1550°F, 2 hr, w.q. + 900°F, 3hr,w.q 149,500 165,000 194,000 8.5 21.1 
E-16 1550°F, 2 hr, w.q. + 900°F, 3 hr, w.q 155,500 168,000 193,000 7.0 18.8 
F-13 1550°F, 2 hr, w.q. + 1000°F, 2 hr, a.c 165,000 175,000 189,000 10.0 39.1 4i4 
F-14 1550°F, 2 hr, w.q. + 1000°F, 2 hr, a.c 162,000 176,000 189,000 10.0 38.9 
E-14 1650°F, 2 hr, w.q. + 00°F, 2 hr, a.c 
+ 1000°F, 2 hr, a.c 132,000 144,000 185,000 8 23.0 400 
E-7 1750°F, 2 hr, w.q. + 1200°F, 6 hr, a.c 125,000 147,000 156,250 10.1 24.0 360 
E-8 1750°F, 2 hr, w.q. + 1200°F, 6 hr, a.c 120,000 149,000 157,000 10.6 21.0 
F-7 1750°F, 2 hr, w.q. + 1200°F, 6 hr, a.c 131,000 153,500 162,000 9.0 19.5 
F-8 1750°F, 2 hr, w.q. + 1200°F, 6 hr, a.c 129,500 152,500 162,000 10.0 19.7 


Two heats of Ti-150A and RC-130B were used in 
the heat treated tensile tests. Heats X1052 and 
B3132 gave consistently higher strengths in all con- 
ditions. No correlation was established for this be- 
havior. 

The tensile properties in various heat treated 
conditions for the MST-3AI1-5Cr alloy are listed in 
Table V. Annealing at 1200°F lowers the elonga- 
tion of this alloy to about 1 pct with no measurable 
reduction in area and only a 160,000 psi tensile 
strength. This treatment results in precipitation of 
TiCr, which may account for the low ductility. The 
precipitate is dissolved at 1350°F and such a treat- 
ment gives a tensile strength of 168,000 psi and 10 
pet elongation. Attempts at isothermal transforma- 
tion of the 8 phase at 1200° and 1250°F resulted in 
the formation of a Widmanstaetten structure. The 
tensile properties of this type of treatment showed a 
high strength of 180,000 psi with an elongation of 


9 pet. These properties appear to be the best for 
favorable strength and ductility in this alloy. 

None of the aging treatments gave satisfactory 
tests. Brittleness is apparently associated with aging, 
since failures occurred in the threads or shoulders 
of many specimens. A solution treatment at 1550°F 
resuited in the highest strength of 192,000 psi with 
an elongation of 2 pct. A solution treatment at 
1650°F followed by annealing at 1300°F resulted 
in 168,000 psi tensile strength and 7 pct elongation. 
This is quite similar to the properties obtained by 
annealing at 1350°F. 


Fatigue Properties 
Since notch sensitivity was believed significant 
for the commercial application of titanium, only 
notch fatigue specimens were tested. All specimens 
were examined carefully for grinding cracks in the 
notch and only those which showed no indications 


Table V. Tensile Properties of MST-3AI-5Cr, Heat 22F17A2 


Preper- 0.2 Pet Ultimate 

tienal Yield Tensile Elonga- Reduc- Hard- 
8s - Limit, Strength, Strength, tion, Pet tion in ness, 
men* Treatment Psi Psi Psi in 2 In. Area, Pet VPH 
M-7 1200°F, 5 hr, a.c. + 1200°F, 1 hr, a.c. 130,198 148,515 160,100 1.60 — 360 
M-8 1200°F, 5 hr, a.c + 1200°F, 1 hr, a.c. 123,762 0.79 Ruptured prema- 

turely in gage 
length 
M-14 1350°F,6 hr, ac 144,000 156,500 168,500 9.5 17.4 
M-16 1350°F, 6 hr, ac 136,500 156,500 168,000 10.0 22.4 377 
M-18 1350°F,6 hr, f.c 141,800 160,800 173,000 11.0 15.6 
M-12 1550°F, 2 hr, a.c 150,000 169,000 188,000 3 741 
M-13 1550°F, 2 hr, a.c 154,000 173,800 192,000 2 4.34 403 
M-24 1600°F, 2 hr, w.q 72,500 108,000 149,200 8.0 12.7 347 
M-25 1600°F,2 hr, w.q 3,000 107,000 134,000 1.5 1.92 a ~ % in. from 
et 

M-4 1650°", 2 hr, a.c + 1300°F, 4 hr, a.c. 137,000 149,300 168,000 7 17.3 497 
N 1600°F, '% hr, q. 1200°F, 2 hr 156.000 170,000 178,500 8.0 23.5 
N-10 In isothermal bath, a.c. 156,000 170,000 178,500 8.0 248 388 
N-5 1750°F, 2 hr, q. 1250°F, % hr 150,000 168,750 180,250 9.4 24.0 
N-6 In isothermal bath, a.c. 142,000 169,000 176,500 8.0 25.0 375 
N-3 1750°F, 2 hr, q. 1250°F, % hr 132,000 167,000 180,000 8.5 25.0 
N-4 In isothermal bath, w.q. 149,000 173,000 182,000 10.0 25.3 381 
N-1 1750°F, 2 hr, q. 1250°F, % hr 155,000 171,000 180,000 5.0 17.05 
N-2 In isothermal! bath, w.q. 143,000 171,000 181,000 5.0 14.54 379 


* Prefix letter M indicates heat 22F17A2 and prefix letter N indicates heat 2K47A2. 
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’ Table IV. Tensile Properties of RC-130B 
Pre- 0.2 Pet Ultimate 
ortional Vield Tensile Elonga- Reduc- Hard- 
a 
* Prefix letter E indicates heat B3083 and prefix letter F indicates heat B3132. 


Table VI. Notch Fatigue Properties 


5x10" Endur- Root Hard- 
Endurance ance Diame- ness, 
Alley Heat No. Treatment Limit, Psi Ratio ter, In. RC 
Ti-150A X1052 1800°F, 2 hr, o.q. 0.3245 — 
1200°F, 5 hr, a.c. + 1200°F, 1 hr, a.c. 17,000 -- 0.3475 40 
Ti-150A X1052 1550°F, 2 hr, o.q. 0.3245 - 
1200°F,5hr,a.c. + 1200°F,1 hr, a.c. 13,000 0.084 0.3475 37 
Ti-150A X1052 1200°F, 5 hr, a.c. 0.3245 — 
1200°F, 1 hr, a.c. 10,000 0.064 0.3475 37 
RC-130B B3083 1550°F, 2 hr, a.c. 0.3390 — 
10,000 0.0639 0.3405 36 
RC-130B B3083 1550°F, 2 hr, w.q. 0.3394 — 
700°F, 4 hr, a.c. 19,000 _ 0.3405 45 
RC-130B B3083 1750°F, 2 hr, w.q. 0.3394 — 
1200°F, 6 hr, a.c. 20,000 0.128 0.3405 37 
RC-130B B3083 1550°F, 2 hr, w.q. 0.3394 — 
1200°F, 6 hr, a.c. 20,000 0.140 0.3405 « 
RC-130B B3083 1200°F, 5 hr, a.c. 0.3394 — 
1200°F, 1 hr, a.c. 20,000 0.141 0.3405 KEY 
RC-130B B3132 1650°F, 2 hr, w.q. 0.3380 — 
700°F, 6 hr, a.c. 18,000 -- 0.3405 48 
RC-130B B3132 1550°F, 2 hr, a.c. 0.3390 — 
13,000 0.087 0.3405 36 
RC-130B B3132 1550°F, 2 hr, w.q. 0.3380 — 
700°F, 4 hr, a.c. 22,000 — 0.3405 47 
RC-130B B3132 1550°F, 2 hr, w.q. 0.3380 -- 
1200°F, 6 hr, a.c. 21,000 0.136 0.3405 44 
RC-130B B3132 1200°F, 5 hr, a.c. 0.3380 — 
1200°F, 1 hr, a.c. 19,000 0.130 0.3405 «4 
MST-3Al1-5Cr 22F17A2 1600°F, 2 hr, w.q. 0.3380 — 
18,000 0.127 0.3405 38 
MST-3AlI1-5Cr 22F17A2 1550°F, 2 hr, w.q. 0.3380 — 
850°F, 4 hr, a.c. 15,000 -- 0.3405 50 
MST-3AI1-5Cr 22F17A2 1200°F, 5 hr, a.c. 0.3380 — 38 
1200°F, 1 hr, a.c. 22,000 0.137 0.3405 


* 60° V notch. 0.005 in. root radius except Ti-150A, 0.003 to 0.0045 in. Gage diameter 0.404 to 0.406 in. 


of cracks were tested. The results are presented in 
Table VI. In each case where two temperatures 
were used, the final treatment followed the finish 
machining operation to provide any stress relief 
obtainable. 

The notch fatigue properties varied among the 
alloys and differed in response to some heat treat- 
ments. The RC-130B alloy shows the best notch 
fatigue resistance of the three alloys. Coarse grains 
appear to have no detrimental effect on the endur- 
ance limit as shown by material rendered coarse 
grained by a solution treatment at 1800°F. The 
effect of aging is a general lowering of the endur- 
ance limit indicating notch sensitivity. However, 
the decrease is appreciably greater in the MST- 
3A1-5Cr as compared to the RC-130B alloy. Aging 
of the latter alloy to high hardness at 700°F follow- 
ing a 1550°F solution treatment resulted in the un- 
usually high value of 22,000 psi. Annealing of the 
as-received stock produced inconsistent results 
among the alloys as the endurance limit is lowest in 
the Ti-150A alloy, while the effect of the same type 
of treatment on the RC-130B alloy showed a com- 
paratively high value. The MST-3AI1-5Cr alloy re- 
sponded well to the 1200°F treatment, but this 
treatment is not suitable for annealing purposes. 
Reheating at 1200°F following different solution 
treatments increased the endurance limit in the 
Ti-150A appreciably, but it is surprising that the 
results in the RC-130B alloy show no effects of 
prior solution treatment. 

The results of the Ti-150A alloy are more favor- 
able than those reported for an earlier heat (heat 
X623) which showed a notched endurance limit of 
5000 to 7000 psi and an endurance ratio of 0.034 to 
0.048." However, the specimens of this earlier heat 
were not stress relieved after finish grinding. The 
specimens annealed at 1200°F and stress relieved 
after finish machining, indicate the importance of 
stress relief after grinding. These results give an 
endurance ratio of 0.064 which is about twice that 
reported previously. The low properties of the air 
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cooled RC-130B specimens solution treated at 
1550°F are believed to be due in part to the absence 
of any stress relief after finish grinding. 


Summary 

The heat treatability of commercial titanium al- 
loys has been shown to be dependent on the amount 
and the transformation characteristics of the £ 
phase. The transformation is influenced primarily 
by chemical composition, solution temperature, cool- 
ing rate, and reheating conditions. Each alloy 
shows different transformation rates with Ti-150A 
showing the more rapid reactions. The amount of 
8 is a function of the solution temperature. Hard- 
ness and microstructure can be varied to a large 
extent by heat treatment. 

All the alloys show an age hardening reaction 
which appears to be associated with 8 decomposi- 
tion and precipitation from the 8 phase. High hard- 
ness and brittleness are associated with this age 
hardening. Overaging is accompanied by moderate 
hardness and, with the exception of MST-3AI1-5Cr, 
an increase in ductility. 

The tensile and fatigue properties are dependent 
to some extent on heat treatment. For optimum 
properties each alloy requires a different treatment. 
The tensile strength can be varied in Ti-150A from 
145,000 to 191,000 psi, RC-130B from 142,000 to 
194,000 psi, and MST-3AI1-5CR from 134,000 to 
192,000 psi. At the higher strengths the MST-3AlI- 
5Cr alloy showed low ductility (2 pct elongation) 
as did the Ti-150A alloy (3.5 pct elongation). The 
RC-130B alloy showed high strength (194,000 psi) 
with reasonably good ductility (8 pct elongation). 
High tensile strength is associated with overaging in 
the alloys Ti-150A and RC-130B. For the MST- 
3A1-5Cr, high strength and relatively good ductility 
are obtained by isothermal transformation to a Wid- 
manstaetten structure. 

A low notch fatigue endurance ratio was found 
for Ti-i50A (0.064 to 0.084). The RC-130B alloy 
gave endurance ratios of 0.064 to 0.141. The higher 
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ratio compares reasonably well with steel when 
tested with the same notch configuration. A ratio of 
0.127 to 0.137 was found for the MST-3A1-5Cr al- 
loy. The grinding operation appears to impose 
stresses on the fatigue specimen which lower the 
observed endurance limit. The RC-130B alloy 
showed a lesser tendency for excessive grain growth 
than did the Ti-150A alloy. No grain growth was 
observed in the MST-3AI1-5Cr alloy which was 
initially coarse grained. 
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Technical Note 


HE function of this paper is to present certain 
results based on the fact that the strain energy 
arising from the solution of out-of-size solute atoms 
into the solid matrix is free energy and not internal 
energy, and that this strain energy is almost wholly 
shear strain energy as Zener’ pointed out. One 
natural consequence of this fact is an expression for 
the excess entropy of mixing due to the strain energy. 
Also, a derivation of the integral molar free energy 
of mixing partitioned to strain energy will be made 
using the model of Lawson* and thermodynamics. 
This derivation has the advantage of showing in a 
simple way the assumptions involved in Lawson’s 
treatment. 

The excess entropy of mixing partitioned to strain 
energy can be derived in two ways. The first way 
makes use of the fact that the strain energy is almost 
wholly in the form of shear strain energy. In this 
case, as Zener’ pointed out, the change in entropy 
due to the addition of shear strain energy is to a 
first approximation given by 


es | | 


p, T OF P, » 


Hence, the excess entropy of mixing partitioned to 
strain energy will be given by 


os | | 
ip, T y ip,y 


G"| [la] 
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where, G"| is the relative integral molar free en- 
Y 
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Role of Strain Energy in Solid Solution Thermodynamics 


by E. S. Machlin 


ergy partitioned to strain energy; S is the entropy; 
« is the shear strain energy; » is the shear modulus; 
T is the absolute temperature; p is the pressure; and 
y is the shear strain. 

Zener,’ as well as others, has pointed out that the 
shear strain energy stored in a compressible isotropic 
solid due to the insertion of an off-size incompres- 
sible sphere into a spherical hole in the solid, is 
approximately given by 


where © is the volume of spherical hole and 0°, is 
the volume of sphere. 

If we now consider the introduction of one mol of 
such spheres into an infinite volume of solid, then 
the relative partial molar free energy excess due to 
strain energy alone is 


2 


where v is the molar volume of solvent and v”, is 
the molar volume of pure solute type 1. 

Let us consider that these spheres are the two types 
of atoms in a binary solution, then there will be a 
similar relation for solute 2. The total relative inte- 
gral molar free energy excess due to strain is then, 
to the approximations stated above 


= G"| x, + 
Y 
2 


Lawson’s relation for the strain energy can be de- 
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of Some Thermodynamic Quantities at x = 1/2 


su ding 
|, S” Excess 
System ‘ol Cal/Mol Cal/Mol/°C Cal/Mol/°C aT H*“/S* Excess 
Au-Ni 4750 2800 1.5 1.3 3770 2150 
Co-Pt 2740 1020 0.62 1.14 4400 
* ding |» 4x10-* per °C (estimated from ref. 4 
— for pure gold) 
aT |Au-Ni 
ding |= 3x10- per °C (estimated from ref. 1 
—_—- as the same for iron) 
aT |Co-Pt 
Mau (900°C) = 2.2x10" dynes/cm?* 
Ni (900°C) = 6.5x10" dynes/cm* 
“aw (900°C) = 10.33 cu cm/mol 
V'n: (900°C) = 6.63 cucm/mol 
ape (850°C) = 6.25x10" dynes/cm* 
(850°C) = 6.5x10" dynes/cm? 
"Pe (850°C) = 9.17 cucm/mol 
V'ce (850°C) = 6.67 cucm/mol 


rived from Eq. 3 by making the linear approxima- 
tions 
v= 


and 
Bs 
v e's 


which then yields upon substitution in Eq. 3 


2 
G" F we 
Me | 
eis 
[ v’, 5] 


The approximations in Eq. 4 are not always found 
to hold true. Hence, if the data for »/v and v are 
available for the alloy, use of Eq. 3 in place of Eq. 5 
is desirable. The relative integral molar entropy 
excess according to Eq. 1 is then 


ding 
G" 
[6] 
and the relative integral molar enthalpy excess is 
H*| =G"*| +TS"*| =G" ). 7 


One of the important characteristics of the rela- 
tive integral molar entropy excess due to strain is 
that it usually will be positive because the term 
dinyz/dT is usually negative. Zener’ stated this point 
earlier. In some cases, such as 8 brass, the factor 
dinu/dT is positive and a negative excess entropy 
due to strain energy would be expected in these 
systems. 


Eq. 6 can be derived from the relation S| = 
Y 
dG"| 


= , as well. Performing this differentiation 


gives 


s| 


((v*,—») x, + (v°,—v) x.) [8] 
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+a) G"| + 


where a is the volume thermal expansion coefficient 
per °C and £ is (= 4/3) compressibility. 

The last term in Eq. 8 arises from the change in 
volume of the solution with alloying; the first term 
is due to the shear strain induced in the lattice by 
alloying. If numbers are substituted into Eq. 8, then 
it is apparent that to a good first approximation, 


7 
dT Y 


This result has not been fully appreciated in past 
treatments of the subject." 

The results just obtained can be compared with 
experiment for two systems. The Au-Ni system’ 
and the Co-Pt' system have exhibited positive ex- 
cess entropies of mixing in the solid state. In mak- 
ing the comparison it is necessary to make some 
assumptions concerning the values of 
and v for the alloys. Because the first two quantities 
may be in error for the alloys by as much as 100 pct 
if the linear approximations of Eq. 4 are used, 
agreement is to be expected to within this uncer- 
tainty. 

Comparison of calculated values and experimental 
values for the two systems, using linear approxima- 
tions and estimates of dlnu/dT, is made in Table I. 

The comparison between theory and experiment 
can be said to have yielded the result that, within 
the uncertainty in the values used to calculate the 
theoretical parameters, the agreement is good. In 
order to be able to make a closer comparison, it will 
be necessary to have measured values of dlny/dT, 
yw, and v for the 50-50 compositions at the tempera- 
tures involved. 
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HE classical work on the electrical conductivity 

of alloys was carried out by Matthiessen and his 
coworkers’ in the early 1860’s. He attempted to cor- 
relate the electrical conductivity of alloys with their 
constitution diagrams, but the information regard- 
ing the latter was too meager for success. Guertler’ 
reworked Matthiessen’s and other conductivity data 
in 1906 on the basis of volume composition (an ap- 
plication of Le Chatelier’s principle with implica- 
tions as to temperature and pressure effects), and 
obtained the following relationships between specific 
conductivity and phase diagrams (plotted as volume 
compositions) : 

1—For two-phase regions, electrical conductivity 
can be considered as a linear function of volume 
composition, following the law of mixtures. 

2—For solid solutions, except intermetallic com- 
pounds, the electrical conductivity is lowered by 
solute additions first very extensively and later more 
gradually, such that a minimum occurs in systems 
with complete solid solubility. This minimum forms 
from a catenary type of curve. Intermetallic com- 
pound formation with variable compound composi- 
tion results in a maximum conductivity at the stoi- 
chiometric composition. 

Landauer’ has recently considered the resistivity 
of binary metallic two-phase mixtures on the basis 
of randomly distributed spherical-shaped regions of 
two phases having different conductivities. His deri- 
vation predicts deviations from the law of mixtures 
which fit measurements on alloys of 6 systems out 
of 13 considered. 


Valency (lonic Charge) 

Perhaps the first comprehensive discussion of the 
electrical resistivity of dilute solid-solution alloys 
was presented by Norbury’ in 1921. He collected 
sufficient data to show that the change in resistance 
caused by 1 atomic pct binary solute additions is 
periodic*® in character. The difference between the 

* When the change in resistivity is plotted against atomic number, 
the results may be grouped according to Mendeleeffs’ chemical peri- 
odic table. 
period and/or the group of the solvent and solute 
elements could be correlated with the increase in 
resistance. 

Linde** determined the electrical resistivity (p) 
of solid solutions containing up to about 4 atomic pct 
of various solutes in copper, silver, and gold at sev- 
eral temperatures. He reported that the extra- 
polated** increase in resistance per atomic percent 


** do/de as a function of c¢ (composition as percent solute) was 
extrapolated to c 0 
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Electrical Resistivity of Dilute Binary Terminal Solid Solutions 


by Walter R. Hibbard, Jr. 


addition is a function of the square of the difference 
in group number of the solute and solvent as fol- 
lows: 


4p = a + K(N — Ng)’ 


where a and K are empirical constants and N and 
Ng are group numbers of the constituents. This 
empirical relation was subsequently rationalized 
theoretically by Mott,” who showed that the scatter- 
ing of conduction electrons is proportional to the 
square of the scattering charge at lattice sites. Thus, 
the change in resistance of dilute alloys is propor- 
tional to the square of the difference between the 
ionic charge (or valence) of the solvent and solute 
when other factors are neglected. Mott’s difficulty 
in evaluating the volume of the lattice near each 
atom site where the valency electrons tend to segre- 
gate? limited his calculations to proportionality re- 
lations. 


? The screening constant evaluates the statistical tendency for the 
valency electrons to remain nearer than randomly to the atom sites. 


Recently, Robinson and Dorn’ reconfirmed this re- 
lationship for dilute aluminum solid-solution alloys 
at 20°C, using an effective charge of 2.5 for alu- 
minum. In terms of valence, Linde’s equation be- 
comes 


Ap {K, + K, (Z,—Z,)*} A [1] 


where K, and K, are coefficients, A is atomic percent 
solute, Z, is valence of solvent, and Z, is valence of 
solute. Plots of these data for copper, silver, gold, 
and aluminum alloys are shown in Fig. 1. The values 
of K, and K, are constant for a given chemical period 
(P), but vary from period to period. The value of 
K, increases irregularly with increasing difference 
between the period of the solvent and solute element 
(AP), being zero when AP is zero. The value of K, 
appears to have no obvious periodic relationship. All 
factors other than valence that affect resistivity are 
gathered in these coefficients. Because of the nature 
of the coefficients, Eq. 1 is of limited use in esti- 
mating the effects of solute additions on resistivity 
unless a large amount of experimental data are 
already available on the systems involved. It is the 
purpose of the first part of this report to investigate 
the factors that may be included in the coefficients 
of Linde’s equation. On this basis, it is hoped that 
the relative effects of solute additions on resistivity 
can be better estimated from basic data, leading to 
a more convenient alloy design procedure. 

It is well known™ ™ that phenomena that decrease 
the perfection of the periodic field in an atomic lat- 
tice, such as the introduction of a solute atom or 
strain due to deformation, will also increase the 
electrical resistivity. Thus, in an effort to relate 
changes in electrical resistivity to alloy composition, 
it appears appropriate to consider the atomic char- 
acteristics related to solution and strain hardening 
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in addition to those already known to affect elec- 
trical resistivity. The factors lattice parameter and 
compressibility will be considered in the following 
sections. 

Lattice Parameter (Atom Size) 

The increase in strength or hardness due to solid- 
solution additions has been related qualitatively to 
the concurrent change in lattice parameter by Brick 
et al.,” Frye et al.,” and more quantitatively by Dorn 
et al.“ Data by Gulyeav and Trusova” and Robinson 
et al.” may be analyzed to indicate an analogous 
general relationship between the change in lattice 
parameter and the change in electrical resistivity 
due to solid-solution alloying in aluminum, copper, 
and iron, as illustrated in Fig. 2. 


Compressibility 
The change in lattice parameter is probably only 
grossly related to Ap, since, while it indicates the 
average or statistical change in lattice periodicity 
due to alloying, it does not evaluate the short-range 
differences between the volume of the solvent and 
the solute atom in solution, i.e., the local changes in 


o2 os os os or os 
CALCULATED - MICROMM CMS 


periodicity that are averaged in the lattice parameter 
value. The relative compressibilities of the atoms 
should be related to this more local effect. Frye 
et al.” used compressibility to calculate ionic overlap 
in an attempt to correlate local lattice strain with 
solution hardening. This general approach may also 
be applicable to changes in electrical resistivity. 
Data on compressibilities of the alloys are not avail- 
able in the literature, so that values for the pure 
elements in their own structures must be used.” 
These values are probably affected by changes in 
structure and lattice spacing. 


Effect of Lattice Parameter and Compressibility 
on Electrical Resistivity 

Mott" states that elements with the same valency 
and the same atomic volume should have the same 
effect in raising the resistivity of each other. The 
change in resistivity due to solute addition is a func- 
tion of the difference in electron-scattering charge 
and can be related to the difference between the 
solute and solvent atom in solution with respect to, 
1—ionic charge; and 2—atomic volume. For the pur- 
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Fig. 1—Calculated and observed resistivity of solid-solution alloys of aluminum, copper, gold, and silver. After Robinson and Dorn.” 
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Fig. 2—Change in resistivity as a function of change in lattice 
parameter for aluminum alloys. Data from refs. 15 and 16. 


poses of testing this point of view on an empirical 
basis, the difference between atomic volume of the 
solute and solvent of the 1 pct solution is considered 
approximately proportional to 


sa an 
f. ( ) f. (=) 

a 
where Aa is the change in lattice parameter for a 
1 atomic pct alloy, Ax is 1 pct of the difference be- 
tween the compressibilities of the pure solute ele- 
ments, and a and x are the lattice parameter and 
compressibility of the pure solvent elements, respec- 
tively.tt 


tt The relation that the difference in atomic volume is propor- 
tional to f.(Aa/a) fe(Ax/x) may be derived using assumptions 
involving Vegard's law as a first approximation and compressibility 
as a measure of deviations from Vegard'’s law 
These parameters can be combined with the dif- 
ference in valence (4Z/Z) as a squared function 
related to the electron scattering by the lattice. On 
this basis the difference in resistivity due to alloy- 
ing leads to the following empirical relationship: 
(Aa) (AZ) 
Ap, + K, [2] 
a 


xr 


where K,, K,, and K, are coefficients depending upon 
solute element. 
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Fig. 3—Change in electrical resistivity as a function of the change 
in lattice parameter and the difference in valency and compres- 
sibility for 1 atomic pct solutions in copper. 
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F= 

(KadSa/a) 

+ 
Sat AZtt Axt (KzAZ/Z) 

Selute Ap* a x (KoAx/z) 
Be 0.64 — 0.100 1.0 0.189 0.74 
Mg 0.8 -0.144 10 3.105 0.78 
Al 0.69-1.15 — 0.060 1.5 0.863 1.00 
Si 2.50-4.50 0.064 3.0 ~ 0.429 1.98 
Zn 0.16-0.41 ~ 0.064 1.0 1.308 0.65 
Ga 1.20-1.50 0.080 2.0 1.781 121 
Ge 3.60-3.70 - 0.004 3.0 0.961 1.88 
Ag 0.12-0.22 —0.152 0.0 0.372 0.15 
Cd 0.21-0.28 ~— 0.213 1.0 1.767 0.59 
In 1.04 — 0.261 2.0 2.477 1.09 
Sn 2.40-3.90 0.277 3.0 1.600 1.71 
Sb 4.50-5.40 0.300 40 1.603 2.33 
Au 0.50-0.65 —0.177 0.0 0.197 0.77 
Hg 1.0 0.200 1.0 3.728 0.93 


* Microhm-cm, 20°C, refs. 4, 7, 11, 15, 19, 21-27, 31, 32, 86. 
+ KX units, refs. 12, 15, 17, 34-42, and Vegard’s law. Expressed 
in percent 
tt For 1A/.. Al valence is 2%." Expressed in percent. 
t 10*em*/kg for 1A/o, ref. 18. Expressed in percent. 
Where less than 1 atomic percent is soluble, Ap/Ax or Aa/Ax at 
maximum solubility is used. 


This relationship is considered as the square of 
the sum of the factors involved such that their effect 
is joint of the form, Ap = F”’, rather than independent 
of the quadratic form, 4p = K,o* + K.p’ — Ky + 


K,K’p’ . . . ete. In determining the coefficients, it 
® T T T T T T 
4 

ap 
Se 
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4 
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Fig. 4—Change in electrical resistivity as a function of the change 
in lattice parameter and the difference in valency and compres- 
sibility for 1 atomic pct solutions in silver. 


was not possible to treat the data rigorously from a 
statistical standpoint because there were no cases 
where only one of the three factors Aa/a, AZ/Z, or 
Ax/x, was nonvanishing. Therefore, it was neces- 
sary to solve for the coefficients under conditions 
where one of the three parameters was the major 
factor, and make small adjustments for the others. 
In addition, since the coefficients were constant for 


Table Coefficients for Copper Alloys 


Period Ap* Ka Kz 
2 2 3.64 1.12 
3 1 3.64 0.57 
4 0 3.64 0.55 
5 -1 1.21 0.51 
6 -2 4.24 0.45 
7 —3 4.24 0.23 


* Difference between the period of the solvent and solute. 
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Table III. Coefficients for Silver Alloys 


Solute 

Period Ap Ke Kz 
3 2 4.29 1.32 
4 1 4.29 0.67 
5 0 4.29 0.64 
6 —1 1.43 0.60 


a given solute period, it was possible to evaluate 
coefficients for each period on this basis and then 
make small adjustments from period to period. This 
procedure was used for all the analyses reported in 
this paper. In view of the data fit obtained under 
these conditions, this approximation appears to be 
reasonable and consistent with the purposes for 
which it was intended. 


Parameter for Relating Electrical Resistivity 
Changes With Alloying Characteristics 


The applicability of Eq. 2 may be tested on the 
basis of available data for 1 atomic pct solid solution 
alloys obtained from the literature. For this evalua- 
tion, the symbols in Eq. 2 are as follows: Ap, is the 
measured change in resistivity at 20°C, a is the 
lattice parameter of the base element and a + Aa 
that of the alloy, Z and x are the valence and com- 
pressibility of the solvent element, and Z + AZ and 
x + Ax are the valence and compressibility of the 
solute element. For simplicity, the ratios Aa/a, AZ/Z, 


Period Ap Ke Kz 
4 2 3.53 0.74 
5 1 3.53 0.55 
6 0 1.18 0.53 
7 —1 4.12 0.50 


and Ax/x will be considered on a percentage basis in 
the following paragraphs. 

Based on the datat in Table I for 1 pct alloys 
t Ap. for the alloys considered in this and the following sections 
was measured at 20°C. Since the change in melting point is small 
for these 1 pct alloys, the plots hold equally well for a reduced 


temperature at a constant fraction of the absolute melting point 
(about 0.22). 


in copper Eq. 2 was fitted as illustrated in Fig. 3. 
K, is 0.10. The other coefficients are periodic func- 
tions, as given in Table II. 

Data for silver alloys* * “ were fitted 
to Eq. 2, as shown in Fig. 4. These data indicate a 
small residual resistivity of 0.25 microhm-cm when 
the parameter is equal to zero. This residual re- 
sistivity could not be eliminated by adjustment of 
the coefficients. It is suggested that it might be the 
result of impurities added during alloying either 
from impure elements or from air melting. Oxygen, 
for example, is very effective in increasing the re- 
sistivity of silver and, in relatively small amounts, 
could cause a 0.25 microhm-cm increase. K, is 0.10. 
Other coefficients are given in Table III. 

Fig. 5 shows the correlation for gold alloys.“*""""*” 
Again, there is a residual resistivity of 0.25 mi- 
crohm-cm, the value of Ap when the parameter is 
zero. The constants are givenin Table IV. K. is 0.10. 


Table V. Coefficients for Aluminum Alloys 


Solute 
Period Ap K, Kz 
3 0 5.00 1.69 
—1 1.67 0.70 
5 —2 1.67 1.67 
6 ~3 5.83 0.31 
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Fig. 5—Change in electrical resistivity as a function of the change 
in lattice parameter and the difference in valency and compres- 
sibility for 1 atomic pct solutions in gold. 


Data for aluminum alloys are shown in Fig. 6, 
based on references 14 to 18 and 51 to 60. The co- 
efficients are given in Table V. K, is 0.10. As in the 
case for silver and gold alloying, residual resistivity 
of 0.3 microhm-cm was found for aluminum alloys. 
The ionic charge, Z, of aluminum is considered as 
2%." 

Based on available data*”"*"""™ for iron alloys, 
the effects of transition elements are considerably 
more pronounced and more erratic than the effects 
of nontransition solutes. Since the ionic charge of 
transition elements is not understood, it is not sur- 
prising that no correlation is apparent for iron alloys, 
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Fig. 6—Change in electrical resistivity as a function of the change 
in lattice parameter and the difference in valency and compres- 
sibility for 1 atomic pct solutions in aluminum. 
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Fig. 7—Electrical conductivity as a function of the temperature 
coefficient of electrical resistivity for solid solutions. After Hansen, 
Johnson, and Parks.” 


although there are large differences in the effects of 
solutes ranging from cobalt to titanium. 

To summarize for dilute binary solid-solution al- 
loys, excluding transition elements, the increase in 
resistivity due to alloying (1 pct additions) may be 
related empirically to a squared function involving 
a dimensionless parameter based on valency, lattice 
parameter, and compressibility, and involving three 
proportionality coefficients. These coefficients can 
be related to the period of the solute and solvent. 
They vary from 0.10 to 5.0 in a manner suggesting 
that the resistivity is increased most effectively by 
large differences in lattice parameter, followed by 
differences in ionic charge and least effectively by 
differences in compressibility. The scatter of the 
experimental data and the arbitrary nature of the 
coefficients must be considered in evaluating the 
significance of this parameter. 

The transition-element solutes do not follow these 
relationships and may be as much as five times 
more effective in increasing the resistivity than can 
be predicted from those factors considered above. 

Based on Figs. 3 to 6, it is suggested that the re- 
sistivity data available in the literature can be fitted 
to Eq. 2 involving three disposable parameters, one 
of which is small and constant and the other two are 
functions of the solute period. Eq. 1 can be fitted to 
similar data, as shown in Fig. 1 with two disposable 
parameters which are functions of the solute period. 
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Fig. 8—Logarithmic plots of electrical conductivity as a function of 
temperature. After McAdam and Geil.” 
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Fig. 9—Logarithmic plot of electrical resistivity as a function 
of temperature for copper and copper alloys. Data from refs. 7, 
23, and 26. 


However, it is known that Eq. 1 does not include 
factors related to the screening constant, and at 
least one of the disposable parameters must involve 
this item. Eq. 2, on the other hand, includes provi- 
sion for additional factors believed to be related to 
resistivity and is useful in evaluating the relative 
effects of solute additions on resistivity for alloy 
design purposes. 


Effect of Temperature on Electrical Resistivity 

Hansen, Johnson, and Parks” have found the fol- 
lowing relation between electrical conductivity (K) 
and the temperature coefficient of resistivity (a): 


=—=af [3] 


where £8 is a constant characteristic of the solvent 
and a Ap/AT(p.) per °C or °K, where p, is the 
resistivity at 0°C, and T is the temperature. These 
relationships, illustrated in Fig. 7, have two limita- 
tions: 

1—An alloy is implied with zero conductivity and 
zero temperature coefficient. 

2—The temperature coefiicient derived from 
square cross-section coordinates is not constant over 
moderate temperature ranges, particularly for alloys. 

The first limitation may be avoided by using 
logarithmic coordinates. McAdam and Geil” have 
reported that, for wide temperature ranges from 
about 200°K to near the melting point, conduc- 
tivity may be related to the absolute temperature 
by a power function of the type 
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as illustrated in Fig. 8. Further inspection of Mc- 
Adam and Geil’s” relationship indicates that the 
exponent (called ; in this paper) is essentially con- 
stant (1.136 + 0.155) for the pure metals except for 
the ferromagnetic elements iron, cobalt, and nickel, 
and elements with atomic numbers less than 12. In 
addition, from Fig. 8, it appears that the effect of 
alloying is to decrease the value of the exponent 
without invalidating the logarithmic relationship. 

This logarithmic relationship provides a conven- 
ient approximation, which permits the estimation of 
the resistivity and temperature dependence of re- 
sistivity for various solid-solution alloys. This type 
of presentation is not intended to reveal additional 
fundamental information, but it is entirely consist- 
ent with Matthiessen’s rules. For this latter purpose, 
logarithmic plots may be considered on the basis of 
the following equation: 


p=aT’ +b [5] 


where b represents the residual resistance remain- 
ing at absolute zero. This component is temperature 
independent and is markedly affected by solute ad- 
ditions which introduce centers of distortion to scat- 
ter the electrons and appreciably shorten their mean 
free path.” The a in Eq. 5 modifies the temperature- 
dependent term which represents the thermal scat- 
tering of electrons, is very nearly independent of 
alloying, and is small compared to b. This analysis 
can be quickly evaluated by the inspection of Fig. 8 
for copper and for the 1.68 pct Ag-Cu alloys, but 
there is very little difference between the slope of 
the plots below 10°K. In addition, it can be seen 
from Figs. 8 to 11 that these plots deviate from a 
straight line at temperatures below about 200°K as 
would be expected from Eq. 5. The coefficients of 
Eq. 5 cannot be evaluated from existing data. The 
analyses of these coefficients can be undertaken only 
by measuring the value of a for the pure solvent 
metal, assuming it is independent of composition 
and then evaluating b as a function of composition. 
For the purposes of alloy design and relating prop- 
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Fig. 10—Logarithmic plot of electrical resistivity as a function of 
temperature for silver and silver alloys. Data from ref. 6. 
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Fig. 11—Logarithmic plot of electrical resistivity as a function of 
temperature for gold and gold alloys. Data from ref. 5. 


erties to composition, the more convenient form of 
Eq. 4 will be used in this paper. 

Data for the electrical resistivity of representative 
dilute copper, silver, and gold solid-solution alloys 
are plotted logarithmically as a function of tempera- 
ture in Figs. 9, 10, and 11, respectively. If the tem- 
perature exponent of electrical resistivity (r) is 
plotted against the electrical resistivity at 20°C§ 

§ Although electrical ‘resistivity at 20°C is used in these ‘plots, re- 
sistivity at a reduced temperature (a constant fraction of the abso- 
lute melting point of about 0.22) could be used equally well. The 
changes are less than the size of the symbols. This similarity re- 
sults from the relation that large temperature effects are associated 
with dilute alloys with small changes in melting point, while large 


changes in melting point are associated with alloys having small 
resistivity-temperature effects. 


(p) for dilute solid-solution alloys, the product of 
pr is approximately a constant (A) for each solvent, 
e.g., 

pr=A. [6] 


Table VI gives the constant A for various solvents. 
Eq. 6 is also entirely consistent with the rule of 
Matthiessen which states that the product of the re- 
sistance of an alloy and its temperature coefficient 
is essentially constant and equal to the product of 
these values for the pure solvent element.” As 
shown in Fig. 15, this relation forms a straight-line 
plot of slope equal to —1 when the logarithm of p is 
plotted against the logarithm of r. Plots for such addi- 
tional data as could be located in the literature are 
shown in Fig. 15 with the constants listed in Table VII. 
The constant A may be estimated from the resis- 
tivity of the solvent element, as shown in Fig. 16, 
by using the approximate relationship 


A=12p [7] 


where p, is the resistivity of the solvent element. 
Alloys of the elements Fe and Ni (r = 2) do not fol- 
low this approximation. 

Eqs. 6 and 7 are also consistent with Matthiessen’s 
rules. These equations indicate that the temperature 
exponent of a solid-solution alloy depends only on 
the solvent element and the resistivity of the alloy, 
but is independent of the solute element. 

For 1 pct solid-solution alloys, if the change in 
resistivity at 20°C (Ap) compared to the pure sol- 
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Fig. 12—Relation between the temperature exponent of elec- 
trical resistivity and the electrical resistivity of silver and silver 
alloys. Data from ref. 6. 
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Fig. 13—Relation between the temperature exponent of electrical 

resistivity and the electrical resistivity of copper and copper alloys. 

Data from refs. 7, 19, and 21 to 27. 


vent is plotted against the corresponding change in 
temperature exponent (Ar), the following relation- 
ship is found: 
(—A —A 
Ap Pe r) ; pal r) [8] 


where subscript B is for the base element and S for 
the alloy, as illustrated in Fig. 17 for copper alloys. 
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Table VI. Values of A for Ag, Al, Au, Cu 


Selvent Constant A Figure 


1.6 
2.0 
22 
2.3 


As shown previously, 4p for 1 atomic pct solute 
addition can be related to the change in lattice 
parameter and to the differences in ionic charge and 
compressibilities according to Eq. 2. It follows, 
therefore, that the temperature exponent of resis- 
tivity also may be related to the atomic character- 
istics of the components of 1 atomic pct solid-solu- 
tion alloys, as follows: 


i= K,AZ K.Axr | 


a Z xr 


+ x 
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Fig. 14—Relation between the temperature exponent of elec- 
trical resistivity and the electrical resistivity of gold and gold 
alloys. Data from ref. 5. 
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Fig. 15—-Summary plot of relation between the temperature exponent 
of electrical resistivity and the electrical resistivity of silver, copper, 
gold, aluminum, magnesium, indium, nickel, iton, lead, and titanium 
alloys. 
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ELECTRICAL RESISTIVITY OF BASE ELEMENT (?,), MICROHM-cm, 20°C 
Fig. 16—Relation between the electrical resistivity of the solvent 
and the product of the electrical resistivity and the temperature 
exponent. 
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Fig. 17—Change in electrical resistivity as a function of the 
change in temperature exponent for 1 atomic pct Cu alloys. 
Data from refs. 7, 9, and 21 to 27. 


This relationship is illustrated in Fig. 18 for copper 
alloys. 

The method of graphically evaluating the effects 
of temperature upon the resistivity of solid-solu- 
tion alloys is intended to present a simple, self-con- 
sistent means for estimating the resistivity of these 
alloys over a wide range of temperatures. This 
method has been found useful in evaluating mate- 
rials for alloy design purposes. These relationships 
are consistent with the present understanding of 
conductivity. 


Summary 
1—The electrical resistivity of dilute solid-solu- 
tion alloys may be related empirically to a squared 
dimensionless parameter involving lattice parame- 
ter, ionic charge, and compressibility. 
2—The electrical resistivity may be considered as 


Table Vil. Values of A for Mg, In, Ni, Fe, Pb, Ti 


Selvent Constant A References 
Mg 5.0 29 
In 10.5 29 
Ni 12.0 29, 30 
Fe 18.5 17 
Pb 24.0 71 
Ti 54.0 85 
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IN COPPER 


° 


° 
T 


F*Ko Aa/o + Kz Az/z-Ke Ax/x 


= 4 6 8 
Fig. 18—Change in temperature exponent as a function of the 


change in lattice parameter, and the differences in valency and 
compressibility for | atomic pct solutions in copper. 


a logarithmic function of absolute temperature such 
that the product of the temperature exponent and 
the electrical resistivity at 20°C is a constant. This 
constant is characteristic of the base element and 
related to its electrical resistivity at 20°C. Thus, if 
4p is known for an alloy, its temperature exponent 
may be estimated, provided the properties of the 
pure base element are known. 

3—Empirically, the electrical resistivity of solid- 
solution alloys over a wide range of temperatures 
may be estimated from the atomic characteristics of 
the components. Using LeChatelier-Guertler princi- 
ples, the electrical resistivity of two-phase alloys 
under equilibrium conditions may also be estimated 
from the electrical resistivities of the component 
phases. 

4—Alloys involving transition elements and be- 
havior below 200°K are not included in these gen- 
eralizations. 
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Investigation of the Grain Coarsening Behavior 
Of Some Aluminum Alloys 


by Harold Bernstein 


Grain coarsening tests were carried out on Al-4.5 pct Cu and 


Al-4.5 pct Si alloys. The effects of three variables, melt composi- 
tion, pour temperature, and mold temperature, were determined. 
It was found that the macrostructure generally coarsened with in- 
creased pour and mold temperatures. Coarsening was extreme in 
the unrefined alloys but was retarded by the active grain refiners 
like titanium and columbium. The effect of boron was spectacular 
in suppressing coarsening tendencies. The results of the investiga- 
tion support the carbide theory of nucleation as opposed to the 


peritectic theory. 


REVIEW of prior work on the subject of grain 

refinement in the light metals indicated that, 
for the most part, it had been concerned with the 
positive effects of addition agents upon structure. 
This work produced various theories of refinement. 
Prominent among them were the peritectic theory 
and the transition element carbide theory. Certain 
inadequacies in the former theory appeared to be 
explained satisfactorily by the transition element 
carbide theory. In order to appraise these theories 
further, a study was undertaken of the permanence 
of grain refinement effects when subjected to ther- 
mal or chemical variations. It was considered that a 
study of this kind would be of practical value, since 
the light metals are exposed to thermal and chemi- 
cal variations in the normal course of foundry oper- 
ations. Accordingly, two alloys of commercial im- 
portance were selected for this investigation, the 
Al-Cu and Al-Si alloys. 


Experimental Procedure and Results 

Raw Materials: The base alloys, Al-Cu and AlI-Si, 
were prepared from virgin aluminum and hard- 
eners, induction melted, and pigged for remelting. 
The grain refiners, including titanium, columbium, 
zirconium, and boron, were added as master alloys. 
Analyses of the raw materials and base alloys are 
listed in Table I. 

Melting and Casting Practice: The metals were 
melted in clay-graphite crucibles in a Hevi-Duty pit- 
type resistance furnace, equipped with a Leeds and 
Northrup Micromax Recorder and Controller. After 
melt down of the base alloys, the additions were 
made. For each casting, approximately 80 grams of 
metal were poured into a preheated graphite mold 
held in a transite flask. The mold (Fig. 1) weighed 
320 grams. 


H. BERNSTEIN is Metallurgist, U. S. Naval Gun Factory, Wash- 
ington, D. C. 

Discussion on this paper, TP 3755E, muy be sent, 2 copies, to 
AIME by July 1, 1954. Manuscript, July 7, 1953. New York Meet- 
ing, February 1954. 

This paper is based on a thesis by Mr. Bernstein submitted in 
partial fulfillment of the requirements for the degree of Master of 
Science in Metallurgy to the University of Maryland. 
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Table |. Chemical Analyses of Raw Materials and Base Alloys 


Raw Materials Si Fe cu Al Other 

Aluminum pig 0.09 0.08 0.01 Bal 

Al-Cu hardener 0.07 50.34 Bal 

Silicon Bal, 0.65 

Al-Ti 0.17 0.52 0.03 Bal. 5.11 Ti 

Al-B 0.08 0.07 Bal. 154B 

Al-Zr Bal. 2.03 Zr 

Al-Cb Bal. 0.80 Cb 

Al-Cr Bal 2.95 Cr 

Al-Be 0.06 Bal 4.59 Be 
Base 

Alloys si Fe cu Mn Mg Zn Al 

Al-Cu 17 0.13 4.40 <0.01 <0.01 <0.10 Bal. 

Al-Si 4.30 <0.01 <0.01 <0.10 Bal. 


To determine the effect of superheat upon struc- 
ture, a set of melts was heated successively to four 
temperature levels, 705°, 775°, 845°, and 915°C, and 
test specimens were cast at each level. Prior to each 
pour, the furnace temperature was held constant for 
20 min. Next, a set of melts was put through a 
superheat cycle and test specimens were cast at melt 
temperatures of 705° and 915°C successively. The 
crucibles then were cooled in air to 705°C as deter- 
mined by immersion thermocouple and additional 
test specimens were poured. The cooling interval 
was approximately 1 min. Another set of melts was 
furnace cooled with the cover slightly ajar and test 
specimens cast as before. The interval in this case 
was 15 to 20 min, varying with the superheat tem- 
perature. The mold temperature for all these tests 
was 400°C. 

To determine the effect of cooling rate without 
superheat upon structure, a set of melts was heated 
to 705°C, and castings were poured at mold tem- 
peratures of 205°, 400°, and 540°C. An interval of 
15 min elapsed between each pour. Mold tempera- 
tures were measured by a direct reading millivolt- 
meter, using a chromel-alumel thermocouple located 
at midwall thickness of the mold. 

To demonstrate the phenomenon of chemical 
coarsening, agents such as chromium and beryllium, 
which had acted as coarseners in a previous investi- 
gation,’ were added to the Al-Cu alloy. Test speci- 
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Fig. 1—Transite flask, split graphite mold, and aluminum alloy 
casting used for grain size determinations. X1. Area reduced ap- 
proximately 85 pct for reproduction. 


mens were cast at a melt temperature of 705° and a 
mold temperature of 400°C. 

Specimen Preparation and Grain Size Measure- 
ment: A section % in. long was cut from the small 
end of each casting and faced off at the cut. The 
machined face was ground on a belt surfacer and 
then polished on 0, 00, and 000 Emery papers. The 
Al-Cu specimens were etched in 20 pct NaOH fol- 
lowed by a wash in dilute HNO,. The Al-Si speci- 
mens were etched in aqua regia with 1 pct HF. 

The grain sizes were measured using a bench 
microscope equipped with 48 mm objective and the 
standard ASTM grain size eyepiece. Average grain 


diameter in inches was reported for the equiaxed 
structures. For the columnar structures, width of 
grain in inches was reported. The grain size, analy- 
sis, and thermal record of the various specimens are 
listed in Tables II and III. The variations in struc- 
ture of Al-Cu alloy specimens prepared at several 
melt temperatures are illustrated in Fig. 2. The effect 
of melt temperature and composition upon grain size 
is shown graphically in Fig. 3 for the Al-Cu alloy 
and in Fig. 4 for the Al-Si alloy. 

Determination of Relative Rates of Cooling: To 
establish the relative magnitudes of the cooling 
rates, test specimens of high purity aluminum 
(99.997 pct) were prepared under the various con- 
ditions described above. They are listed in Table IV 
in order of increasing fineness of columnar grains. 


Discussion of Test Results 

The act of superheating may affect structure in 
two ways: one, associated with the elevated tem- 
perature itself, and the other with the rate of cooling 
from that temperature. To distinguish between the 
two, cooling rate tests without superheat were made 
by varying the mold temperature. In addition, the 
cooling rates after superheating must be compared 
with those which applied without superheat. This 
was done by noting the changes produced by these 
variables in the structure of high purity aluminum. 
This material is known to be sensitive to cooling 
rate variations prior to solidification but not to 
superheating.’ In this way, the following order of 
cooling rates was obtained: the slowest rate applies 


Fig. 2—Effect of melt temperature upon structure of the Al-Cu alloy. Top: base meta!; middle: +-0.20 
pct Ti; and bottom: +-0.05 pet B. X3. Area reduced approximately 50 pct for reproduction. 


604—JOURNAL OF METALS, MAY 1954 


TRANSACTIONS AIME 


A 
tts 
775°C 915°C 
705°C 


Table Ii. Grain Size Results, in Inches, in Superheat Tests. 
Mold Temperature 400°C. 


Melt °c 


Addition, 


Wt Pet 705° 775° 845° 915° to 705° to 705° 


Al-Cu Alley 
N 


one 0.037 0.037* 0.052° 0.10° 

0.20 Tit 0.011 0.019 0.022 0.031 

0.05 Bt 0.016 0.019 0.019 0.016 

0.25 Cb 0.013 0.026 0.037 0.037 

0.14 Zrt 0.031 0.037* 0.052* 0.074* 

0.20 Zr 0.016 0.052 0.074 _— 

None 0.037 0.10*° 0.052 

0.24 Ti 0.009 — —_ 0.031 0.009 

None 0.037 0.037* 0.037 
.20 Ti 0.011 -- 0.022 0.011 

Al-Si Alley 

None 0.052 0.037° 0.037° 0.052° 

0.15 Tit 0.016 0.022 0.026 0.026 

0.05 Bt 0.009 0.011 0.011 0.011 

0.28 Zr 0.016 0.037 0.052 —_ 

None 0.052 0.074° 0.074 

0.20 Ti 0.016 0.026 0.016 


* Columnar grain. All others equiaxed. 
¢t Chemical analysis. All others nominal. 


Table I!!. Grain Size Results, in Inches, in Cooling Rate 
and Chemical — Tests 


Cooling Rate Tests. Melt Temperature, 705°C 


Mold Temperature, °C 
Addition, 
Wt Pet 205° 400° 540° 


Al-Cu Alley 
None 


0.037 0.037 0.044 
0.24 Ti 0.009 0.009 0.013 
0.05 B 0.013 0.016 0.016 
Al-Si Alley 
None 0.052 0.052 0.074 + 0.052° 
0.15 Ti 0.013 0.016 0.016 


Chemical Coarsening Tests. Melt ‘Tem: >prature 705°C, 
Mold Temperature 400° 


Addition, Wt Pet Average Grain Diameter 


Al-Cu Alley 
None 0.037 
0.07 Be 0.037 
0.14 Be 0.044 
0.05 Cr 0.037 
0.12 Cr 0.044 


* Columnar grain. All others equiaxed. 


in the case of the superheated mold, followed by the 
superheated metal, standard practice, and cool mold. 
The standard melt temperature was approximately 
50°C above the liquidus temperature of the binary 
alloys. 

Three types of grain coarsening behavior were ob- 
served in response to superheating. They were com- 
mon to both alloys. The first type involved the 
change of equiaxed to columnar grains and with one 
exception was limited to the unrefined base alloys. 
The exception will be discussed later. This change 
occurred with the first increment of superheat. Ad- 
ditional increments simply coarsened the columnar 
structure which is attributed to the slower rate of 
cooling from the higher temperature. The columnar 
structure is typical of the elementary metal which 
possesses neither concentration gradients nor nu- 
cleating impurities to make it equiaxed. The equi- 
axed structure of the Al-Cu alloy was only slightly 
changed by the variations in cooling rate as deter- 
mined by mold temperature. It may be inferred that 
superheating the Al-Cu base alloy eliminated the 
nucleating impurities which helped produce the 
original equiaxed structure. The Al-Si alloy de- 
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Fig. 3—Effect of melt temperature upon the grain size of the Al-Cu 


alloy with various additions. 


veloped a mixed columnar and coarse equiaxed 
structure in response to the decrease in cooling rate 
without superheat. Its entirely columnar structure 
after superheating then must be ascribed to both the 
elimination of nuclei and the subsequent decreased 
cooling rate from the high temperature. 

The second type was marked by a coarsening of 
structure, i.e., an increase in grain diameter while 
retaining the equiaxed characteristics. Alloys con- 
taining additions of titanium and columbium ex- 
hibited this type of behavior. A theory has been ad- 
vanced that these elements form stable carbides of 
simple formula and structure which act as nuclei in 
the melt." The nuclei are essentially impurities and 
break down upon superheating, producing a coarser 
structure. The cycling tests showed that slower 
cooling rates from the superheat temperature to the 
standard temperature regenerated the fine grain 
size; hence regenerated the nuclei. The base alloys 
(unrefined) acted in the same way upon cycling, 
and one may speculate that the nuclei in these al- 
loys are traces of the carbides of titanium, colum- 


Table IV. Test Specimens of Aluminum 


Pour Tempera- Mold Tempcra- 
ture, ture, °C Description 


Coarse 705 540 Superheated mold 
708 Standard practice, 
tandard practice 

Fine 705 205 Cool mo 
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Fig. 4—Effect of melt temperature upon the grain size of the Al-Si 
alloy with various additions. 


bium, or any of the transition elements which meet 
the requirements for nucleation." The refined alloys 
were impervious to cooling rate variations which is 
in line with the results just described. 

The third type of behavior was observed in alloys 
containing boron. It was characterized by an al- 
most complete insensitivity to superheating and, of 
course, to variations in cooling rate. While this may 
be considered a limiting condition of the second 
type, the mechanism of nucleation appears to be 
entirely different. Now, boron is not a transition 
element nor does it undergo a peritectic reaction 
with aluminum. In this case, however, nucleation 
seems to be based on the principal melt constituents 
and not on impurities in the melt. It has been sug- 
gested’ that in the case of boron additions to alumi- 
num, the nuclei form from the intermetallic com- 
pound AIB,. This compound occurs at very low con- 
centrations of boron because of the proximity of the 
Al-B eutectic to the 100 pet Al ordinate. Thus the 
nuclei dissolve on melting and precipitate on freez- 
ing regardless of melt history, constituting a com- 
pletely reversible system. In addition, the inter- 
metallic compound AIB, meets the requirements for 
nucleation referved to previously. 

Sufficient amounts of titanium and columbium 
were added to obtain optimum grain refinement. In 
the case of zirconium, two concentrations were used 
in order to illustrate the threshold effect which dis- 
tinguishes the behavior of this element. This effect 
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has been reported in previous investigations,‘ in 
which the grain refinement obtained by additions 
of titanium and columbium was found to be pro- 
portional to the amount added. The addition of 0.14 
pet Zr by weight produced little refinement and had 
no effect on the coarsening tendency of the Al-Cu 
alloy. The addition of 0.20 pct Zr by weight pro- 
duced marked refinement and substantially reduced 
the susceptibility to coarsening. While zirconium is 
a transition element which forms a simple stable 
carbide, its refining characteristics are at variance 
with those of titanium and columbium. 

The threshold effect has been identified with the 
onset of a peritectic reaction’ which is common to 
many of the constitution diagrams of aluminum and 
the grain refining elements. In this reaction, the 
initial solid formed on cooling is an aluminide which 
is presumed to nucleate the melt. If this were so, 
the behavior of zirconium would parallel that of 
boron. However, zirconium-refined melts exhibited 
significant coarsening when superheated. Further, 
ZrAl, does not meet the standards set up for nu- 
cleation. It appears that the grain refining power of 
zirconium below its threshold concentration is at- 
tenuated by some mechanism as yet obscure. Above 
this concentration, it behaves like titanium or co- 
lumbium. 

The additions of chromium and beryllium to the 
Al-Cu alloy had no effect on the structure. Coarsen- 
ing by these and other elements was reported in a 
previous investigation’ and by other investigators." * 
One may speculate again that the effect of these 
additions in previous investigations was to form in- 
effective compounds at the expense of the effective 
ones, i.e., chromium carbide in place of titanium 
carbide. The absence of chemical coarsening in this 
investigation is attributed to impurity differences in 
the raw materials. 

In closing, it should again be pointed out that the 
basic difference between the peritectic theory and 
the carbide theory is that the former identifies the 
nuclei as equilibrium constituents; the latter, as 
impurities. The transitory nature of the refine- 
ment associated with the transition elements tita- 
nium and columbium indicates that the nuclei are 
impurities. The effect of boron additions clearly 
demonstrates the type of behavior which may be 
expected when the nuclei are equilibrium constitu- 
ents. The results of this investigation, almost with- 
out exception, support the transition element car- 
bide theory of nucleation. 
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475°C (885°F) Embrittlement in Stainless Steels 


by A. J. Lena and M. F. Hawkes 


Changes in hardness, tensile properties, microstructure, electrical 
resistance, and X-ray diffraction effects indicate that lattice strains 
are necessary for the embrittlement of ferritic stainless steels when 
heated for relatively short times at 475°C (885°F). It is suggested 
that 475°C (885°F) embrittlement is due to the accelerated forma- 
tion of an intermediate stage in the formation of « under the influ- 


ence of these strains. 


ERRITIC stainless steels (low carbon alloys of 

iron with more than 15 pet Cr) are subject to 
two forms of embrittlement when heated in the tem- 
perature range of 375° to 750°C. The embrittlement 
which occurs after long time heating between 565° 
and 750°C is well understood; it is caused by the 
precipitation of the hard, brittle o phase. Sigma is 
an intermetallic compound of approximate equi- 
atomic composition with an extended range of for- 
mation in Fe-Cr alloys. The maximum temperature 
at which this form of embrittlement can occur is 
dependent upon chromium content; and is approxi- 
mately 620°C for a 17 pct Cr steel and 730°C for a 
27 pet Cr steel. The other form of embrittlement 
occurs after relatively short heating periods in the 
range of 375° to 565°C; in the higher chromium 
steels, hours may be sufficient as compared to months 
for o embrittlement. This phenomenon is not at all 
well understood and several controversial theories 
have been proposed. The rate and intensity of 
embrittlement increase with increasing chromium 
content but the maximum rate occurs at 475°C re- 
gardless of chromium content. As a result of this, 
the phenomenon has been termed 475°C (885°F) 
embrittlement. 

The effect of 475°C embrittlement on the proper- 
ties of ferritic stainless steels has been thoroughly 
reviewed by Heger.’ The embrittlement causes a 
pronounced decrease in room temperature impact 
strength and ductility, a large increase in hardness 
and tensile strength, and a decrease in electrical 
resistivity and corrosion resistance. Microstructural 
changes accompanying embrittlement are minor and 
difficult to interpret with a general grain darkening, 
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appearance of a lamellar precipitate, grain boundary 
widening, and precipitation along ferrite veins hav- 
ing been reported at various times. With the excep- 
tion of reported line broadening, X-ray diffraction 
studies by conventional Debye analysis of solid sam- 
ples have been of little value. By making use of 
electron diffraction methods, Fisher, Dulis, and Car- 
roll* have recently shown the existence of a chromi- 
um-rich, body-centered cubic phase in 27 pct Cr 
steels which had been aged at 482°C (900°F) for as 
long as four years. 

Two types of theories have been advanced to 
account for the embrittlement. The first of these 
requires the precipitation of a phase not inherent in 
the Fe-Cr system with various investigators suggest- 
ing a carbide,’ nitride,’ phosphide,‘ or oxide.’ Theo- 
ries of this type have difficulty accounting for the 
influence of alloying elements on the embrittlement 
and for the facts that a minimum chromium content 
is necessary for embrittlement and the intensity of 
embrittlement increases with increasing chromium 
content. 

The second type of theory that has been proposed 
relates 475°C embrittlement to o phase formation 
which is inherent in the Fe-Cr system. An assump- 
tion of this kind can adequately explain the influence 
of alloying elements, for they exert an effect on 
475°C embrittlement similar to that on o phase for- 
mation as can be seen in Table I. The minimum 
chromium content is essentially the same for both 
phenomena and it has been shown™”™ that o is a 
stable phase in the embrittling temperature range. 
In addition, it has been reported” “ that pure alloys 
embrittle to the same extent as commercial type 
alloys. There are, however, several factors which 
have prevented complete acceptance of a o phase 
theory. Foremost of these is that the embrittlement 
can be removed by reheating for short time periods 
above 600°C, which in the higher chromium steels 
is within the stable o region. No o has ever been 
observed after one of these curing treatments, nor 
has any o been found as a result of embrittlement 
at 475°C. In addition, the simple precipitation of o 
cannot explain the time-temperature relationships 
for reactions between 350° and 750°C. This behavior 
is shown schematically in Fig. 1. Newell” and Ried- 
rich and Loib‘ have shown that 475°C embrittlement 
follows a C-type curve as illustrated, while Short- 
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Fig. 1—Time-temperature dependence of o phase formation and 
475°C embrittlement in high chromium steels (schematic). 


100,000 


sleeve and Nicholson” have presented a similar 
curve for o formation. In regard to pure alloys, 
Hochman” has shown that alloys melted in vacuum 
embrittle at a slower rate than alloys melted in air, 
and that the addition of small amounts of nitrogen, 
carbon, and oxygen increased the rate of embrittle- 
ment although the rate did not continue to increase 
with increasing amounts of each of these elements. 

This paper is concerned with the results of an 
investigation of 475°C embrittlement in a high 
purity 28 pet Cr alloy and a 31 pet Cr commercial 
type alloy. The embrittlement has been studied by 
observation of changes in microstructure, hardness, 
tensile properties, electrical resistivity, and X-ray 
diffraction effects. 


Experimental Procedure 


The compositions of the two alloys used in this 
investigation are given in Table II. The high purity 
alloy was prepared by the Union Carbide and Car- 
bon Research Laboratories, Electrometallurgical 
Div., by vacuum melting electrolytic iron and elec- 
trolytic chromium in a magnesia crucible. A small 
% in. diameter hot rolled bar was available. The 
commercial type alloy was induction melted and was 
provided by the Allegheny Ludlum Steel Corp. 
Both of the alloys were intentionally made high in 
chromium to insure good response to 475°C embrit- 
tlement. 

The general plan followed throughout this work 
was to observe the changes in hardness, microstruc- 
ture, tensile properties, electrical resistivity, and 
X-ray diffraction effects which occurred in these 
alloys after aging at both 475° and 650°C. This 


Table |. Influence of Alloying Elements on the Rate and Intensity 
of 475°C Embrittlement and Sigma Phase Formation 


Sigma Phase 

Element 475°C Embrittlement Formation 

Cr Marked increase Marked increase* 

c No effect or decreases 

slightly* Decreases’ 

N No effect* Uncertain* 

si Marked increase* Marked increase* 

Mo Marked increase* Marked increase* 

Al Increases* Increases’. 

Ti Increases* Increases* 

cb Increases* Increases* 

Mn Depends on balance Increases" but probably 

depends on balance 
Ni Depends on balance* Depends on balance* 


Increases’ 


Pp Increases* 
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latter temperature was approximately that of maxi- 
mum rate of gross o formation. All samples were 
annealed first at 1100°C with the exception of the 
tensile specimens which, because of excessive grain 
coarsening at 1100°C with resultant low ductility, 
it was necessary to anneal at 900°C. All annealing 
and aging was done in an inert atmosphere of puri- 
fied argon. 

Conventional mechanical polishing was used in 
the preparation of samples for metallographic ex- 
amination and hardness measurements. A large 
number of standard etchants, both chemical and 
electrolytic, were employed, but during the course 
of the investigation it was found that best results 
could be achieved by etching for a short time in a 
boiling 50 pet hydrochloric acid solution. Further 
work has indicated that this etchant might be useful 
as a general structural etchant for stainless steels of 
all types. Hardness measurements were made on a 
standard Vickers hardness machine with a 136° 
diamond pyramid indentor and a 10 kg load. 

Two series of electrical resistance measurements 
were made; one at the aging temperature and the 
other at room temperature. The latter was neces- 
sary because the time required to heat the apparatus 


Table 11. Composition of Alloys 


Alley c Mn Si Cr Ne P 


High purity 0.015 -- == 28.17 0.002 
Commercial type 0.064 113 «(0.97 31.64 0.063 0.015 


and specimen to the aging temperature was too long 
to allow studying the effect of short aging times. 
The X-ray investigations included the following 
three methods: 

1—Debye analysis of bulk samples and residues 
extracted by electrolysis in a 10 pct ferric-chloride 
solution. 

2—Laue back-reflection method employing single 
crystals with tungsten radiation for the detection of 
strain asterism. 

3—Rotating crystal, oscillating crystal, and sta- 
tionary Laue transmission techniques employing 
single crystals and chromium radiation for the de- 
tection of diffuse scattering as described by Geisler 
and Hill.” 

Results with Pure Fe-Cr Alloy 

Samples from the hot rolled bar showed a marked 
propensity to embrittle as shown by a larger increase 
in hardness after aging at 475°C. Subsequent an- 
nealing in argon at 1100°C reduced this tendency to 
embrittle to a considerable extent. The hardness 
increase after 100 hr at 475°C in the annealed condi- 
tion was only 28 VHN, whereas the increase was 122 
VHN when aged after hot rolling. These data are 
given in Table III. 

These results indicate that the initial condition of 
the alloy prior to aging has an important effect on 
the rate at which the alloy embrittles when aged at 
475°C. This was studied in more detail by hot roll- 
ing the bar at 1100°C to a small % in. thick sheet. 
Sections of this sheet were subsequently annealed 
for 1% hr at i100°C in air and then cold worked 33 
and 66 pct. Samples in each of these four conditions 
(hot rolled, annealed, and cold rolled 33 and 66 pct) 
were aged for various times at 475°C after which 
the hardness was measured. The aging data have 
been plotted in Fig. 2 where it can be seen that the 
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Fig. 2—Effect of initial condition on the changes in hardness 
of the high purity alloy after aging at 475°C. 


initial treatment exerts a profound effect on the rate 
at which the alloy embrittles. 

As a result of this experiment, it appears that the 
embrittlement of pure alloys requires the presence 
of lattice strains. Although the maximum hardness 
was observed in cold rolled samples, they were 
harder prior to aging so that the maximum hardness 
increase after aging was found in the hot rolled 
sample. (That residual stresses are present in the 
hot rolled material is shown by the fact that the 
grains are elongated in the direction of rolling and 
recrystallization occurs when annealed after rolling. 
In the true sense of the word, this is not hot rolling 
but is a common occurrence in so-called hot rolled 
stainless steel.) This indicates that although stresses 
are necessary for extensive embrittlement in short 
times, the amount of stress required does not have 
to be large. The small increase in hardness of an- 
nealed samples after aging may be due to the pres- 
ence of thermal stresses introduced by quenching 
from 1100°C after annealing. 

Previous reports of the embrittlement of pure 
alloys can be attributed to the fact that the 
alloys were strained prior to aging. The straining 
necessary for embrittlement can be achieved by 
external deformation including hot working of the 
type previously mentioned, or it may be achieved by 
the precipitation of a nitride phase which may arise 
from nitrogen absorption if the alloys are annealed 
and aged in air. Becket” reports that pure alloys 
become brittle if annealed and aged in air, but he 
observed that a sample which had been annealed in 
vacuum did not embrittle after aging at 475°C. It 
will be shown later that the precipitation of a nitride 
phase effectively strains the lattice such that embrit- 
tlement can occur without the application of external 
strains. This effect was found in pure alloys which 
were aged at 475°C in air after an 1100°C anneal. 
The absorption of nitrogen is indicated by the pres- 
ence of nitride needles in the microstructure of aged 
samples. A similar effect was also observed by 


Table Ii!. Hardness of the Pure 28 Pct Cr Alloy Aged at 475°C 


Condition 


As received, hot rolled 

As received plus 100 hr at 475°C 
Annealed 22 hr at 1100°C 
Annealed plus 100 hr at 475°C 
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Offenhauer.* This nitride phase is identical with 
that found in commercial type alloys containing 
nitrogen as will be described. 

No significant difference in the microstructure of 
the annealed material after aging was observed, but 
evidence of precipitation was found in the samples 
which had been deformed prior to aging, Fig. 3. 
Although the apparent amount of precipitate in the 
aged 66 pct cold rolled material is very large, X-ray 
analysis of bulk samples by the Debye method failed 
to show the presence of any phase other than ferrite. 
In addition, the aged material was dissolved by elec- 
trolysis in a 10 pet FeCl, solution and, although the 
method has been shown to be adequate for the con- 
centration of o, carbides, and nitrides, no new phase 
which could be attributed to aging was detected. 
The X-ray pattern of the extracted residues of the 
66 pct cold rolled material both before and after 
aging for 100 hr at 475°C contained strong ferrite 
lines from matrix contamination and weak Cr,O, 
lines from the inclusions in the steel. Thus a con- 
dition exists in which the microstructure indicates 
the presence of a large amount of a precipitated 
phase which cannot be confirmed by X-ray analysis 
in spite of efforts to concentrate the phase by elec- 
trolytic dissolution. Such a condition could exist if 
the precipitate were not sufficiently developed to 
produce three dimensional diffraction, or if the 
microstructural change were due to the selective 
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a—Cold rolled 33 pct plus 211 hr at 475°C. 


b—Cold rolled 66 pct plus 211 hr at 475°C. 


Fig. 3—High purity 28 pct Cr alloy. Etchant, boiling 50 pet HCI. 
X500. Area reduced approximately 40 pct for reproduction. 
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Fig. 4—Changes in hardness of polycrystalline and single-crystal 
specimens of the 31.6 pct Cr alloy after aging at 475°C. 


etching of regions different in composition from the 
matrix which might arise prior to the precipitation 
of a second phase. It is logical to assume that this 
second phase would be a, since it is the only inter- 
mediate phase found in pure Fe-Cr alloys, and the 
composition of this alloy is such that o is a stable 
phase at low temperatures. 

Since o formation has often been associated with 
475°C embrittlement, it was believed advisable to 
compare the property changes which occur as a 
result of aging at a temperature equivalent to that 
of maximum rate of gross o formation, with those 
observed after aging at 475°C. It was expected that 
this procedure, which has been followed throughout 
the research, would aid in establishing a reason for 
the differences in the rates of embrittlement at the 
two temperatures. In contrast to the behavior of the 
66 pct cold rolled material aged at 475°C where the 
hardness increased continuously with increasing 
time, the hardness began to decrease immediately 
upon aging at 650°C and reached a low value of 146 
VHN within 20 min. No further change was ob- 
served in the total aging time of 96 hr. Microscopic 
examination showed that the material had started 
to recrystallize within 10 min and was completely 
recrystallized within 1 hr. No o was observed in any 
of the samples aged at 650°C. 


Results with 31.6 Pct Cr Commercial Type Alloy 

Hardness: In order to determine if 475°C embrit- 
tlement is caused solely by a grain boundary pre- 
cipitate, single crystals of the 31.6 pct Cr alloy were 
prepared by the strain-anneal method. Since the 
presence of carbides restricts grain growth, the ma- 
terial was first decarburized in moist hydrogen for 
one week at 900°C, which succeeded in reducing the 
carbon content from 0.064 to less than 0.020 pct. 
Single crystals approximately “% in. long and % in. 
in diameter were obtained by straining 2% pct in 
tension and annealing for 72 hr at 900°C. The single 
crystals were cut out of the tensile bar and along 
with small disk specimens of the nondecarburized 
polycrystalline material were annealed for 24 hr at 
1100°C in argon after which both types of samples 
were aged at 475°C. 

The effect of aging time at 475°C on the room 
temperature hardness of the 31.6 pct Cr alloy is 
shown in Fig. 4, where it can be seen that both the 
single-crystal and polycrystalline specimens harden 
to a large extent. Although the initial rate is slightly 
greater in the polycrystalline material, both types of 
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material approach the same hardness after long 
aging times. Since the single-crystal specimens em- 
brittle, it can be concluded that 475°C embrittlement 
is not due solely to a grain boundary precipitate. In 
view of the large difference in carbon content of the 
single and polycrystalline samples, it can also be 
concluded that the precipitation of a carbide is not 
instrumental in causing embrittlement of commer- 
cial alloys. 

In contrast to the behavior of the pure alloy, it is 
seen that the commercial alloy is subject to severe 
embrittlement when aged after annealing; the intro- 
duction of external strains is not necessary. Further- 
more, the commercial alloy requires an incubation 
period of at least 45 min before the embrittlement 
begins. This is shown in the inset of Fig. 4, where 
aging time is plotted on an expanded scale. 

Polycrystalline specimens of the 31.6 pct Cr alloy 
were aged at 650°C, where no hardness increase was 
observed as a result of aging for times as long as 40 
days. This was so in spite of the presence of small 
amounts of grain boundary o which were found in 
samples aged for more than 30 days. In order to 
study the influence of o formation on hardness in a 
more thorough manner, an alloy containing 25 pct 
Cr and 5 pet Si, which is capable of forming large 
amounts of o in short times, was prepared. It was 
found that no hardness increase occurred prior to 
the actual start of the formation of o on a gross scale 
which required about 3% hr. The increase in 
hardness could be correlated with the amount of o 
as determined metallographically or by X-ray, indi- 
cating that the hardness increase is that caused by 
the dispersion of a hard second phase. This fact has 
previously been reported by Gilman.’ 

Tensile Properties: The influence of aging time at 
475°C on the room temperature tensile strength and 
percent elongation in 1 in. is shown in Fig. 5, where 
the results from the present investigation can be 
compared with those of Newell” on a 27 pct Cr alloy. 
Since Newell did not investigate the effect of aging 
times of less than 10 hr, his data show a continuous 
decrease in percent elongation with increasing aging 
time. In this investigation, it was found that a time 
lapse of at least 45 min was required before the duc- 
tility began to decrease. This is shown more clearly 
in Fig. 6, where the ductility data are plotted on an 
expanded time scale. It has thus been shown that 
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Fig. 5—Changes in room temperature tensile strength and elonga- 
tion of the 31.6 pct Cr alloy after aging at 475°C. Data from this 
investigation are compared with those of Newell on 27 pct Cr 
steels.” 
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475°C embrittlement of the 31.6 pct Cr alloy requires 
an incubation period. This is true whether the cri- 
terion for embrittlement is an increase in hardness 
or a decrease in a ductility property such as the per- 
cent elongation in tension. 

The tensile strength and ductility of the 31.6 pct 
Cr alloy did not undergo any significant change after 
aging at 650°C for as long as three weeks although 
some discontinuous grain boundary o was present. 
It was observed that « formed more rapidly in this 
alloy after the 900°C annealing treatment as em- 
ployed in the case of the tensile tests, than when the 
annealing temperature was 1100°C. 

Electrical Resistance: The effect of aging at 475°C 
on the electrical resistance of the 31.6 pct Cr alloy 
was determined by making measurements at both 
the aging temperature and room temperature. When 
measured at the aging temperature, a continual de- 
crease in resistance was found, Fig. 7. This decrease 
has been described previously by Riedrich and Loib*‘ 
who neglected the early portion of the aging curve 
by studying samples which had been aged in excess 
of 50 hr. In this investigation, a study of the effects 
of short aging times by making room temperature 
measurements on a series of specimens was quite 
fruitful, and it was found that the electrical resist- 
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Fig. 6—Changes in percent elongation in tension of annealed 
31.6 pet Cr alloy after aging at 475°C. 


ance undergoes a relatively large increase before the 
decrease which is characteristic of 475°C embrittle- 
ment. This is shown in Fig. 8. There is an initial 
slight decrease which may be associated with the 
precipitation of chromium carbide after which the 
resistance begins to increase and reaches a maxi- 
mum at approximately 1 hr. It has been previously 
shown that the embrittlement does not begin imme- 
diately upon aging, but requires a time lapse of from 
45 min to 1 hr. Therefore, prior to the actual em- 
brittlement, the electrical resistance increases where- 
as the embrittlement itself is characterized by a 
decrease in resistance. 

In order to determine if the initial increase in 
electrical resistance is caused by a straining of the 
lattice, a study of strain asterism by the Laue back- 
reflection method was performed. In order to elimi- 
nate extraneous surface effects, all photograms were 
made on one sample which was aged a number of 
times by sealing the specimen in a glass tube con- 
taining purified argon prior to’aging. It was possible 
in this manner to take the photograms after a num- 
ber of aging treatments without touching the surface 
after its initial preparation. 

The back-reflection study confirmed the electrical 
resistance results in that an increase in strain aster- 
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Fig. 7—Changes in electrical resistance of the 31.6 pct Cr alloy 
during aging at 475°C. 
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ism was present after aging at 475°C for time periods 
of less than 1 hr. The maximum amount of asterism 
was observed in the sample aged for 55 min and a 
decrease in asterism with longer aging times was 
noted. Photograms were made after a large number 
of aging treatments; however, only three are pre- 
sented in this paper, Figs. 9 to 11. 

The property changes which have been described 
now provide a partial picture of the aging process in 
the 31.6 pet Cr steel. An incubation period of nearly 
1 hr is required before embrittlement is initiated as 
shown by an increase in hardness or a decrease in 
ductility in tension. During this incubation period, 
the lattice is strained but no significant change in 
hardness or ductility is observed. The decrease in 
resistance after the incubation period is due to both 
the relief of strains and to matrix depletion of some 
solute element. That this latter effect must be con- 
sidered is shown by the fact that the electrical resist- 
ance after embrittlement becomes less than it was 
prior to aging. No evidence has been presented yet 
to show what causes these changes in properties; 
however, it is most logical to assume that the matrix 
depletion involves the loss of chromium, not only 
because of the type of alloy, but because of the well 
established fact that the general corrosion resistance 
is lowered as a result of 475°C embrittlement. 

Electrical resistance and back-reflection studies 
also were made on samples aged at 650°C and, as 
was the case with the hardness and tensile proper- 
ties, aging at 650°C produced no change. 
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Fig. 8—Changes in electrical resistivity of the 31.6 pct Cr alloy 
after aging at 475°C. 
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Fig. 9—Laue back-reflection photogram of 31.6 pct Cr alloy an- 
nealed 24 hr at 1100°C. 


Fig. 10—Loue back-reflection photogram of 31.6 pct Cr alloy an- 
nealed 24 hr at 1100°C and aged for 55 min at 475°C. 


Fig. 11—Lawe back-reflection photogram of 31.6 pct Cr alloy an- 
neoled 24 hr at 1100°C and aged for 181 hr at 475°C. 


Microstructure: In an effort to determine the 
reason for the property changes which occur as a 
result of aging the 31.6 pct Cr alloy at 475°C, an 
investigation of the microstructure and further X- 
ray studies were made. A Widmanstaetten-type 
precipitate which had the characteristic appearance 
of a nitride phase was observed early in the aging 
process. The phase was present after only 10 min at 
475°C and was extensively developed after 1 and 
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10 hr as can be seen in Fig. 12. In order to show the 
presence of this phase, it was necessary to etch 
either with standard electrolytic etches for stainless 
steels (concentrated nitric acid, 10 pct oxalic acid, 
or 10 pet ammonium persulphate) or with a boiling 
50 pct HCl solution. Conventional nonelectrolytic 
etches for stainless steels such as aqua regia and 
glycerine, mixed acids and Murakami’s solution 
were not capable of developing this structure. The 
effect of etching reagents and a close examination 
of the structure after longer etching times and at 
high magnification leads to the conclusion that the 
ability to observe this phase is due to an etching 
effect which left grooves in the place of the precipi- 
tate. Dijkstra” observed a similar effect in Fe-N 
alloys where the thickness of the nitride plates was 
calculated te be of the order of 10A. Since the plates 
showed up so markedly, he concluded that this must 
be an etching effect which is probably due to the 
fact that a large region around the precipitate is in 
a state of high internal strain caused by the pre- 
cipitate itself. 

The precipitate was not always of a pronounced 
Widmanstaetten type; sometimes it appeared 
lamellar or wavy and sometimes as a general pre- 
cipitate which gave a darkened appearance to the 
grain, particularly at low magnification. All three 
forms of precipitation could be seen in a single 
sample and no explanation as to the reason for 
these different modes of precipitation can be offered. 
These structures are shown in Fig. 13. Previous in- 
vestigators** have reported a lamellar precipitate 
or general grain darkening; it appears as though 
the nitride precipitate can account for both of these. 
The same type of Widmanstaetten precipitate was 
found in a commercial-type 446 stainless steel which 
had been annealed at 1100°C and subsequently aged 
at 475°C. 

In order to confirm the presence of the nitride by 
X-ray analysis, it was first necessary to concentrate 
the precipitate by electrolysis in a 10 pct FeCl, solu- 
tion, since Debye analysis of the solid sample showed 
nothing other than broadening of the ferrite lines in 
the embrittled samples. Because of the similarity in 
interplanar spacings of the various nitrides, it is not 
possible to state the exact composition of the nitride 
phase except that it is a Cr.N or Fe,N type. In ad- 
dition to the nitride lines on the Debye pattern, 
lines for chromium carbide (Cr.C,) and ferrite 
were present. 

Diffuse Scattering Effects: Suitable X-ray tech- 
niques for the detection of precipitate particles in 
an early stage of development have been described 
by Geisler and Hill.” 

A single crystal which had been annealed for 24 hr 
at 1100°C and aged for 400 hr at 475°C was pre- 
pared by polishing and etching to a thickness suit- 
able for X-ray transmission work. Although the 
alloy is embrittled completely after this treatment, 
there was no indication of any new phase or of any 
lattice straining in the Laue photograms (molybde- 
num radiation) of the sample oriented with the 
[100] direction perpendicular and parallel to the 
beam. However, when rotated about the [100] axis 
and employing unfiltered chromium radiation, dif- 
fuse scattering was observed about the (110) and 
(200) lattice points. Because of the ease of posi- 
tioning the sample, the (200) matrix reflection was 
chosen for further study. For this purpose station- 
ary photograms were taken at 2° intervals about a 
position 525° from [100] and with [100] vertical. 
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a—After 10 min. 


The diffuse scattering observed at these positions is 
shown in Fig. 14. When the crystal was positioned 
4° on either side of the (200) spot, neither the ma- 
trix spot nor any streaking was observed. 

The diffuse scattering on the X-ray photograms 
of the embrittled 31.6 pct Cr alloy has been inter- 
preted as an indication of the presence of a precipi- 
tate in an early stage of development. The exact 
nature of the precipitate in this stage is uncertain 
and further refinements are required. Geisler and 
Hill” believe that diffuse scattering of the type re- 
ported in this paper is due to the presence of a pre- 
cipitate which has not developed to the extent 
necessary for three dimensional diffraction; that is, 
the precipitate lattice is different from the matrix 
lattice but it lacks periodicity in one or more direc- 
tions. The precipitate in this stage is often co- 
herent with the matrix. An equally valid interpre- 
tation of diffuse scattering of this type is that given 
by Guinier,” who attributes it to the segregation of 
solute atoms on preferred planes in the matrix. 
Hardy” has shown thermodynamically that stable 
segregates of solute atoms which possess the struc- 
ture of the parent lattice are to be expected as the 
first stage of precipitation at high degrees of super- 
saturation. That the formation of segregated areas 
may exist in Fe-Cr alloys aged at 475°C is shown 
by the recent work of Fisher, Dulis, and Carroll,’ 
who found a new phase containing 78 to 82 pct Cr 
with a body-centered cubic structure whose lattice 
parameter is only 0.2 pct larger than the lattice 
parameter of the matrix. 

Effect of Reheating to Higher Temperature After 
Embrittlement: It is common knowledge that 475°C 
embrittlement can be removed by heating for short 
times at temperatures above the embrittling range 
but still within the region of stable o phase forma- 
tion. This fact has been a serious obstacle to the 
acceptance of a o phase theory of 475°C embrittle- 
ment, particularly since treatments of this type 
have never been known to produce a. In this study, 
however, small amounts of « were found in electro- 
lytically extracted residues from samples of the 
31.6 pet Cr alloy which had been heated for only 
2 hr at 620°C after 167 hr at 475°C. The interplanar 
spacings of the o produced by this treatment were 
essentially the same as those of the o obtained from 
a specimen of the same alloy which had been heav- 
ily cold worked and aged at 650°C, and both agreed 
well with the interplanar spacings for the Fe-Cr 
phase as given by Goldschmidt.” The formation of 
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b—After | hr. 
Fig. 12—31.6 pct Cr alloy showing nitride precipitation. Etchant, boiling 50 pet HCI. X500. 


c—After 10 hr. 


7 in such a short time at 620°C is due to the effect 
of the embrittling treatment at 475°C, for samples 
aged at 620°C for as long as 96 hr without an inter- 
mediate aging treatment at 475°C contained no oa. 
The temperature at which it was possible to produce 
oa in this manner was critical, for it was not found 
in specimens heated to 593° or 635°C after embrit- 
tlement. 


Tia 


b—Etchant, boiling 50 pct HCI. 
Fig. 13—Different forms of nitride precipitate in 31.6 pct Cr alloy 
aged for 100 hr at 475°C after annealing at 1100°C. X500. Area 
reduced approximately 40 pct for reproduction. 
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a—Etchant, ammonium persulphate electrolyte. 
SUS 
SSS 


o—-+2° from (200) matrix spot. b—0° from (200) matrix spot. 


c——2° from (200) matrix spot. 


Fig. 14—Laue transmission photograms of 31.6 pct Cr alloy aged 400 hr at 475°C after 24 hr at 1100°C 
showing diffuse scattering about the (200) matrix spot, [100] vertical. 


Discussion of Results 

The experimental results described in this paper 
show that the rate at which high chromium steels 
embrittle as a result of aging at 475°C is dependent 
upon the presence of lattice strains. In the case of 
high purity alloys, it is necessary to introduce the 
strains by external means; alloys of this type ex- 
hibit very little tendency to embrittle when aged 
after annealing. Unlike pure alloys, commercial 
type alloys which contain nitrogen require no ex- 
ternal straining, for the strains are produced by the 
precipitation of a nitride phase before embrittle- 
ment begins. The 31.6 pct Cr alloy used in this 
work did not begin to embrittle until a time lapse 
of approximately 55 min. During this period, the 
precipitation of a nitride phase was straining the 
lattice as shown by a large increase in electrical 
resistivity and by the presence of strain asterism on 
Laue X-ray photograms. Both of these effects 
reached a maximum after approximately 55 min of 
aging, indicating that the lattice strain was greatest 
at the onset of embrittlement. With longer aging 
times, both the electrical resistance and strain as- 
terism decreased as the effect of embrittlement in- 
creased. X-ray analyses by conventional powder 
methods were unsuccessful in showing the presence 
of a second phase which could be responsible for 
the embrittlement. With the high purity alloys, no 
new lines were observed on the X-ray pattern of 
embrittled samples although metallographic exam- 
ination would lead to the belief that a large amount 
of precipitate was present. 

These results can best be discussed with respect 
to a new theory of 475°C embrittlement. Although 
the theory to be proposed is simple in nature, it 
accounts for the major characteristics of the em- 
brittlement. It is postulated that 475°C embrittle- 
ment is due to the accelerated formation of an inter- 
mediate phase in the formation of o under the in- 
fluence of lattice strains. In short aging times, the 
precipitate produces line broadening in Debye pat- 
terns and diffuse scattering effects on oriented 
single-crystal photograms indicating that the pre- 
cipitate is in an early stage of development which 
would account for the inability to detect it by con- 
ventional X-ray methods. It is believed that the 
precipitate present at short times is related to the 
chromium ferrite reported by Fisher, Dulis, and 
Carroll." From energy considerations alone, it is 
believed that this chromium ferrite must be con- 
sidered as an intermediate stage in the formation of 
eo, for-it. has been shown that the two coexist in 
heavily cold worked and aged samples’ and that « 
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is a stable phase in the temperature range of 475°C 
embrittlement.” 

The theory can account for the time-temperature 
relationships in Fig. 1. The high temperature curve 
is due to the formation of o on a gross scale and is 
characteristic of nucleation and growth processes. 
The low temperature curve is due to 475°C embrit- 
tlement which occurs at a more rapid rate than does 
gross o formation. The maximum rate of embrit- 
tlement at 475°C may be associated with the maxi- 
mum rate of straining. In the case of commercial 
alloys, this may indicate a maximum rate of for- 
mation of the nitride phase which causes straining, 
or it may indicate that partial relief of stresses 
occurs at temperatures above 475°C but still within 
the embrittling range. The influence of alloying 
elements and effect of chromium are adequately 
explained by the proposed theory, for these ele- 
ments exert a similar influence on 475°C embrittle- 
ment and o phase formation, Table I. The minimum 
chromium content necessary for embrittlement is 
that necessary for o phase formation and is con- 
sistent with the phase diagram. 

Since the presence of strains is a necessary re- 
quirement for the embrittlement of chromium al- 
loys when aged for short times at 475°C, it is inter- 
esting to speculate about the role which stresses 


Strained 


Fig. 15—Schematic representation of the influence of stress on 
the energy levels of the various phase conditions at 475°C. 
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must play in the embrittling reaction. A possible 
explanation is pictured schematically in Fig. 15. In 
this case it is assumed that the energy level of the 
initial solid solution in the nonstrained condition is 
only slightly greater than that which would exist 
if the intermediate precipitate were present. This 
should be expected in particular if the intermediate 
stage consisted of the formation of chromium ferrite 
whose unit cell is identical in structure and only 
slightly larger in size than the initial solid solution 
which is designated as a, in Fig. 15. Accordingly, 
the intermediate stage is pictured as the decomposi- 
tion of the a, solid solution into two solid solutions 
(a, and a, ferrites); one depleted and the other en- 
riched in chromium. Because of the small differ- 
ence in energy states of these two conditions, there 
would be little energy available for the driving 
force necessary for the reaction. The influence of 
stress is pictured as increasing the energy level of 
the initial a, solid solution, thus enlarging the dif- 
ference between the initial and intermediate stages 
and providing more energy for transformation. This 
requires that the stresses be relieved by the trans- 
formation, in which case the energy level of the 
intermediate stage is not altered by stressing the 
initial solid solution. That this is true is shown by 
the X-ray and electrical resistance data reported 
in this paper. The condition of minimum energy for 
an alloy of composition X would be the one where 
o and a, coexist; however, because of the reluctance 
of o to form, the initial solid solution breaks down 
into two solid solutions which have been designated 
here as a, and a. The line broadening and diffuse 
scattering effects, as well as the ability to produce 
ao in short times by reheating embrittled samples to 
higher temperatures, would indicate that the inter- 
mediate stage is coherent; however, it must be re- 
membered that these were the result of short aging 
treatments at 475°C, and further work in samples 
aged for longer times may show that this precipitate 
evolves into noncoherent chromium ferrite rather 
than o. The reluctance of o to form can probably 
be attributed to the difficulty in forming a nucleus 
at low temperatures of a phase whose crystal struc- 
ture is complex and is reported to contain 30 atoms 
in a unit cell.“ The obstacle to the rapid formation 
of o cannot be the satisfying of a high chromium 
content for the formation of the nucleus in view of 
the fact that chromium ferrite contains more than 
the necessary amount of chromium. 

If the proposed theory is accepted, it can be con- 
cluded that the two embrittling phenomena which 
occur in high chromium steels when heated in the 
temperature range of 350° to 700°C are both inher- 
ent in the Fe-Cr system. An important difference 
between the two is one of rate. At high tempera- 
tures, the embrittlement is due to the formation of 
gross o which, because of its slow rate of formation, 
generally requires extensive times for complete 
embrittlement. The low temperature embrittle- 
ment occurs in much shorter times and is believed 
to be due to the accelerated formation of an inter- 
mediate stage in the formation of o under the in- 
fluence of lattice strains. 


Conclusions 
1—High purity Fe-Cr alloys exhibit little tend- 
ency to embrittle when aged at 475°C unless 
strained prior to aging. 
2—475°C embrittlement of commercial Fe-Cr al- 
loys is not due simply to a grain boundary precipi- 
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tate as evidenced by the large increase in hardness 
of single crystals after aging at 475°C. 

3—It is postulated that the embrittlement of Fe- 
Cr alloys after aging for short times at 475°C is 
caused by the accelerated formation of an inter- 
mediate stage in the formation of o under the in- 
fluence of lattice strains. In pure alloys the straining 
must be applied by external deformation, where- 
as commercial alloys are strained prior to embrit- 
tlement by the precipitation of a nitride phase. The 
intermediate stage is believed to consist of the for- 
mation of the chromium ferrite reported by Fisher, 
Dulis, and Carroll.* 
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ITH the growing interest in the mechanism of 

self-diffusion of metals, the study of accurate 
and convenient methods for determining self-diffu- 
sion coefficients appears highly desirable. It was with 
this objective in mind that the present investigation 
was undertaken. 

Gatos and Azzam’ employed an autoradiographic 
technique for measuring self-diffusion coefficients of 
gold. This method involved sectioning of the speci- 
men through the diffusion zone and recording the 
radioactivity directly on a photographic film. Be- 
cause of the very short range of the emitted 8 rays 
in gold, the activity recorded on the film was essen- 
tially the true surface activity. With proper choice 
of the sectioning angle, sufficient resolution could 
be obtained and the entire concentration-distance 
curve recorded in one measurement. 

For the boundary conditions of the experiment, 
where an infinitesimally thin layer of radioactive 
material diffuses in positive and negative directions 
into the end faces of a rod of infinite length, the 
solution of the diffusion equation is 

c/c, exp (—2°/4Dt) [1] 
V4nDt 


where C is the concentration of diffusing element 
(photographic density in this case), C, is the con- 
stant (depending upon amount of radioactive mate- 
rial), x is the diffusion distance, D is the diffusion 
coefficient, and t is the time. Thus, by plotting the 
logarithm of the concentration vs the square of the 
diffusion distance, a straight line results and the 
slope contains the diffusion coefficient. In this man- 
ner, the self-diffusion coefficient of gold can be ob- 
tained as a function of temperature. 

In the present investigation the results reported 
by Gatos and Azzam' have been verified, and the 
autoradiographic technique has been further de- 
veloped and applied for the determination of the 
self-diffusion coefficient of gold at a number of tem- 
peratures. Furthermore, the energy of activation for 
the self-diffusion of gold has been conveniently de- 
termined. 


Experimental Techniques 
Preparation of Specimens: The inert gold of high 
purity was received in the form of a rod from which 
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Determination of the Self-Diffusion Coefficients 
Of Gold by Autoradiography 


by Harry C. Gatos and Anthony D. Kurtz 


cylinders were cut and machined to a diameter of 
0.500 in. The specimens were annealed to a suitably 
large grain size and the faces were surface ground 
prior to the deposition of the radioactive layer. 

The radioactive isotope Au“ was chosen. It was 
produced in the Brookhaven pile by means of the 
reaction 


Au™ Au™. 


It decays by 8 emission (0.96 mev) to Hg™ with the 
subsequent emission of a y ray (0.41 mev). 


The half life of the Au™ is 2.7 days so that a strict 
time schedule had to be maintained in order to 
secure sufficient activity until the end of the experi- 
ments. For this reason, initial activities as high as 
10,000 millicuries per gram were used. 

The gold arrived in the form of foil and was evap- 
orated onto one face of each gold specimen cylinder 
to a thickness of about 100A. A _ sandwich-type 
specimen was formed by welding two such cylinders 
together. 

Evaporation of Gold: The gold was evaporated 
under vacuum from heated tantalum strips which 
were bent in such a way as to limit the solid angle 
through which the gold was allowed to vaporize, 
thus insuring a more efficient utilization of the gold. 
The specimens rested on flat brass rings which had 
an inner diameter of 0.475 in. The entire specimen- 
holding assembly could be manipulated from out- 
side the vacuum system by means of a magnet which 
attracted a slug of soft iron attached to the assembly. 
By evaporating inert gold on glass slides under con- 
ditions identical to those employed for the radio- 
active gold, it was found that the thickness of the 
films was about 100A. 

Welding: The welding was performed by hot press- 
ing in a stainless steel cylinder. The inside of the 
cylinder was threaded and fitted for two plugs. The 
specimens to be welded were placed in the middle 
of the cylinder and two pressing disks, one at each 
end, were inserted to avoid shearing stresses as the 
plugs were tightened. Mica disks were placed be- 
tween the pressing disks and the specimens to pre- 
vent them from welding. The plugs were then tight- 
ened with a hand wrench and the entire unit was 
placed ir an argon stream for about an hour to re- 
move the oxygen. The unit was then inserted in 
the center of an argon atmosphere furnace main- 
tained at about 700°C and left there for about an 
hour. Because of the difference in the temperature 
coefficient of expansion of the two metals, as the 
temperature rose, the pressure on the specimen- 
couple increased and a weld resulted. Welding was 
generally satisfactory under the conditions described. 
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Sectioning of Specimens: The sectioning of the 
specimens across the interface was performed by 
means of an apparatus, Fig. 1, consisting of a high 
speed electric motor with a thin rubber-bonded 
alumina cut-off wheel, and an adjustable angle vise 
which was mounted in a small two-directional cross- 
feed milling table. The entire assembly was operated 
in a hood in order to minimize the health hazard of 
radioactive dust. 

Photographic Techniques: After sectioning, the 
face was surface ground and exposed directly to the 
photographic film. Eastman No-screen X-ray film 
was used, since the photographic density is propor- 
tional to the concentration of the 8 rays at photo- 
graphic densities less than 1.* 

*In order to test the effect of the + rays, the film was exposed 
to a sample with a thin beryllium sheet between it and the film. 
The beryllium sheet absorbed the electrons but not the 7 rays. No 
blackening of the film was observed although high activity was 
measured with a geiger counter sensitive to 7 rays under similar 
conditions. Each box of films was calibrated in this manner. 

After exposures varying from 5 min to 1 hr, de- 
pending on the activity of gold, the films were 
developed and microdensitometer tracings were ob- 
tained for each radiogram. By selecting a suitable 
amplification factor on the microphotometer, differ- 
ences in densities between points 0.04 cm apart in 
the radiogram could be distinguished. Using section- 
ing angles of the order of 3°, this corresponded to 
diffusion distances, x, of the order of 0.002 cm. 

To convert the darkening as measured by the 
microphotometer to photographic density, the fol- 
lowing relation was employed: 


D=ke— [2] 


where D is the density, I, is the amount of light inci- 
dent on the film in the microphotometer, and I is the 
amount of light transmitted by the film in the micro- 
photometer. The microphotometer tracing represents 
a plot of I/1I.,,. 

Concentration-Penetration Curves: Because of its 
high atomic weight, gold is an extremely good ab- 
sorber of 8 rays. The range of rays in gold is less 
than 0.02 cm.** However, this range corresponds to 


ee Range-energy relationship: 
0.546 Em — 0.16 
p 

where R is the range in cm, E» is the maximum energy of the 
rays in mev, o is the density of diffusion medium in grams per cu 
cm. 

the maximum energy of the § spectrum which in 
turn represents only a small fraction of the total 
number of the betas. Therefore, it is reasonable to 
assume that only the 8 rays which are emitted from 
the surface layer (or very slightly below) reach the 
photographic emulsion. 

The surface intensity, however, can be corrected 
for any additional intensity contributed by layers 
below the surface. In this instance, a linear absorp- 
tion coefficient for the 8 rays can be assumed; the 
concentration at each infinitesimal layer is multi- 
plied by the exponential absorption term; and the 
intensity over the entire diffusion length is inte- 
grated. 

From this treatment, the additional surface in- 
tensity of the betas is 


C(K) aexp (—bK) 
+A (K +c) 


where K is the distance from the original interface 
to the sectioned interface (see Fig. 2 for the geom- 


[3] 
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Fig. 1—Sectioning apparatus for diffusion couples. 


etry of sectioned couples); a = 2 \/Dt exp (—p» \/Dt 
—p'Dt), where y is the linear absorption coefficient; 


b ;andc = 24 Dt. 


2\/Dt 
These numerical factors may be evaluated if values 
are assigned for » and Dt. 


For the 8 rays of gold, » ~ 400 cm". In the cases 


considered, \/Dt 10° cm. Thus, » \/Dt ~ 4. By 
using these values, a 2x10°*; b 500 cm"; ¢ = 
10°; or 

C(K) 2x10‘ exp (—500K) 4] 


nh (K + 10°) 
This is plotted as a function of K in Fig. 3. It can 
be seen that the correction term decreases rapidly 
and becomes less than 1 pct of its original value for 
K = 0.01 cm. 

By plotting the logarithm of the corrected photo- 
graphic density vs the square of the corresponding 
diffusion distance from the interface, the self-diffu- 
sion coefficient D can be computed from the slope 
of the resulting straight line. Actual diffusion dis- 
tances are derived from the known amplification 
factor of the densitometer and the measured section- 
ing angle. 

Results and Discussion 

Self-diffusion coefficients were measured at a 

selected series of temperatures. Diffusion coefficients 
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Fig. 2—Geometry of sectioned couples. 
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Fig. 3—Absorption correction factor 
AI(K) Ae"* 


were obtained in the manner previously described. 
Fig. 4 shows a typical plot obtained for the self- 
diffusion at 1000°C. The high degree of symmetry 
on both sides of the interface and the consistency of 
the data indicate that the measured activity was the 
true surface activity. 

In order to determine the heat of activation, AH, 
and the frequency factor, D,, the logarithm of the 
diffusion coefficient was plotted vs the reciprocal of 
the absolute temperature in accord with the equation 


D = D, exp —AH/RT . [5] 


The resulting plot is shown in Fig. 5. For each point, 
an average of several individual values was used. A 
least-squares analysis was applied to determine the 
best values of D, and AH. It was found that AH 
45,300 cal per mol and D, = 0.265 sq cm per sec. 
Values of AH and D, have been reported pre- 
viously by other investigators. Mackay’ found that 
the self-diffusion coefficient could be represented by 
2.0 exp (-—51,000/RT) and Zagrubsky’ by 0.16 exp 
(--53,000/RT). Mackay employed a method based 
on the decrease of surface activity due to diffusion. 
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Fig. 4—Photographic density vs square of diffusion distance. Dif- 
fusion time is 4.77 x 10° sec. Circular and triangular points corres- 
pond to opposite sides of interface. 
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This method lacks sensitivity in the case of gold and 
requires the determination of the linear absorption 
coefficient of the 8 rays. In addition, some of the 
specimens were merely exposed to neutron flux and 
the outer surface was thus made radioactive. This 
method introduces a small but unknown concentra- 
tion gradient before the diffusion anneal. Zagrubsky, 
on the other hand, used a sectioning technique with 
coarsely spaced sections, a possible source of error. 

The ratio of heat of activation determined in this 
investigation over the absolute melting point of gold, 
4H/T,,, was found equal to 34 as compared with 37 
for silver and 36 for copper. A further check of the 
validity of the results was possible by comparing 


0*.265 EXP (-46,300/RT) 
PRESENT INVESTIGATION 


O+ 2.0 EXP (-51,000/ RT) MACKAY (2) 
O+ 1G EXP (-63,000/RT) ZAGRUBSKY (3) 


IN cw" /sec. 


tn x10* 


Fig. 5—Self-diffusion of gold in gold. D — 0.265 x e™"/*". 


the relationship between D, and AH with that pre- 
dicted by theory. 

By considering diffusion on a microscopic scale, 
it may be shown that the diffusion coefficient D is 
given approximately by‘ 


D exp (—AG/RT) 
for face-centered cubic. [6] 


5 is the distance between successive equilibrium 


positions for the atom; 6 = 7 , where a is the 
lattice spacing; v is the atomic frequency of vibra- 
tion; Z is the coordination number; and AG is the 
free energy of activation for diffusion. 
Also 

AG = 4H — TaS {7] 


TRANSACTIONS AIME 


~ 
j 10°8 
J 
J 
10° 0 
Py 76 
a 
0.3 
40 50 


where AS is the entropy of activation. 


Hence 
D = a’ v exp (AS/R) exp (—AH/RT) [8] 


and 
D, = a’ v exp (AS/R). [9] 


If it is assumed that diffusion takes place through 
a vacancy mechanism, part of the free energy may 
be associated with the formation of vacancies and 
part with the actual interchange of the vacancies 
and the diffusing atoms. Zener’ has shown that if 
substantially all the work in interchange is done in 
straining the lattice, then the heat of activation and 
the entropy of activation are related in the follow- 
ing manner: 


AS ~\ AH/T,, [10] 
d(T/T,,.) 


necessary for creation of vacancies; » is Young’s 
modulus; », is Young’s modulus at 0°K; and T,, is 
the melting point in °K. From Eq. 10 by introducing 
the experimental value of AH and values for B = 
0.31 and A = 0.55° 


where 8 = 0.31; A is the fraction of energy 


AS = 6.3. [11] 
On the other hand, by introducing the experimental 
value of D, in Eq. 9, it is found that aS 7.3. The 
two independently calculated values of AS are in 
satisfactory agreement. 


Conclusions 
By means of an autoradiographic technique, it 
was found that the self-diffusion coefficient of gold 


is given by the equation 
D = 0.265 exp (—45,300/RT). 


Autoradiography under proper conditions provides 
an accurate and convenient method for determining 
diffusion coefficients. The isotope to be used as a 
tracer must emit 8 rays of sufficiently low energy 
so that their range is an order of magnitude less 
than the diffusion distance. Thus for diffusion dis- 
tances of the order of 0.01 mm, the 8 ray range must 
be less than 0.001 mm. Furthermore, the isotope 
must have a sufficiently long half-life so that fairly 
long diffusion distances may be obtained before its 
radioactivity is decayed to impractically low levels. 
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Technical Note 


LLOTROPIC transformations between 1000° and 
1900°C have recently been reported for several 
metallic elements. Since the proposed transforma- 
tions are based on limited evidence, it was decided 
to examine the elements in question as well as some 
refractory metals by thermal analysis with a photo- 
electric technique similar to that described by Hug- 
gins, Roll, and Udin.' In this method, a lead sulphide 
cell was used to detect thermal radiation from an 
electric-resistance heated strip specimen. A ther- 
mocouple spot welded to the specimen was used to 
calibrate the temperature of the system under 
steady temperature conditions, and recording was 
accomplished with a cathode ray oscilloscope. In 
the method used by the present authors, the tem- 
perature calibration was omitted and the cathode 
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Allotropic Transformations at High Temperature 


by James O. McCaldin and Pol Duwez 


ray oscilloscope was replaced by a recording gal- 
vanometer. This technique, in which electric cur- 
rent passing through the specimen heats it, will be 
referred to henceforth as Method 1. 

Another arrangement was required for those 
cases where the specimen could not be formed into 
a wire or strip suitable for resistance heating. In 
such cases the specimen was a sintered compact 
heated by thermal radiation from a hot tungsten 
strip, Fig. 1. The specimen was insulated from the 
heating strip with a thin layer of thoria powder or 
suspended on 0.004 in. tungsten wires. The take-up 
spring had just sufficient tension to prevent buck- 
ling of the heating strip due to thermal expansion. 
This technique will be called Method 2. 

Both methods were tested with specimens of iron 
and titanium and the well known allotropic trans- 
formations, a to y and y to 4 in iron and a to £ in 
titanium, were very clearly detected. Fig. 2 shows 
one of the records obtained for titanium. For this 
particular experiment, the iodide titanium specimen 
was a square rod 0.080 in. on an edge and 3 in. long. 
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For most experiments, the heating and cooling rates 
were in the range of 1° to 10°C per sec. 


Results 

Vanadium: Seybolt and Sumsion’ proposed a poly- 
morphic transformation at about 1550° +10°C based 
on thermoelectric measurements made with a V-Mo 
couple. The present authors examined vanadium 
sheets, 0.012 in. thick, 0.3 in. wide, and about 2 in. 
long by thermal analysis, Method 1, up to the melt- 
ing point. No evidence of a latent heat could be de- 
tected. 

Cobalt: Metcalfe” ‘ proposed a reversion to a hex- 
agonal close-packed crystal structure at about 
1120°C on the basis of dilatometric measurements 
and thermal etching observations. The present au- 
thors performed thermal analysis experiments by 
both Methods 1 and 2 with sintered sheets 0.040 in. 
thick and 0.2 in. wide, which failed to reveal any 
evidence of latent heat of transformation up to the 
melting point. 

Chromium: Bloom and Grant’ reported an allo- 
tropic transformation at about 1840°C, based on 
thermal analyses with W-Mo thermocouples. The 
present technique of thermal analysis, Method 2, 
was applied, using a sintered compact specimen 
1x %x0.1 in., and no latent heat of transformation 
was detected. In this case, however, vaporization of 
the specimen interfered with the detection system 
before reaching the melting temperature. 

Ruthenium: The calorimetric observations of 
Jaeger and Rosenbohm’ have apparently not been 
verified for 23 years. Working with the metal “in a 
perfectly pure state,” they reported “at least four 
allotropic transformations” in the temperature range 
1000° to 1500°C. The existence of these transforma- 
tions would be of particular interest because of the 
analogy between ruthenium and iron. Thermal 
analyses, Method 2, made by the present authors on 
a sintered specimen, 1x%x0.040 in., do not show any 
evidence of the latent heats reported by Jaeger and 
Rosenbohm.* 

Rhenium, Osmium, Rhodium, Iridium, and Molyb- 
denum; Negative results were obtained for each of 
these metals. Method 1 was used for molybdenum, 
iridium, and rhodium, which were heated to the 
melting points. The molybdenum was in the form 
of 0.040 in. Elmet wire; iridium and rhodium were 
in the form of wire about 0.030 in. square. Method 2 
was applied to rhenium and osmium in the form of 


Specimen 


tungsten heating strip 


Fig. 1—Experimental setup for thermal analysis by means of a 
photocell, method No. 2. 
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TIME (sec) 
Fig. 2—Photocell response showing abrupt change in slope at 
the transformation temperature of titanium from a to 8. The 
small oscillations are due to a 60 cycle pickup used for estab- 
lishing the time scale. 
sintered compacts, 1x%x0.040 in., heated to at least 
1600°C. 

Thorium: In the experiments performed indepen- 
dently in this laboratory, a latent heat effect at 
about 1200°C has been observed in thorium speci- 
mens of various origin. These experiments were 
performed by the conventional thermal analysis 
method, using Pt-Pt-Rh thermocouples. Method 1 
of the present technique with a strip specimen 3/16 
in. wide and 0.010 in. thick also showed a latent 
heat of the same prominence as that observed in 
titanium, Fig. 2. These results will be published 
when observation of other physical properties of 
thorium at this temperature have been completed. 


Appendix 

The source of supply of the metals used is as fol- 
lows: vanadium and thorium, ductile bars from 
Westinghouse, Bloomfield, N. Y.; cobalt, powder 
form, from Charles Hardy, Inc., New York, 0.5 pct 
Ni, 0.1 pet Ca, traces of Cu, Mo, Ti, Cr, Si, and Fe; 
chromium, powder form, from Charles Hardy, Inc., 
New York, 0.1 pet Na, 0.05 pct Ca, traces of Cu, Mn, 
Si, Co, and Mg; rhenium, Sylvania Electric Prod- 
ucts, Inc., Bayside, N. Y.; ruthenium, powder form, 
from Goldsmith Brothers, Chicago; osmium, powder 
form, from Wildberg Brothers, Los Angeles; and 
rhodium and iridium, wire form, from Baker and 
Co., Inc., Newark, N. J. 
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Mechanism of Ortho Kink-Band Formation In 


Compressed Zinc Monocrystals 


by J. J. Gilman 


The dependence of ortho kink-band formation on crystal orienta- 
tion, on temperature, and on the conditions at the ends of a speci- 
men is described. Load-compression curves for crystals that kink 
are presented. The reversibility of ortho kinking is demonstrated, 
and motion of kink planes through crystals is shown. Finally, a 
phenomenological explanation of ortho kink-band formation is 
given. 


RTHO compressive kink bands (Fig. la) were 

discovered for the case of metals by Orowan,’ 
and they have been discussed by Jillson* and in some 
detail by Hess and Barrett.’ However, their history 
in nonmetallic crystals is considerably older. It is 
not known when they were first observed in mineral 
crystals, but descriptions of them may be found as 
early as 1885.‘ They were sometimes mistaken for 
twins.® Miigge’ seems to have been first to realize 
their true nature and importance. He reviewed the 
knowledge of them for a wide variety of crystals: 
anhydrite, antimonite, kyanite, vivianite, gypsum, 
mica, graphite, molybdenite, barium bromide, cal- 
cite, sodium nitrate, and barite. Also, the “twins” 
observed by Bridgman’ in sapphire crystals resem- 
ble kink bands more than twins. 

The terms ortho and para kink bands have been 
coined in order to distinguish between two types of 
kink bands which seem to represent the same geo- 
metrical configurations, but which have different 
origins and sizes. Ortho kink bands are the usual 
type that form at low loads when zinc crystals are 
compressed parallel to the basal plane. Para kink 
bands form at much higher loads in highly deformed 
crystals. These terms refer to compression phenom- 
ena and are not to be confused with analogous ten- 
sion phenomena such as tensile kink bands* and 
deformation bands. Fig. la—Zinc crystal with simple ortho 

Miigge described the geometry of ortho kink _ kink band. 
bands quite completely for kyanite crystals, Fig. 1c. 

The geometry observed for cadmium by Orowan’ 

and for zinc by Hess and Barrett" is very similar to Fig. Ib—Ridge in a zinc crystal. X100. c 
that described by Miigge. (See Hess and Barrett for 

a complete discussion.) 

Miigge associated kinking with pending combined 
with basal slip. He pointed out that the kink angles 
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Fig. 2—Dependence of ortho kink band formation o1 crystal orien- 
tation. 


were not constant and that the bands were always 
nearly perpendicular to the basal planes. He also 
noted that kink planes (the plane of discontinuity in 
orientation) lie in the zone of the slip plane and 
perpendicular to the slip direction but are non- 
crystallographic. The kink plane bisects the dis- 
orientation angle and Miigge understood that this 
was necessary because of the lamellar nature of slip. 
Miigge also described “ridges” (see Fig. 1b) for sev- 
eral materials. These are a kink phenomenon and 
will be mentioned later. He associated kink phe- 
nomena with impact loading. 

Orowan' felt that kinking was a unique mode of 
deformation in crystals, but Hess and Barrett’ 
showed that it could be the result of slip and that 
kink bands could be formed as slowly as desired in 
a sufficiently stiff testing machine. Jillson’s’ results 
were similar. 

In the present paper the dependence of ortho 
kink-band formation on the crystal orientation, on 
temperature, and on the conditions at the ends of a 
specimen is described. Load-compression curves for 
crystals that kink are presented for the first time. 


BAND 
FURST APPEARED 
Tes 


? 


carata See Gze S*ze 


COMPRESSION 


Fig. 3—Typical load-compression curves for crystals which formed 
ortho kink bands. All specimens were about the same length, 1.69 in. 
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Also, the reversibility of ortho kinking is demon- 
strated, and motion of the kink planes along the 
crystal is shown. The experiments have led to a 
simple explanation of ortho kink-band formation. 


Experimental Methods 

The zinc crystals were grown in 5/32 in. ID pre- 
cision pyrex tubes which had been coated with 
graphite. The raw material was 99.999 pct Zn 
drawn or extruded to 0.126 in. diameter rods. In 
some cases seeds were welded to the ends of the 
rods. The pyrex tubes were plugged at the bottom 
with graphite, placed in evacuated envelopes, and 
lowered through a furnace. Crystals about 14 in. in 
length resulted. 

After they had been grown, the crystals were cut 
to short lengths (usually 1% in.) with a jeweler’s 
saw. Then the ends were squared either by filing or 
on a lathe. When it became evident it was neces- 
sary for the ends to be square and free of deforma- 
tion for proper testing, the lathe work was per- 
formed very carefully. A collet lathe was used, a 
knife-like cutting tool, and the feed was limited to 
2 mils per cut and usually was less than 1 mil per 
cut. 

The surfaces of the crystals were prepared by 
etching with 50 pct HCl, by chemical polishing with 
concentrated HNO,, or by electropolishing in chro- 
mic acid. The latter method gave the best surface 
for microexamination. 

Compression tests were performed on an Instron 
testing machine, using a simple compression jig with 
long and accurate axial bearings to keep the ends 
of the crystals aligned. Low temperature tests were 
performed in a jig immersed in liquid nitrogen. Ex- 
cept where it is noted otherwise, the ends of the 
crystals rested in shallow cylindrical cups (1/32 in. 
deep) which were axially aligned. The usual cross- 
head speed was 0.02 in. per min and the crosshead 
displacement was magnified 50 times, or more, and 
recorded. The Instron machine is quite stiff because 
its crosshead is driven at constant speed and the 
maximum deflection of the load-measuring lever is 
only 0.002 in. 

Results 

Effect of Orientation: Although ortho kink-band 
formation has been closely associated in the past 
with compression parallel to the basal planes. of 
cadmium and zinc, it was observed early in this in- 
vestigation that some crystals with low y, values 
did not form ortho kink bands when they were com- 
pressed. (, is the angle between basal plane and 
specimen axis.) Therefore, crystals with a variety 
of orientations were tested to see whether or not 
they would kink. About 28 crystals were tested and 
these were cut into 110 specimens. The results are 
shown in Fig. 2. 

The data (Fig. 2) show that ortho kinking does 
not occur for zinc crystals with their basal planes 
very nearly parallel to the compression axis. The 
critical range of angles is xy, = 2.5 + 1°. This range 
would probably be narrower if the orientations of the 
crystals had been determined more accurately with 
respect to the compression axes. The Greninger 
back-reflection X-ray method was used to deter- 
mine the orientations with respect to the specimen 
axes and this is not accurate to more than %°. The 
specimen and compression axes probably did not 
coincide exactly in the tests. Also, the slip direction 
orientation varied among the crystals. At any rate, 
a critical orientation range exists near x, = 2.5°. 
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Fig. 4—Load-compression curves for two specimens from the 
same crystal. Specimen b formed an ortho kink band while 
specimen c did not. 


Below this range ortho kinking does not occur, and 
above it all orientations exhibit ortho kinking up to 
Xo 20° to 25° where the kink bands become in- 
distinct in form. 

The figure 2.5° appears not to be a result of the 
geometry: it is not sensitive to the length of crystal; 
and it does not correspond to the angle at which 
all slip planes intersect the ends of a crystal. 

Load-Compression Curves: Typical load-compres- 
sion curves for low angle zinc crystals are shown in 
Figs. 3 and 4. It may be seen in Fig. 3 that the 
crystals began to deform at loads of the order of 0.1 
kg per sq mm and then resisted further deforma- 
tion very strongly up to maximum loads of about 
0.75 kg per sq mm. The loads dropped sharply as 
the maximum points were passed and then began 
to rise again after the crystals had been compressed 
about 16 to 20 mils (corresponding to a kink angle 
of about 30° to 40°). 

It might be expected that the initiation of a kink 
band would correspond with the maximum point in 
the load-compression curve. However, this was not 
found to be true. Kink bands could be first recog- 
nized while the loads were rising between the on- 
sets of plastic deformation and the approaches to 
the maxima in the curves. 

The sharpnesses of the maxima in the load-com- 
pression curves varied with the initial orientation 
angles, y,, and with the widths cf the kink bands, 
w (see Fig. 12 for meaning of y, and w). The curves 
in Fig. 3 are for crystals with x, 2°, 4°, 6°, and 


12°, respectively. It may be seen that the maxima 
become broader and lower with increasing y, at con- 
stant w. In fact, for y, greater than about 15°, kink 
bands were observed, but there were no maxima in 
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the load-compression curves. The maxima in the 
load-compression curves were sharper and higher 
for ortho kink bands with small w, than for kink 
bands in the same crystal with larger w. 

Fig. 3 also shows what happened when a ridge 
formed in crystal S2d. The load dropped very sud- 
denly when the ridge appeared and a clicking noise 
was audible. 

The load-compression curves for specimens that 
did not kink were quite different from the curves 
for specimens that kinked. This is illustrated by 
Fig. 4, where the load scale is about 1/10 times the 
scale in Fig. 3. Curve c in Fig. 4 is for a specimen 
that did not form an ortho kink band. Large plastic 
deformation began at a load of about 1.55 kg per sq 
mm in the specimen. Then the load increased stead- 
ily with increasing plastic deformation until it 
reached a maximum of about 8 kg per sq mm. Be- 
fore this maximum load was reached the specimen 
buckled into a sine-wave shape, Fig. 5a. 

For comparison, the load-compression curve of a 
specimen that kinked when it was compressed is 
shown in Fig. 4. This specimen was taken from the 
same crystal as the above and it had an orientation 
angle below the critical 2.5° value, but it kinked 
anyway (probably because it was slightly mis- 
aligned in the compression jig). It can be seen that 
the maximum load when kinking occurs is much 
smaller than the maximum load required for plastic 
buckling. In the present case the ratio amounts to 
about 10:1, but in some cases it amounted to as 
much as 15:1. 

Forms of Ortho Kink Bands: Fig. 5 presents a 
series of photographs showing the normal forms of 
plastically compressed zinc crystals. The initial 
orientation of each crystal increases from left to 
right in the series. The crystal of Fig. 5a which had 
an orientation angle (x, = %°) below the critical 
range illustrates the form of a plastically buckled 
zine crystal. Fig. 5b shows a crystal whose orienta- 
tion (yx, = 2°) was in the critical range. This crystal 
contains a very narrow kink band. The next crystal 
(x. = 7°), shown in Fig. 5c, also contains a kink 
band, but the width is greater than that of the pre- 
vious one. Fig. 5e shows a kink band which formed 


a b c d e 
Fig. 5—Dependence of ortho kink band form on crystal orientation. 
X2. Area reduced approximately 50 pct for reproduction. 
o— x. 0.5°. Plastically buckled, no kink band. b—y. 
Narrow kink band. c— y. — 7°. Wider kink band. d—,, 16°. 
Wider kink band. e—y. 20°. Kink band wide and ill-defined. 
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in a crystal for which yx, = 20°. Here the band is 
wide and not a distinct kink. 

The ortho kink bands shown in Fig. 5 are rather 
ideal ones. Sometimes nonideal kink bands form. 
The most common form of nonideality is asymmetry. 
An example of this is shown in Fig. 6. One end of 
the kink band is bounded by a distinct kink plane, 
but the other end fades into a smooth curve. Wher- 
ever this form of band was observed, the curved end 
was nearest the middle of the specimen. Hess and 
Barrett’ observed no asymmetric kink bands. 

If a kinked crystal is loaded further, a second 
ortho kink band usually appears along the length. 
This may happen almost simultaneously with the 
formation of the first kink band. As Hess and Bar- 
rett pointed out,” the second kink band always has 
the opposite sense to the first one, so the specimen 
has the form of a crankshaft. After the second kink 
band is formed, continued loading sometimes causes 
more kinks to form. As many as five separate ortho 


kink bands were observed to form successively in 
the same crystal. 

Ridges (Fig. 1b) are another complication that 
may appear when the load on a kinked crystal is in- 
creased. They appear on the outer edges of the kink 
band as shown. Orowan and Hess and Barrett ob- 
served them previously. Their appearance may be 
sudden as indicated in Fig. 3. Ridges are always (to 
the knowledge of the author) located at kink planes, 
and they do not form prior to the formation of a 
kink plane. 

Width of Kink Bands: It is indicated in Fig. 5 that 
kink-band widths vary with the initial orientations 
of the crystals. It may be said that there is a general 
tendency for narrow kink bands to form in low 
angle crystals. This is not to say that narrow kink 
bands do not form in high angle crystals. On the 
other hand, wide kink bands very seldom form in 
low angle crystals. 

No systematic variation of the kink widths with 
the specimen lengths was observed, although the 
range of lengths tested was only from about % to 
3% in. Kink bands of various widths formed in 
short crystals and relatively narrow kink bands 
sometimes formed in longer pieces of the same 
specimen. 
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Fig. 7—Positions of ortho kink bands along specimen lengths. 


Positions of Kink Bands—End Effects: Hess and 
Barrett® proposed a theory of kink-band formation 
that had elastic buckling of the specimen as its 
starting point. They believed that kinking began 
when the specimen buckled according to the second 
Euler mode. This buckling mode has the form of a 
full sine wave. Since the nodes of the sine wave 
would be the locations of maximum shear stress, 
this would locate the kink bands near the quarter 
points of specimens. When they found that their 
specimens often had kink bands near the ends of 
their specimens, Hess and Barrett believed that the 
kinks had actually started at the quarter points and 
then had moved to the ends of the specimens. 

At the beginning of the present investigation 
kink bands were often found near the ends of speci- 
mens, but it was suspected that this was caused by 
poor preparation of the specimen ends. During a 
sawing or cutting operation it is very easy to intro- 
duce an almost invisible kink plane into a zinc 
crystal. When great care was taken to cut square 
ends on crystals without damaging the ends, kink 
bands appeared near the ends only infrequently. 

Fig. 7 shows two histograms. In the first, the 
number of specimens with kink bands at certain 
fractional positions along their lengths is plotted vs 
intervals of fractional position, d/L. Here, d is the 
distance of the kink-band midpoint from the one 
end of the specimen and L is the specimen length. 
The histogram is peaked at about 40 pct. The sec- 
ondary peak at 10 pct would not be present if data 
had not been included which was obtained before 
the importance of the end preparation was realized. 

The second histogram in Fig. 7 is also of interest. 
This time, the number of specimens per interval is 
plotted against the fractional position of the kink 
plane located nearest the midpoint of the specimen: 
that is, (d + w/2)/L where w is the kink-band 
width. Now the distribution is peaked at 50 pct, the 
specimen midpoint. It is concluded that one kink 
plane of a kink band tends to lie at the center of the 
crystal length. 

Hess and Barrett tested several crystals which 
had conical caps on their ends. This made the ends 


Fig. 8—Specimens from same 
crystal tested with and 
without conical caps. xo = 
6°. X%. 
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oa—Bend plane region after first loading of 
specimen. Kink angle a — 4°. loading. « 


about 0.115 mm. 


Fig. 9—Appearance and movement of bend plane as an ortho kink band is compressed. Crystal $48. x. = 16°. 


approximately 30 pct for reproduction. 


free to rotate during a compression test. In agree- 
ment with their proposed mechanism of kinking, 
they found that specimens with conical caps did not 
kink. However, this effect was not confirmed in the 
present investigation. Fig. 8 shows two specimens 
cut from the same crystal. One specimen was com- 
pressed with its conical caps placed in axially 
aligned 135° conical depressions. The other was 
tested in the usual way. Both crystals kinked with- 
out difficulty, and the behavior was checked for 
other similar sets of specimens. It is concluded that 
ortho kink bands may form in certain compressed 
crystals even though their ends are not restrained 
from rotating. Although only a few tests were made, 
it was also noted that the load maxima were 
broader and lower, and the band widths were 


larger for specimens tested with conical caps than 
for those without the caps. 

Other evidence that kinking does not begin with 
buckling is that: it occurs in specimens as short as 


\/d = 3.5; kinks tend to be at centers of specimens; 
lateral vibration has no effect; the ends of a crystal 
may be irregularly shaped without preventing 
kinking; and kink bands may be formed by apply- 
ing a shearing load normal to the basal plane of a 
crystal. 

Motion of Bend Planes: Microscopic observation 
of ortho kink bands has shown that, near the begin- 
ning of the kinking process, profuse slip bands can 
be seen within the bands, while few can be seen out- 
side the kink bands except in the close vicinity of a 


o—Bend plane region of kink as first 
formed. a = 7°. 


b—Same field as in Fig. 7a after second 
10°. Bend plane has moved ing. a 


b—Same field as in Fig. 10a after speci- 
men was pulled in tension. a 
plane moved inward 0.18 mm. 


c—Same field as in Fig. 7b after third load- 
13° to 14°. Bend plane has 
moved an additional 0.03 mm. 


X100. Area reduced 


kink plane.” This is illustrated by Fig. 9a which 
shows one end of a kink band. The kink band is on 
top of the figure. The slip bands suffer a sharp dis- 
continuity in direction and strength at the kink 
plane. 

The continuity of slip bands through kink bands 
is remarkable. Slip bands, which begin outside a 
kink band and pass entirely through the band and 
out the other side, can be found easily. 

Fig. 9b and c shows what happened when the spec- 
imen of Fig. 9a was further compressed. In both 
cases the kink plane moved outward several hun- 
dredths of a millimeter, as indicated by the arrow 
pointing to the immediately preceding kink-plane 
position. Note that no trace has been left of the 
discontinuity in the slip bands at the former kink- 
plane locations. 

Reversibility of Ortho Kinking: The disorienta- 
tion angles of ortho kink bands may be reduced by 
applying a tensile load to a specimen containing a 
kink band. After a kinked specimen is almost 
straightened by a tensile load, it can be rekinked by 
reapplying a compressive load. Therefore it is pos- 
sible to create and destroy grain boundaries (kink 
planes) at will. 

Unkinking and rekinking were investigated by 
means of threaded caps soldered on the ends of 
zine crystals. The caps had cylindrical pegs on their 
bottoms so they could be aligned in the holes of the 
compression jig, and the threads were used for 
applying tensile loads. 


c—Same field as in Fig. 10b after rekink- 
ing. a 7°. Bend plane moved outward 
0.07 mm. 


2°. Bend 


Fig. 10—Reversibility of kinking. Crystal $52b. x. = 4°. X100. Area reduced approximately 30 pct for reproduction. 
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Fig. 11—Showing cleavages formed as specimen was compressed 
while immersed in liquid nitrogen. a 14°. Note the movement 
of segments of the kink plane. X100. 


Fig. 10a shows one of the kink planes of a kink 
band. Fig. 10b shows the same field after a tensile 
load had been applied. It can be seen that the kink 
plane has moved slightly toward the center of the 
kink band, the arrow on the left indicates the 
former kink-plane position. No trace of the former 
position of the kink plane is evident. Whereas 
prominent slip bands were found only inside the 
kink band after the first compression (Fig. 10a), 
now they are found both inside and outside the 
kink band and the slip bands are continuous across 
the kink plane. This indicates that, inside the kink 
band, the same slip planes were active during un- 
kinking as during kinking. No decision could be 
reached on the question of whether the slip-band 
intensity inside the kink band decreased or re- 
mained the same during unkinking. 

Finally, the specimen was rekinked by applying a 
compressive load to it; Fig. 10c shows the field of 
Fig. 10a after rekinking. The kink plane moved 
again. This time it moved away from the center of 
the kink band. No significant change in the slip- 
band intensities was observed. 

The loads required to cause unkinking and re- 
kinking were approximately the same as those re- 
quired to cause kinking originally. 

Effect of Temperature: Several specimens were 
compressively loaded in a compression jig which 
could be immersed in liquid nitrogen (—193°C). 
Ortho kink bands formed in these specimens read- 
ily. The following points were noted in comparing 
crystals tested at —193°C with crystals of the same 
orientations tested at room temperature: 

1—The maximum in the load-compression curve 
was higher by about 1.7 times for kinking at 
-~193°C than at room temperature. The critical re- 
solved shear stress is higher by about the same 
amount. 

2—-The kink-plane regions tend to be more local- 
ized in kink bands formed at —193°C. That is, in- 
stead of having rounded corners as in Fig. 5b, the 
kink planes tend to be sharp across the whole cross 
section of a crystal. 

3-—The lattice disorientations at the ends of kink 
bands formed at —193°C often are accommodated 
by more than one kink plane, whereas a kink band 
formed at room temperature usually has only one 
kink plane at each end. 

4—Tiny cleavages were often found at kink 
planes in specimens kinked at —193°C. Typical ones 
are shown in Fig. 11. 

5—Even relatively large angle kink planes may 
be mobile at low temperatures. Fig. 11 indicates 
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this. Above and below the cleavages the kink 
planes are displaced as much as 0.22 mm. This is 
somewhat surprising because of the large kink angle 
(a 14°) and the low temperature. 

Microscopic Examinations of Cleavage Surfaces: 
Specimens which contained ortho kink bands were 
cleaved lengthwise at —193°C. The cleavage sur- 
faces had the same microscopic appearance both in- 
side and outside the kink-band regions of the crys- 
tals. The cleavage planes are discontinuous at the 
bend planes of a kinked crystal, but their appear- 
ance is unchanged otherwise. 
Discussion 

Although the author is in general accord with 
the picture of ortho kink-band formation drawn by 
Hess and Barrett,’ he does not agree with their 
postulate that kinking begins with elastic buckling. 
If it did, crystals with x, =0° would be expected to 
kink most readily. Actually, it was found that these 
crystals do not form ortho kink bands at all. Fur- 
ther, it would be expected that no ortho kinking 
would occur in a specimen whose ends were free to 
rotate. In this investigation some specimens with 
free ends formed ortho kink bands readily. 

Recently, a detailed theory of kinking has been 
presented by Frank and Stroh.” They believe that 
pairs of dislocations must be created to cause kink- 
ing and therefore they consider dislocation arrays 
consisting of finite positive and negative walls of 
dislocations. They show that, under an applied stress, 
such an array is unstable and will annihilate itself 
unless its disorientation or kink angle is greater than 
a critical value. Thus the theory is a type of nuclea- 
tion theory. They conclude that, if the applied stress 
is 10°G, a kink-band nucleus will grow if it is about 
10° cm deep and 10° cm thick (taking G/30 to be 
the ideal strength). In order to form a macroscopic 
kink band, Frank and Stroh propose that a kink- 
band nucleus which has reached supercritical size 
throws off several pairs of dislocation walls which 
collect at distant points in the lattice to form the 
kink planes of observable kink bands. It is believed 
that this theory does not apply to the present case. 
Since kinking begins at about 10°G in zinc, the crit- 
ical kink nucleus would be an oblate spheroid of 
about 0.6 mm major radius having an energy of 
about one erg. These values seem unreasonably 
large. Furthermore, the theory requires a large 
activation energy. Yet the fact that kinking occurs 
readily at —193°C indicates a small activation energy. 

The point of view of the present author is as 
follows: consider a crystal of zinc (or any material 
with a single active slip system) which is pressed 
against a rigid plate at one end and has a shear 
stress applied at its other end. The shear stress is 
applied parallel to the basal plane (0001) and in a 
slip direction, [1210], which is parallel to the edge 
of the crystal as shown in Fig. 12a. When the shear 
stress becomes greater than the critical value for 
slip, plastic deformation begins. However, the plastic 
strain cannot extend to the upper end of the crystal 
because of the rigid plate. Thus a difference in 
plastic strain exists between one end of the crystal 
and the other. Since slip is the mode of plastic de- 
formation here and this occurs by the motion of dis- 
locations between discrete lamellae of the crystal, 
two things may happen. Either the crystal lamellae 
may accommodate the strain difference by becoming 
curved with a continuous but variable curvature; or 
the lamellae may remain flat but suffer a discon- 
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tinuity in direction at some point along the length. 
The second alternative is expected to occur because 
it results in a reduction of the strain energy of the 
crystal.” The discontinuity is expected to be located 
at the position of minimum shear stress. 

In a compression specimen which begins to de- 
form in the middle, it may be seen that the con- 
figuration of Fig. la will result by the action of two 
unit kinking processes of opposite sense. In general, 
any observable configuration of kink planes (that 
is, tensile kink bands,* kink planes at end restraints,” 
accommodation bands,’ subgrain boundaries, ridges, 
etc.) may be considered to have resulted from the 
operation of a certain number of unit kinking proc- 
esses. According to this picture a kink band need 
not be symmetric in agreement with experience, 
Fig. 6. In this case the shear stress is the component 
of the compressive stress resolved along the slip 
plane. 

Ortho kink bands can be formed at low tempera- 
tures because no activation energy is required for 
dislocations in a curved lattice to precipitate into 
the vertical wall that is observed as a kink plane. 
The stress fields of edge dislocations pull them to- 
gether to form a wall.” Kinking differs from poly- 
gonization. The dislocations are moved to the vicinity 
of the wall by the applied stress in the case of kink- 
ing. In polygonization they must diffuse most of the 
way because the attractive forces of the wall have a 
very short range. 

On the basis of this discussion it might be ex- 
pected that the kink planes in a kinked crystal 
would tend to be located near the ends of the speci- 
men. This is clearly not the case (see Figs. 1 and 5). 
The reason for this is that, in addition to the “blocked 
slip” effect previously discussed, the ends of a crystal 
exert a bending moment on the central portion of 
a specimen which is unfavorable to wide kink bands. 
This explains why crystals compressed with conical 
caps on their ends form kink bands at lower loads 
and with greater widths than crystals tested with 
flat ends. Hess and Barrett demonstrated the same 
effect, but in the opposite direction. They formed 
kink bands in crystals imbedded in paraffin and 
solder and found these to be shorter than kinks 
formed in unrestrained specimens. Furthermore, it 
can be shown that the plastic work required to form 
a kink band increases with the width of the band 
for a constant amount of compression of the speci- 
men. Thus the width will tend to be as small as 
possible. 

Because of the localization of the strain at a kink 
band, more than one band can form in a single speci- 
men. Also, more than one band can form almost 
simultaneously. 

Perhaps the most important thing to be explained 
about ortho kink bands is their load-compression 
curves. This may be done approximately with the 
aid of Fig. 12c. Initially the shear stress in the crys- 
tal is given by the usual expression 


[1] 


(since A, is small, cos A, is taker, to be 1). After the 
kink band forms and the load is on the steeply rising 
portion of the load-compression curve (Fig. 3), the 
angle between the slip plane and the compression 
axis becomes (y, +a) and the shear stress, 7, is 
equal to the shear resistance of the material within 
the kink band. Thus the approximate expression for 
the load is 


rt = P/A, sin x COS Ay 
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where the bending moments and the change in A, 
are ignored. The shear stress is generally given by 
a law of the form 

+ [3] 


where r+, is the critical resolved shear stress, v is the 
shear strain, and K and n are constants. However, 
for small kink angles, v a, so Eq. 2 becomes 


K 
[4] 
sin (xo + @) 


The kink angle, a, is obtained from the expression 


[5] 
w 


COS a 


Eq. 4 is plotted in Fig. 13 for several values of the 
constants. If no strain hardening occurs, K = 0, and 
it can be seen that the load drops continuously with 
x. Under some conditions the shear resistance of 
zine follows Eq. 3 with n 1 (see ref. 12, for exam- 
ple). This gives a load-compression curve with no 
maximum but a flat minimum as shown in Fig. 13. 
The exponent, n, must have a value greater than one 
in order to obtain a maximum in the load-compres- 
sion curve. Curves for n 2 and 3 are given in Fig. 
13 with arbitrary values of x, and K. It may be seen 
that these curves are qualitatively similar to the 
experimental curves of Fig. 3. Thus the material 
within an ortho kink band seems to follow some sort 
of parabolic shear stress-strain curve. The precise 
law is probably quite complicated with n depending 
on a. 

The very rapid strain-hardening rate of the mate- 
rial within a kink band is not unexpected. Disloca- 
tions would be expected to have trouble entering 
the walls (kink planes) if dislocations were already 
present in the walls from the same slip planes. This 
would cause the late dislocations to pile up and 
exert a back stress toward further slip. Although 
the number of dislocations approaching a wall dur- 
ing a strain, v, equals the number needed to make 
the angle change by a v, many of the dislocations 


Fig. 12—Schematic drawings of the kink process. 
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Fig. 13—Eq. 4 plotted for various values of K and n. 


approaching the kink plane are not on the right 
planes for entering the wall because the active slip- 
plane spacing is fixed and large. 

Eq. 5 for the load-compression curves predicts 
roughly the dependence of the experimental curves 
on xy and w. It also indicates one reason why crys- 
tals with xy. < 2.5° do not form ortho kink bands. 
The reason why kink bands do not form in crystals 
with x, = 0° is simply that there is then no resolved 
shear stress to cause slip. However, when 0 <y,.< 2.5°, 
it might be expected that ortho kinking would occur 
when the applied load reached a high enough value. 
It does not occur in this case because the maximum 
in the load-compression curve, according to Eq. 5, 
is so high that plastic deformation occurs in a mode 
different from simple slip, and this prevents kink- 
ing. This new mode of deformation will be dis- 
cussed in a subsequent paper. 

The location of a kink band along the length of a 
specimen is felt to be a statistical problem. Kinking 
should be unlikely near the ends of a specimen and 
the probability for a band to form exactly at the 


Fig. 14—Schematic steps in the formation of a ridge. 
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center would be relatively low. Therefore, the peak- 
ing at the 0.40 position indicated in Fig. lla is not 
unreasonable. The tendency for one end of a band 
to lie at the center is felt to be a natural consequence 
of this. 

The movement of the bend planes under stresses is 
of interest as a confirmation of the effect discovered 
by Washburn and Parker.” The fact that the rela- 
tively large angle boundaries in kink bands are able 
to move easily is of special interest. 

The relatively easy reversibility of kinking indi- 
cates that the stable dislocation walls are gradually 
annihilated by dislocations of opposite sign moving 
into them. 

The fact that the change in slip band density at 
a kink plane follows the motion of the kink plane 
is puzzling. It is hoped that this can be studied in 
more detail. 

The important clues to the mechanism which forms 
ridges are: 1—ridges are always located at the posi- 
tion of a previously existing kink plane; 2—ridges 
are not always symmetric (see Fig. 1b); and 3— 
sometimes the process may be stopped before the 
second “half” of a ridge has formed (see Jillson’s 
photographs’). Instead of the mechanism of ridge 
formation proposed by Hess and Barrett, the mech- 
anism indicated in Fig. 14 is proposed. According to 
this mechanism, a ridge results from the operation 
of three unit kinking processes which follow one 
another. The total time required for the whole 
process may vary from a few milliseconds to min- 
utes or hours depending on the test conditions. 


Summary 


Ortho kink-band formation in zinc crystals has 
been described in detail. The following experi- 
mental results were reported: 

1—Ortho kink-band formation is orientation de- 
pendent. For orientation angles, y., less than 2.5 
+ 1° ortho kink bands do not form in compression 
tests. Above this range they form readily up to 
angles of 20° to 24° where their form becomes in- 
distinct. 

2—-Load-compression curves are presented which 
show that a sharp maximum in load is associated 
with kinking (but not with its onset). 

3—The forms of simple and complex ortho kink 
bands are described. Kink bands become less sharp- 
ly defined as y, increases, but they remain recogniz- 
able up to x, ~ 20°. 

4—It is shown that ortho kink bands tend to be 
wider as the orientation angle, y,, increases. The 
width is not necessarily related to the specimen 
length. 

5—Ortho kink bands tend to be located near but 
not at the centers of specimens. One kink plane of 
a kink band tends to be located at the center. 

6—Ortho kink-band formation does not neces- 
sarily require the ends of a specimen to be re- 
strained from rotation. This disagrees with the re- 
sults of Hess and Barrett.’ 

7—It is shown that the kink planes of ortho kink 
bands may move small distances because of stress. 
When they move, the discontinuity in slip band 
density moves with them. 

8—It is shown that kinking may be reversed by 
applying a tensile load to a kinked specimen and the 
specimen may be rekinked by compression subse- 
quent to unkinking. 

9—It was found that ortho kink bands can be 
formed readily at the temperature of liquid nitro- 
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gen. The increase in the maximum of the load- 
compression curve about equals the increase in 
critical resolved shear stress at the low temperature. 

It is believed that the present experiments show 
that ortho kinking does not begin by an elastic 
buckling process. It occurs only if the resolved 
shear stress on the slip planes becomes high enough 
to cause slip before other modes of deformation in- 
tervene. Once kinking has begun, it is proposed that 
the load-compression curve is given approximately 
by 

t% + Ka’ 


P/A, = ——————— 
sin (xo + a) 


where a is the kink angle and n must be greater 
than 1 and probably is between 2 and 3. Other 
topics in the theory of kinking are discussed, and 
a mechanism is proposed for the formation of 
“ridges.” 
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The Warm Pressing of Beryllium Powder 


by Norman P. Pinto 


Compacting below the recrystallization temperature was studied. 


Ideal density was attained at 550° to 600°C using 25 tsi. Compacts 
have strength and hardness higher than cold worked beryllium. The 
recrystallization temperature of this highly stressed metal is that 
of cast, cold worked beryllium and appears independent of pressing 


temperature. 


HE process metallurgy of beryllium is beset by 
many difficulties that hinder the production of 
sound beryllium shapes of controlled properties. 
Most of these obstacles are traceable directly to the 
low density, low ductility, and high affinity for oxy- 
gen of the metal. Castings are susceptible to crack- 
ing and porosity, and controlled grain size is not 
easily attained, yet is critical to further working. 
Any process must cavefully avoid oxygen pickup. 
Conventional metallurgical processes, including 
melting, casting, forging, rolling, and extruding have 
been treated previously,” as have the conventional 
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powder metallurgical methods.‘ More recently, a 
method has been advanced for producing powder 
compacts of high density by hot pressing at 1000° 
to 1100°C, using pressures of 0.25 to 0.5 tons per sq 
in. (tsi).. Here, Seybolt and coworkers attained 
theoretical density of 1.85 grams per cc using pres- 
sure-temperature combinations of 500 psi-1100°C, 
750 psi-1075°C, and higher. The warm pressing of 
beryllium is a practical method for producing bars 
of controlled properties and appears to have certain 
advantages, particularly when high strength and 
hardness are required. 

Other investigators have studied the hot pressing 
of various pure metals, such as copper,’” gold," 
iron,” and aluminum.” Their results indicate that 
ideal densities may be attained by compacting at 
temperatures less than 50 pct of the absolute melt- 
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ing temperature when pressures of approximately 
25 tsi are used. 

The densities of hot pressed compacts are deter- 
mined by several factors, among which temperature, 
pressure, and time are of first order of importance. 
Of secondary importance are particle characteristics, 
compact shape, atmosphere, heating rate, compact- 
ing technique, etc. Significant in a consideration of 
the hot compaction of a pure metal powder are its 
recrystallization temperature, deformation mecha- 
nism, and physical properties at elevated tempera- 
tures. Above the recrystallization temperature, a 
stress in excess of yield stress normally will produce 
ideal density in a short time, assuming no entrap- 
ment of impurities. The resultant compact will be 
recrystallized and strain free; it will have physical 
properties comparable to cast and worked metal 
which has been annealed, but usually with lower 
ductility. 

The usual deformation of reguline metal is accom- 
panied by gross dimensional changes in at least two 
of the three directions. The die pressing of metallic 
powders is relatively unique in that gross dimen- 
sional change in each of two directions is nil, while 
in the other direction it is negative. Individual 
particles distort, and the distances between par- 
ticles decrease, but the relative location of parti- 
cles does not change. An individual particle strained 
beyond the point at which fracture would normally 
occur may continue to deform by movement along 
already operative slip systems or along secondary 
planes of slip. 

These investigations include studies of the warm 
compacting of commercial beryllium powder using 
temperatures up to the recrystallization temperature 
for beryllium, pressures of about 25 tsi, and times 
at pressure to 30 min. It has been found that such 
powder may be compacted to ideal density using 
600°C, 60 sec, 25 tsi and higher; below these values, 
densities are lower. The properties of these com- 
pacts have been determined, as has the reaction to 
thermal treatment. Compacts of ideal density ex- 
hibit strengths of about 115,000 psi and hardness 
R. 30; these values are considerably higher than 
those obtained by conventional metallurgical proc- 
esses using cast metal. 
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The beryllium powder used was the product of the 
Brush Beryllium Co. and was prepared by vacuum 
melting Q grade metal and mechanically comminut- 
ing it until it passed 200 mesh. The composition of 
powder, as determined by the supplier, is given in 
Table I. It may be noted that the calculated density 
of beryllium containing corresponding quantities of 
BeO, Be.C, Fe, SiO., and AI.O, is 1.865 grams per cc, 
which figure must represent ideal density of the 
compacts. 

The particle size distribution determined photelo- 
metrically is given in Fig. 1. The average particle 
diameter is 21.7 microns, and the average diameter 
determined by subsieve sizer is 21.0 microns. The 
powder particles from previous lots of similar mate- 
rial are platelike in shape and have an apparent 
density of about 0.62 grams per cc, as determined by 
the Scott volumeter. 


Equipment and Method 

Compacts used in these investigations were pressed 
in the die assembly shown in Fig. 2. It consisted 
basically of steel punches and a steel die cylinder 
having a cavity 1% in. in diameter and 6 in. long. 
Graphite of approximately 0.02 in. thickness lined 
the cylinder, facilitating either hot or cold ejection 
and eliminating metallic interdiffusion. The top 
punch was suspended so that the charge could be 
evacuated completely and rapidly, gases being re- 
moved through a groove cut in the graphite. Inserted 
in the center of top and bottom punches were ther- 
mocouples, the junctions of which were within 1/16 
in. of the powder charge, providing accurate meas- 
urement of compact temperature. A thermocouple 
near the periphery of the bottom punch anticipated 
temperature changes and assured control within 
+ 10°C. The die cylinder was heated externally by 
a resistance-wound alundum heater, manually con- 
trolled. The entire die assembly was enclosed in a 
water-cooled stainless steel vacuum chamber. Vacua 
were between 1 and 8 microns of mercury during 
the hot pressing operation. Pressure was transmitted 
through the top of the vacuum chamber through a 
Wilson-type seal. The design of the vacuum cham- 
ber, incorporating modifications which improved the 
vacua to 0.15 to 0.50 microns, is shown in Fig. 3. 

Several die materials were used for the die cylinder 
and punches. High speed steel (18 pct W, 4 pct Cr, 
1 pet V) was found most usable because of its rela- 
tively good availability, good machinability, and low 
cost. Die behavior and life were good, although 
punch life was only about ten runs because of mush- 
rooming and barreling. A high temperature alloy 
100-NT-2 (30 pct Ni, 21 pct Co, 20 pct Cr, 18 pct Fe, 
2.2 pet Ta, 3.1 pet Mo, 2.2 pet W, 1.5 pet Mn, 1.0 pct 
Si, 1.0 pet C), cast and heat treated, was the most 
successful die material, having been used for more 


Table |. Composition of Beryllium Powder 


Theoretical density of (Be + BeO + Be. + Fe + SiO, + AleOs) is 1.865 
grams per cc. 
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Te 100 Material 
80 
60 
40 
20 
: BeO 0.71 pet Mn 110 ppm 
Be.C 0.12 pet Cu 60 ppm 
} Fe 1500 ppm Zn < 30 ppm 
si 740 ppm Ca < 10 ppm 
Al 430 ppm Ag ~3 ppm 
Me 90-400 ppm Co < Ippm 
Ni 145 ppm Na < Ippm 
Cr 140 ppm B 0.3 ppm 
Li <0.3 ppm 
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Fig. 2—Warm pressing die assembly. 


than 50 runs at temperatures up to 750°C without 
observable wear or distortion. Castings of an alloy 
of 2.25 pet C, 33 pet Cr, 17 pet W, 44 pet Co, and 
forgings of high chromium steels were used unsuc- 
cessfully. Other alloys, such as the 20 pet Cr, 20 pct 
Ni, 45 pet Co (plus Mo and W) and 28 pct Ni, 19 pct 
Cr, 6 pet Mo, 7 pct W, are being used, although life 
data are not complete. The availability of the newer 
high temperature alloys, such as the one used in 
these tests, considerably extends the temperature 
range through which practical hot pressing may be 
performed beyond the upper limit of about 750°C 
formerly defined by such hot die materials as high 
speed steel. The use of these high alloys, of metal 
ceramics, and of carbides for die materials should 
remove one of the obstacles to the commercial adop- 
tion of hot pressing methods. 

The procedure for elevated temperature compact- 
ing consists of die assembling, loading, leveling, 
evacuating, heating, and pressing. The loading and 
leveling are done carefully to assure a minimum 
entrapment of gas, minimum metal flow during com- 
pacting, and maximum density uniformity. Evacu- 
ating is done slowly to minimize the disturbance of 
powder by the eruption of entrapped gas. Using a 
power input of about 1.7 kw, a compacting tempera- 
ture of 600°C is reached in about 55 min; thus, the 
complete cycle, including loading, heating, pressing 
for 15 min, and ejecting hot, may be accomplished 
within 90 min. 

The warm pressed compacts are cut and surface 
ground to specimens 1 in. square x 0.3 in. thick. 
These specimens were used for geometrical deter- 
minations of density. They were further cut to 
about 0.3 in. square x 1 in. long for strength and 
hardness measurements. 
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The usual Rockwell loads have been observed to 
generate macroscopic cracks in the surface of beryl- 
lium bars and may not be used for accurate measure- 
ments. The superficial 15T scale was employed for 
these comparisons. 

Strength tests were made using simple beam load- 
ing with supports 0.9 in. apart and a load applied at 
the midpoint by a recently calibrated Baldwin South- 
wark tensile tester. Although the short span pre- 
cludes precise strength determination, the figures 
are of value for comparison purposes and indicate 
the order of magnitude. 


Results 

A series of compacts was pressed in the equipment 
just described at temperatures ranging from room 
temperature to over 700°C. The results of these 
tests on the densities of the compacts are shown in 
Fig. 4, in which density increases practically linearly 
to about 1.84 grams per ce at 550°C. At 600°C and 
higher, density is over 1.85 grams per ce or about 
100 pet of ideal. Density appears uniform through- 
out the warm pressed bar, as determined by hard- 
ness measurements over the cross section. The 
density curve is not affected by an increase in BeO 
content during compacting. Analyses showed no 
oxygen pickup at any of the temperatures studied. 

The described bars were compacted in vacuo to 
assure purity of atmosphere and to minimize gas 
entrapment. Checks were made by loading the 
powder in air and warm pressing without benefit of 
controlled atmosphere. Densities were the same as 
those described; however, there was an increase in 
BeO content of about 0.4 pct. 

The strengths of the warm pressed compacts were 
evaluated by a simple beam test and hardness meas- 
urements were made by applying the load parallel 
to and perpendicular to the compacting direction. 
Data are given in Table II. 

Strength increased rapidly with temperature, 
attaining values of 110,000 to 120,000 psi when tem- 
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Fig. 4—Densities of beryllium compacts pressed at elevated tem- 
peratures in vacuo at 25 tsi for 15 min. 


peratures were sufficiently high to produce ideal 
densities. This range is significantly higher than 
that characteristic of bars which have been cold 
pressed at 60 tsi and vacuum sintered at 1225°C for 
3 hr. The latter bars are fully annealed, and con- 
trast with the highly stressed structure of powder 
compacts warm pressed below the recrystallization 
temperature. 

The hardness of these specimens increased with 
compacting temperature although the increase of 8 
points between 300° and 600°C was minor, relative 
to the corresponding increase in strength from 22,000 
to about 115,000 psi. The fully dense bars were 
harder by about 11 points than bars which were 
sintered from cold pressed compacts. 

Hardness measurements made parallel to the 
compacting direction and 90° away produced values 
essentially identical, indicating directional proper- 
ties less marked than has been observed in cast and 
hot worked beryllium. This observation is corrobo- 
rated by data from beam tests in which the load 
was applied parallel to and normal to the compact- 
ing direction. 

In order to evaluate the effect of compacting time 
on density, a series of bars was pressed at 600°C for 
periods of 3 sec to 11 min. The results are shown 
graphically in Fig. 5. Density increases with time 
approaching the ideal, which is attained at 1 min 
and longer. 

The microstructures of warm pressed beryllium 
compacts are shown in Figs. 6 to 11. Figs. 6 and 7 
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Fig. 5—The effect of compacting time on densities of beryllium at 
600°C and 25 tsi in vacuo. 
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illustrate the compacts as pressed at 600°C. Bright 
field illumination revealed that the warm pressed 
compact was composed of beryllium powder parti- 
cles forced into intimate contact and that it was 
essentially the same, except for porosity, as com- 
pacts pressed at room temperature. Particle bound- 
aries were defined by the oxide which showed a 
tendency neither to agglomerate nor to diffuse into 
the beryllium particles. The compacting direction is 
clearly perpendicular to the longer axis of the flat 
particles. A polarized light study makes obvious the 
highly stressed nature of the individual particles. 
The brightness of reflected, polarized light changes 
continuously across a particle or grain, indicating a 
twisted lattice. 

Since data on the physical properties of warm 
pressed beryllium compacts indicated a super-stress 
of the lattice beyond that obtainable by conventional 
working techniques, it was considered that this might 
result in a lower recrystallization temperature. This 
possibility was studied by annealing the most highly 
stressed and ideally dense bars at different tempera- 
tures for a period of 30 min. It was found that 
recrystallization could not be observed at 700°C or 


Table 11. Physical Properties of Hot Pressed Beryllium Compacts. 
Bars Compacted 15 Min at 25 Tsi in Vacuo 


Hard- 
Compacting Breaking Density, Rockwell ness After 
Temperature, Strength, Grams Hardness, 800°C 10 
°c 10° Psi per Ce 15T Hr Anneal 
300 22 1.61 84 71 
400 38 1.66 88 77 
500 1.77 83 
555 113 1.85 92 — 
600 117 1.85 91 86 
650 118 1.85 90 -- 
Cold pressed 
and sintered 65 1.82 80 — 


lower, but that at 750°C (Fig. 8) recrystallization 
was partial, although most of the grains were still 
in the as-pressed state. At 800°C (Fig. 9), recrystal- 
lization was nearly complete and the resultant struc- 
ture was composed of heterogeneously sized, nearly 
equiaxed grains which approached in shape the 
plane-sided polygonal grains characteristic of cold 
worked and annealed reguline beryllium. Inasmuch 
as 750° to 800°C is within the recrystallization range 
of reguline or sintered beryllium which has been 
worked severely, it appears that the recrystallization 
temperature is not lowered even in the most highly 
stressed metal. 

A series of bars was annealed fully to determine 
quantitatively differences in the amount of cold 
work incorporated in warm pressed bars compacted 
at various temperatures and to evaluate the effect of 
annealing. Bars representing different compacting 
temperatures were treated for 10 hr at 800°C in 
order to observe any changes in recrystallized struc- 
ture. The resulting structures were very similar, 
the only difference other than porosity being in the 
grain size. Grain diameters of bars compacted at 
300° and 400°C were similar (Fig. 10) and slightly 
smaller than those compacted at 500°, 600°, and 
700°C, which were similar t> one another (Fig. 11). 

The decrease in hardness (Table II) was practi- 
cally independent of compacting temperature, indi- 
cating that any difference in the degree to which the 
grains have been strained is not sufficiently great 
to be measured by such techniques. Compacts of 
slightly less than ideal density were softened by 
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Fig. 6—Beryllium compacted 15 min at 
580°C at 30 tsi in vacuo. Bright field. X250. 


X250. 


Fig. 9—Beryllium compacted 15 min at 
600°C, annealed 30 min at 800°C. Polarized 


light. X250. light. X250. 


800°C annealing to approximately the same hard- 
ness as that of pressed and sintered compacts. 


Conclusions 

In the compacting of beryllium powder below the 
recrystallization temperature, a method has been 
developed for producing dense, uniform bars with 
controlled properties. These warm pressed compacts 
are highly stressed and have high strength and 
hardness, which may be reduced by annealing. 

Compact density increased with pressing temper- 
ature reaching 1.85 grams per cc at 550° to §00°C 
and with dwell time at pressure. The as-pressed 
strength of dense compacts is about 115,000 psi and 
hardness 90 Rur. Such compacts appear not to have 
directional properties. Hardness may be reduced 5 
to 10 points by annealing 10 hr at 800°C. The 
annealing produces a heterogeneously fine grained 
equiaxed structure. 

Although most of these data represent compacting 
in vacuo, evidence indicates that warm pressing may 
be adapted to the commercial scale production of 
beryllium parts. These parts have high strength 
properties, and the method has distinct advantages 
when such strength is desired. These physical prop- 
erties are attained in a single, simple operation, 
without additional treatment and reasonable dimen- 
sional tolerances may be maintained. The strength 
is, indeed, higher than attainable by more conven- 
tional production methods. 
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Fig. 7—Beryllium compacted 15 min at 
600°C at 25 tsi in vacuo. Characteristically 
highly stressed structure. Polarized light. 


Fig. 10—Beryllium compacted 15 min at 
400°C, annealed 10 hr at 800°C. Polarized 


Fig. 8—Beryllium compacted 15 min at 
600°C, annealed 30 min at 750°C. Polarized 
light. X250. 


Fig. 11—Beryllium compacted 15 min at 
500°C, annealed 10 hr at 800°C. Polarized 
light. X250. 
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Creep Behavior of Magnesium-Cerium Alloys 


by C. S. Roberts 


Four binary alloys in this system were creep tested at 300° to 
600°F. A photographic study of microstructural changes showed 


that the —s creep resistance resuits primarily from a 


potent precipitation 


ardening locally at grain boundaries. Twin- 


ning was correlated with the primary stage and nonbasal slip with 


the tertiary stage of creep. 


HE utility of the rare earth metals as ingredients 

of magnesium alloys destined for elevated tem- 
perature application has been recognized for about 
15 years. A review of the early development of these 
alloys has been given by Leontis.* * It has been only 
recently that a desire has arisen to understand basic- 
ally their remarkable creep resistance. The present 
research had that object. The work of Leontis 
showed that the differences between the behavior 
of the individual magnesium-rare earth element 
binaries was of commercial significance. However, 
the variations were small compared to the overall 
difference in creep resistance between the group as 
a whole and the magnesium alloys of the Al-Zn 
type. It was decided to conduct this investigation 
with one binary system which would be representa- 
tive of the magnesium-rare earth element alloy 
group. Cerium was chosen as the solute because of 
its near-middle position in the series and because 
of its availability in the commercially pure form. 
A previously published description of the creep be- 
havior of electrolytic magnesium’ serves as the 
background to this research. The experimental 
approach used in that investigation has been parti- 
ally repeated here. 

A series of binary alloys was planned to include 
the following: 

1—A dilute alloy which would contain the cerium 
almost entirely in solid solution. This would assess 
the solid solution effect. 

2—An alloy which is nearly saturated at the 
selected solution heat treatment temperature, 
1070°F. Here the effect of nearly maximum precip- 
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Fig. 1—Determination of solid solubility of cerium in electrolytic 
magnesium at 1070°F by lineal analysis. 


itation would be obtained without the influence of 
undissolved Mg-Ce intermetallic. 

3—An alloy containing slightly more cerium than 
is soluble at 1070°F. This would allow the investi- 
gation of the effect of a small amount of excess 
intermetallic. 

4—A high cerium alloy in which the influence of 
a large volume of undissolved intermetallic may be 
examined. 


Experimental Details 

In order to specify compositions of the binary 
alloy series a knowledge of the solubility of com- 
mercially pure ceriurn in solid electrolytic mag- 
nesium and also of the composition of the terminal 
intermetallic phase was necessary. The latter has 
been proven to be approximately Mg,Ce by Vogel‘ 
and Haughton and Schofield.® A series of both cast 
and extruded alloys were solution heat treated 24 hr 
at 1070°F for a solubility determination. Lineal 
analyses of the polished and etched microstructures 
were accomplished with the aid of a Hurlbut 
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0.0011 <0.01 001 0.017 0.12 
.006 0.020 0.10 
.0008 0.035 0.01 

012 0.044 0.02 


Table |. Chemical and Spectroscopic Analyses of Alloys 


<0.001 0.001 0.01 <0.01 <0.02 
<0.001 0.001 0.01 <0.01 <0.02 
6.0003 0.0005 <0.001 <0.001 <001 
0.001 0.006 <0.01 0.001 <0.01 


counter.” The data are plotted in Fig. 1 as weight 
percent cerium vs volume percent of undissolved 
Mg,.Ce. The theoretical curvature of such a plot is 
so slight over this range that a straight line fit by 
the method of least squares is satisfactory. The 
intercept, reported as 0.8 + 0.1 pct, represents the 
solubility of commercially pure cerium in solid 
electrolytic magnesium. The scatter of the data is 
believed to be attributable mainly to errors in the 
chemical analyses. 

A large section of the solid solubility curve for 
cerium in magnesium has been determined by 
Haughton and Schofield’ using the conventional 
metallographic bracketing technique. A solubility 
of approximately 1.2 pct Ce at 1070°F would be 
predicted from their results. The difference between 
these values may result from differences in type and 
amount of impurities between the two investiga- 
tions. 

The four alloys in the series were selected on the 
basis of 0.8 pct solid solubility. They were prepared 
by adding cerium of commercial purity to electro- 
lytic magnesium. The cerium contents were deter- 
mined chemically as 0.06, 0.7, 1.2, and 6.0 pet. The 
impurity analyses listed in Table I were obtained 
spectroscopically. The principal impurity in the 
cerium was about 2 pct Fe. Its presence accounts 
for the rather high iron content of the alloys. Vari- 
ations in impurity content of both the cerium and 
the magnesium used in the melts, which were not 
made at the same time, led to the corresponding 
variations from alloy to alloy. The binaries were 
melted under flux and cast into 3 in. diameter ex- 
trusion ingots. They were extruded into 1%x% in. 
flat stock. The 0.06 pct Ce alloy was studied in the 
as-extruded condition. The others were given a 
solution heat treatment of 16 hr at 1070°F and an 
aging of 16 hr at 400°F. Table II presents the ex- 
trusion conditions and the average grain size in the 
final form before testing. All alloys were fully re- 
crystallized after extrusion. The grain size was 
maintained as constant as possible through the alloy 
series. The 0.06 and 0.7 pct Ce alloys were free of 
undissolved intermetallic, and the 1.2 and 6.0 pct Ce 
alloys contained 1.8 and 17.4 vol pct of it. The ex- 
cess Mg.,Ce appeared primarily in semiglobular 
form at the grain boundaries and secondarily as 
globules within the grains. 

The extrusions all showed a definite preferred 
orientation which persisted after solution heat 
treatment. The preferred orientation of the 0.06 pct 
Ce alloy closely resembled that of the extruded 
electrolytic magnesium.” The 0.7, 1.2, and 6.0 pct 
Ce alloys exhibit the same double texture in the 
center two-thirds of the extrusion thickness. How- 
ever, the inclination of the basal plane to the ideal 
orientation (parallel to the surface) ranges from 
25° to 30°. As a result, a large fraction of the grains 
are favorably oriented for deformation twinning. 
The importance of this process in the creep deform- 
ation of these alloys will be described. 


TRANSACTIONS AIME 


The study of microstructural changes in creep 
were made possible by the same techniques of elec- 
tropolishing and protection with a film of silicone 
oil which were described previously.” The equip- 
ment, specimen design, and conditions used in the 
creep testing were also the same as in the previous 
work on electrolytic magnesium. 


Characteristics of the Cerium Alloy Creep Curve 

Creep testing of the 0.06 pct Ce alloy produced 
curves which were similar in shape to those of 
electrolytic magnesium.” They lay at only slightly 
lower strain levels for the same stresses and tem- 
peratures than the curves for electrolytic magne- 
sium. The results of this part of the program led 
to the conclusion that the solid solution strengthen- 
ing effect is definitely not the primary cause of the 
beneficial influence of cerium on creep resistance. 

The binaries containing 0.7, 1.2, and 6.0 pet Ce 
yielded tensile creep curves of a distinctive shape 
and striking variation with test temperature. It is 
not possible to reproduce here the hundreds of creep 
curves from these alloys at 300°, 400°, 500°, and 
600°F and over a total stress range of 200 to 18,000 
psi. Instead, representative families of curves will 
be presented for illustration of the curve shape and 
its variation with temperature and cerium content. 
Figs. 2 and 3 show groups of curves obtained from 
the 1.2 pet Ce alloy at the lowest and highest tem- 
peratures tested, 300° and 600°F. The curve shapes 
and the trends are representative of the 0.7 and 6.0 
pet Ce alloys also. At 300°F the primary stage is 
large and rapid with an abrupt transition to the 
low rate secondary stage. This stage gradually 
grades into tertiary creep which proceeds to frac- 


ture. The curves presented in this paper have all 
been terminated before fracture. 
The primary stage decreases with increasing 


temperature until at 600°F it is practically non- 
existent. Secondary creep becomes small and the 
tertiary stage sets in at very low strain levels. The 
reduction in specimen cross-sectional area is still 
uniform after a percent or more of tertiary creep. 
For these reasons the initiation and early part of 
tertiary creep cannot be explained on the basis of 
either uniform or nonuniform reduction of speci- 
men cross section. 

The variations of creep curves with cerium con- 
tent at the same temperature and stress are shown 
in Figs. 4 to 7. The slow change in curve shape at 


Table 1|. Extrusion Conditions and Grain Size of Alloys 


6.06 0.7 12 6.0 
Pet Ce Pet Ce Pet Ce Pet Ce 

Billet preheat, ‘F 800 800 800 975 
Preheat time, hr 2 2 2 2 
Container temperature, *F 800 800 800 950 
Die temperature, *F 800 800 800 fe 
Rate, ft per min 3 3 3 5 
Final grain size, 0.001 in. 4-5 8-9 7-8 12 
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Fig. 2—Creep of 1.2 pet Ce alloy at 300°F. 
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Fig. 3—Creep of 1.2 pct Ce alloy at 600°F. 


the higher temperature contrasts markedly with 
that which occurs between 300° and 400°F. The 
maximum creep resistance of the series is exhibited 
by the 0.7 pct Ce alloy at 400°, 500°, and 600°F. Ali 
stages of the creep curve lie at higher strains in the 
order 0.7, 1.2, and 6.0 pet Ce. However, with de- 
creasing temperature the 6.0 pct Ce alloy curves 
are closing the gap. At 300°F the 6.0 pct Ce alloy 
yields the least amount of creep. This drop in curve 
level results almost entirely from the marked 
diminution of the primary stage relative to that of 
the lower cerium alloys. 

The complex curve shape and its variation with 
temperature have made it impossible to apply any 
consistent and fundamental kinetic analyses. The 
emphasis has been placed on a three-way correla- 
tion between the operative deformation processes, 
the creep curve characteristics, and the microstruc- 
tural characteristics of the cerium alloys themselves. 


Microstructural Changes during Creep 
The microstructural changes in the 0.06 pct Ce 
alloy were similar to those previously observed in 
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electrolytic magnesium." For this reason no micro- 
graphs of this lowest alloy in the series are in- 
cluded. The micrographs shown in Figs. 9 to 19 are 
representative of many structures which were 
taken of 0.7, 1.2, and 6.0 pct Ce alloy structures 
after creep. The basic mode of creep deformation 
over the range 300° te 600°F is slip on the basal 
plane. The slip line spacing is much greater at a 
given temperature than in the case of electrolytic 
magnesium. The characteristic increase of slip 
band spacing and width with increasing tempera- 
ture has been observed. 

The preferred orientation characteristics of the 
0.7, 1.2, and 6.0 pet Ce alloys allow the operation 
of deformation twinning in creep. The total volume 
percent of twins was about 10 at 300°F, 5 at 400°F, 
2 at 500°F, and none at 600°F. In any one grain, 
some basal slip always occurs before twin forma- 
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Fig. 5—Creep of Mg-Ce alloys at 400°F and 10,000 psi. 
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tion, leaving straight lines through the twins as evi= 
dence. Basal slip may also occur afterward with 
the characteristic change in direction as in Fig. 14. 

A correlation between rapid primary creep and 
twinning was observed. Similarly the operation of 
nonbasal slip appeared to be pronounced during 
tertiary creep. In an attempt to demonstrate these 
relations quantitatively, a series of electropolished 
1.2 pct Ce alloy specimens were run under the same 
test conditions, 300°F and 13,000 psi, to strain 
levels of 3, 5, 7, and 9 pet. The average creep curve 
for these conditions is presented in Fig. 8. Twin 
volume analyses were made on the specimens with 
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the Hurlbut counter." The fractions of grains which 
contain nonbasal slip were found from similar 
lineal counts. Both groups of data showed consid- 
erable experimental scatter. However, when the 
results are plotted as a function of creep strain, a 
trend is established in support of the correlations 
above. This evidence appears in the bands shown 
in the inset of Fig. 8. During primary creep the 
twin volume rises rapidly to a nearly limiting level. 
Nonbasal slip enters near the end of twinning and 
rises rapidly in extent during tertiary creep. Figs. 
9 to 12 are micrographs of the specimens in this 
series. 

The nonbasal slip which appears in tertiary creep 
occurs in irregular bands which frequently cross 
both basal slip bands and themselves. Fig. 12 is a 
striking representation of these bands. Two sets of 
dark bands form a “V” and a third vertical set gives 
bright reflection at the top of the grain. Stereo- 
graphic analysis of these bands leads to the conclu- 
sion that this grain has undergone crossed pyra- 
midal or {101} slip. 
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Enough stereographic analyses of deformed 
grains in several specimens were performed to es- 
tablish the correlation between irregular bands and 
pyramidal slip and between straight bands and 
basal slip. {101} slip has been observed in single 
crystals above 225°C by Bakarian and Mathewson.’ 
Burke and Hibbard’ reported the operation of pyra- 
midal slip at room temperature when slip is con- 
strained on the basal plane. Chaudhuri et al.” have 
observed irregular slip bands after creep at 500°F 
in very coarse grained magnesium and _ identify 
them with {101} slip. 

A change of character of the nonbasal slip oc- 
currec with increasing temperature. The long wavy 
bands with multiple crossings which are seen in 
specimens taken into tertiary creep at 300°F ap- 
parently undergo a gradual transition to cross 
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Fig. 8—Creep of 1.2 pet Ce alloy at 300°F and 13,000 psi. 
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Fig. 9—1.2 pet Ce alloy after 3 pct creep 


loy after 5 pct creep Fig. 11—1.2 pct Ce alloy after 7 pct creep 


at 300°F and 13,000 psi. Slightly oblique at 300°F and 13,000 psi. Stress axis vertical. at 300°F and 13,000 psi. Slightly oblique 


iMumination. Stress axis vertical. X100. x 100. 


slip” " at 600°F, as shown in Figs. 12, 14, 15, 16, 
and 18. 

As in the case of electrolytic magnesium,’ sharp 
subgrain formation by kinking was observed at 
creep levels of several percent at all temperatures. 
The subgrains in the cerium alloys are localized 
more often at the grain boundaries and as exten- 
sions of boundaries into neighboring grains than in 
electrolytic magnesium. This evidence appears in 
Figs. 13 and 16 to 19. 

An outstanding contrast to the behavior of elec- 
trolytic magnesium is the blocking of the cyclic 


illumination. Stress axis vertical. X250. 


deformation process of grain boundary sliding and 
migration. This inhibition occurs even at high tem- 
perature and low stress where the grain boundary 
deformation was predominant in electrolytic mag- 
nesium. The maximum blocking effect appears to 
occur in the 0.7 pet Ce alloy, as shown in Fig. 19. 
In this micrograph it can be seen that deformation 
which does occur at the grain boundary is rough 
and ragged. This evidence correlates with the max- 
imum creep resistance of the 0.7 pct Ce alloy at 
400°, 500°, and 600°F. 

The blocking of the cyclic deformation suggested 


Fig. 12—1.2 pet Ce alloy after 9 pct creep Fig. 13—6.0 pct Ce alloy after 3.8 pct Fig. 14—1.2 pct Ce alloy after 5 pct creep 
at 300°F and 13,000 psi. Stress axis vertical. creep at 300°F and 18,000 psi. Oblique at 400°F and 11,500 psi. Stress axis vertical. 
illumination. Stress axis vertical. X1000. x 100. 


X 100. X400. 
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Fig. 15—1.2 pet Ce alloy ofter 5 pct creep Fig. 16—1.2 pct Ce alloy after 5 pet creep Fig. 17—6.0 pct Ce alloy after 5.2 pct 
at 500°F and 7,000 psi. Stress axis vertical. at 500°F and 7,000 psi. Stress axis vertical. creep at 500°F and 7,000 psi. Oblique 


illumination. Stress axis vertical. X500. 
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Fig. 18—1.2 pct Ce alloy after 5 pct creep 
at 600°F and 4,000 psi. Stress axis vertical. 
X250. vertical. X100. 


the presence of a peculiarly potent precipitate at the 
grain boundary. Both high magnification light mi- 
croscopy and electron microscopy were employed to 
examine the grain boundaries in the solution heat 
treated and aged condition. Fig. 20, a micrograph 
taken of an electropolished surface of the 0.7 pct 
Ce alloy before testing, reveals a fine line of pre- 
cipitate at the grain boundaries. A 0.7 pct Ce alloy 
specimen was electropolished after creep testing at 
600°F. Fig. 21 shows how growth of the grain 
boundary precipitate has occurred, leaving a wide 
cerium-depleted zone about the boundaries. The 
general precipitate within the grains also has grown 
markedly. The nearly vertical boundary on the left 
is suspected to be a subboundary formed during 
creep because of the angle at which it meets the 
main boundary and the very wide band of precipi- 
tate and depleted zone. The low angle subboundary 
would be expected to have a wider high energy zone 
in which precipitation may proceed than an equi- 
librium high angle boundary. The electron micro- 
graph of the 0.7 pet Ce alloy grain boundaries, Fig. 
23, emphasizes the magnitude of the grain boundary 
precipitate when contrasted with Fig. 22, an elec- 
tron micrograph of an electrolytic magnesium grain 
boundary. The 1.2 pct Ce alloy contains about the 
same amount of boundary precipitate as the 0.7 pct 
Ce alloy. The precipitate at the 6.0 pct Ce alloy 
boundaries is hard to recognize with optical micro- 
scopy, but the electron microscope shows the pres- 
ence of a fine layer. 


Fig. 21—0.7 pct Ce alloy after 4 pct creep Fig. 22—Grain boundary in electrolytic 


at 600°F and 2,500 psi. Repolished electro- 
lytically. X1000. 


magnesium. 
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Fig. 19—0.7 pct Ce alloy after 6.5 pct 
creep at 600°F and 5,000 psi. Stress axis 


Electropolished 
etchant. Electron micrograph. X6000. 


Fig. 20—0.7 pct Ce alloy as electropolished 
before testing. X1000. 


Discussion of Results 


Perhaps the most striking characteristic of the 
creep deformation of the cerium alloys is the block- 
ing of the cyclic process at the grain boundary. The 
boundary migration, which plays such an effective 
part in the creep of electrolytic magnesium, is gen- 
erally absent. Whenever boundary deformation 
occurs, it has the rough broken appearance which is 
seen only at the low temperatures and high creep 
rates for electrolytic magnesium. The blocking of 
the cyclic grain boundary deformation forces other 
processes with higher energy requirements to sup- 
ply the potential for intergranular adjustment. 
These processes are nonbasal slip, rough boundary 
sliding, and intensification of subgrain formation 
near the boundaries. 

The maximum creep resistance of the 0.7 pct Ce 
alloy at 400°F and above has proved the primary 
importance of the precipitation in Mg-Ce alloys. 
The micrographs which show both the dispersion 
of precipitate throughout the grains and its marked 
localization at the grain boundaries substantiate this 
conclusion. Mellor and Ridley” reached similar 
conclusions concerning the primary importance of 
precipitation in Mg-Ce alloys in contributing creep 
resistance at 200°C (392°F) and above. 

There are two possible causes for the deleterious 
effect of large amounts of undissolved intermetallic 
phase at 400°F and above. First, the thermody- 
namic effect of the large particles on the saturation 


Fig. 23—Grain boundary in 0.7 pct Ce alloy. 


plus glycol Electropolished. Electron micrograph. X6000. 
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solubility will interfere locally with the precipita- 
tion of fine particles at the grain boundary. The 
Becker theory of nucleation of precipitates” pre- 
dicts that a large particle will exist or even grow in 
a solution which is thermodynamically undersat- 
urated for a very small particle. Second, in extru- 
sion the obtainable grain size is limited at a fine 
level, thus increasing the total grain boundary area 
available for deformation. 

The effect of the preferred orientation on the 
creep behavior through twinning is an independent 
consideration from the strengthening effect of pre- 
cipitation. The extreme cases for operation of twin- 
ning in tension are when the ideal orientation oc- 
curs (minimum twinning) and when a sharp pre- 
ferred orientation about 90° from the ideal exists 
(maximum twinning). The random orientation 
usually found in fine grained castings would allow 
an amount of twinning between these two ex- 
tremes. The extruded 0.7, 1.2, and 6.0 pct Ce alloys 
exhibit a preferred orientation which allows less 
than the maximum amount of twinning but which 
probably permits more than in the case of randomly 
oriented castings. 

The large primary creep at temperatures below 
about 400°F will be sensitive to the details of the 
angular mean and spread of the preferred orienta- 
tion. As a result, minor variations in casting or fab- 
ricating conditions and size or shape of specimen 
may overshadow the effect of alloy composition on 
creep in this temperature range. In this case the 
preferred orientation rather than the composition 
would generally be regarded as the primary varia- 
ble to be controlled. 

The final statement of the fundamentals of the 
creep resistance of the Mg-Ce alloys at present must 
be limited to the recognition of the presence, char- 
acteristic details, effect, and partial control of i1— 
the peculiarly potent precipitation, and 2—the pre- 
ferred orientation. However, a program already has 
been initiated to examine the basic principles con- 
tributing to these two alloy characteristics. 

A definite correlation has been made between 
nonbasal slip and tertiary creep. This is in harmony 
with the absence of tertiary creep and the concomi- 
tant failure to observe nonbasal slip in the previous 
study of electrolytic magnesium." The nonbasal slip 
bands observed in the cerium alloys are not only 
irregular but also marked in the amount of slip 
which has occurred in them. Similar metallographic 
observations were reported by Hanson” in his dis- 
cussion of the tertiary creep of aluminum. A seem- 
ing paradox is encountered in explaining the con- 
tinuously accelerating creep by the operation of 
high energy slip processes when the decelerating 
primary creep results from the operation of basal 
slip. This difficulty may be resolved by separation 
of the elements of initiation and those of propaga- 
tion of slip on the nonbasal systems. The accelerat- 
ing creep then may be explained by a high energy 
requirement in initiation but a much lower energy 
demand for continuation of slip in a given band. 
This could lead to a slip avalanche of increasing 
intensity much as is predicted by the dislocation 
models of the yield point phenomena.”” 

These characteristics of nonbasal slip and their 
variation with deformation temperature furnish 
one of two potentially useful pieces of evidence 
which this research offers for use in theoretical 
dislocation studies. The second is the operation of 
twinning in conjunction with prior basal slip. As 
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the dislocation theory of deformation twins is de- 
veloped further, this interaction may be understood 
better. 


Conclusions 


1—Cerium confers high creep resistance on mag- 
nesium by an especially potent precipitation hard- 
ening locally at the grain boundaries and also gen- 
erally within the grains. 

2—The primary effect of the grain boundary 
precipitate is the blocking of the cyclic grain bound- 
ary deformation characteristic of unalloyed mag- 
nesium. This forces the operation of subgrain for- 
mation near the boundaries and rough boundary 
sliding to effect intergranular adjustment during 
creep. 

3—The preferred orientation of the extruded Mg- 
Ce alloys allows the operation of deformation twin- 
ning at temperatures up to 500°F. The twinning 
contributes almost exclusively to primary creep. 

4—Tertiary creep in these alloys results prima- 
rily from the operation of nonbasal slip. 
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Solubility of Oxygen in Alpha Iron 


by A. U. Seybolt 


The solubility of oxygen in a iron has been determined in the 
range between 700° and 900°C. The solubility is a function of 
temperature and varies from about 0.008 pct oxygen at 700°C to 
about 0.03 pct at 900°C. The heat of solution is approximately 


+-15,500 cal per mol. 


S pointed out in a recent paper by Kitchener 
et al.,' there has been a lack of agreement among 
many investigators even as to the order of magni- 
tude of the solid solubility of oxygen in the various 
forms of iron. This lack of agreement is attributable 
in large part to the difficulties in the determination 
of a small oxygen solubility; but because the prob- 
lem has remained so long unsettled, it also indicates 
a lack of interest which is rather surprising when 
the demonstrated importance of small amounts of 
soluble nonmetallic impurities in iron is considered. 
The work of Kitchener et al. apparently leaves 
the solubility of oxygen in y iron in a satisfactory 
state, but no attempt was made to investigate the 
solubility in a iron. The solubility of oxygen in a 
iron is actually of greater interest, since it is in this 
form that iron and mild steels are employed ordi- 
narily. That the effect of oxygen in iron is of more 
than theoretical interest has been well established 
by Fast,’ and more recently by Rees and Hopkins,’ 
who demonstrated that oxygen in the range between 
0.0008 and 0.27 wt pct has a pronounced effect upon 
the mechanical properties. 


Previous Work and Methods Used 

To report in detail the literature relating to the 
solubility of oxygen in a iron would require an inor- 
dinate amount of space. For those interested in 
reviewing this work, a bibliography*” of the more 
significant papers is appended. 

In general, two methods of studying this problem 
have been used. One is the gas-metal equilibrium 
method where the H,O-H,-Fe or the CO,-CO-Fe 
equilibria have been used. The other is the more 
direct approach of the oxidation of thin strips of 
pure iron by packing in mill scale or by air or gase- 
ous oxygen at some desired temperature. In this 
method oxygen is allowed to oxidize the surface and 
then to diffuse inward until saturation is obtained. 


A. U. SEYBOLT, Member AIM/:, is associated with the Research 
Laboratory, General Electric Co., Schenectady. 

Discussion on this paper, TP 3726E, may be sent, 2 copies, to 
AIME by Jan. 1, 1955. Manuscript, Nov. 12, 1953. Chicago 
Meeting, November 1954. 
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In the gas-metal equilibrium method the oxygen 
dissolved in solid iron at a given temperature is pro- 
portional to the ratio of the water vapor-hydrogen 
pressures or the CO,-CO pressures over the sample 
for small ratio values. If the ratio becomes higher 
than a critical value, then an oxide phase makes its 
appearance (the solution becomes supersaturated). 
In principle, it is possible to use a series of H,O/H, 
or CO,/CO ratios and to find by analysis the corre- 
sponding amounts of oxygen in solid solution at 
constant temperature. At the point where a very 
small increase in the gas ratio (increase in oxidizing 
powder) produces a large increase in oxygen con- 
tent, the solid solubility limit is reached. Alter- 
nately, if the critical ratio is known, it is possible to 
use the procedure of Kitchener et al.’ and to use a 
ratio which is near but below the critical one. The 
solubility corresponding to this lower ratio will not 
be the saturation solubility at the temperature em- 
ployed, but the saturation solubility can be calcu- 
lated by multiplying the measured solubility by the 
critical ratio over the ratio used. 

However, in the case where oxygen gas is the 
oxidizing medium, the saturation solubility is not a 
function of pressure, providing the pressure exceeds 
the dissociation pressure of FeO in equilibrium with 
iron. This is 1.2x10"* mm at 800°C, according to 
Dushman.“ 

As pointed out by Darken” in discussing the FeO 
phase diagram, most of the possible errors tend to 
yield high values of oxygen solubility. For example, 
one circumstance which evidently caused the report- 
ing of many high values was the use of finely divided 
or powdered iron in the gas equilibrium method. 
Because of the large surface area of such a sample, 
and the likelihood of some surface contamination if 
only by exposure to air, the results tended to be 
high. The direct oxidation method which was used 
in this work has the advantage in that it is simple 
ana direct, but it suffers from one disadvantage: 
equilibrium can only be approached from the low 
oxygen side, The important factors to be kept under 
control are the following: 1—use of high purity iron 
to avoid internal oxidation (oxidation of readily 
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Fig. 1—Solubility of oxygen in a iron. 


oxidized impurities such as aluminum and silicon), 
2—use of good temperature control if solubility is a 
function of temperature, 3——addition of enough oxy- 
gen to insure saturation, 4—the use of sufficiently 
long soaking periods to insure equilibrium, 5— 
availability of a satisfactory method of oxygen 
analysis, and 6—assurance that no surface oxide 
was entrained in the sample sent for analysis or that 
there existed no preferential oxidation along grain 
boundaries. 

Referring to these points in order, the analysis of 
the iron will be indicated. As Kitchener et al.’ have 
shown, the presence of impurities whose oxides are 
readily formed can be a serious error in estimating 
the actual amount of oxygen dissolved in the iron 
lattice. The oxygen diffusing into the iron would 
preferentially form such oxides as Al,O,, etc., and 
on subsequent analysis the apparent solubility would 
be high. If all of the oxygen-avid elements in the 
iron used in this investigation are assumed to be 
present in half the maximum amount reported, then 
about 0.003 pct oxygen could be tied up in this man- 
ner. However, since the actual amount of oxygen 
thus tied up is unknown, it seems best to plot the 
oxygen contents found. The only satisfactory solu- 
tion to the internal oxidation problem is to use as 
pure an iron as possible. 

In regard to temperature control, although cali- 
brated thermocouples were not used, several chro- 
mel-alumel couples were used during the investiga- 
tion, and the temperature was checked frequently 
with a second couple which agreed with the temper- 
ature set on the potentiometer controller to within 
5°C. In addition, some later experiments were per- 
formed using noble metal couples, and the data from 
these agreed with some earlier duplicate runs using 
base metal couples. The accuracy of temperature 
control was probably + 5°C. 


Table |. Spectrographic Analysis in Weight Percent 
of the Metallic Impurities 


Al <0.001 Mn <0.001 
As <6001 (not detected) | Mo <0.001 
Ca <0.001 Ni <0 03-0.003 
Cu <0.0001-0.00001 | Sn <0.001 
Hg <0.001 (not detected) Ti <0.001 
Mg <0.003-@.0003 Vv <0.001 
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In every case, enough oxygen was added to insure 
the existence of an FeO film on the sample after the 
saturation run was over. Such a film is of course 
necessary to be certain of saturation, assuming that 
the saturation time was sufficiently long. 

The criterion of oxygen saturation was the secur- 
ing of the same oxygen analysis on samples which 
had been treated for different periods of time. At 
least two samples were used for each temperature 
of saturation, and ordinarily one sample was ex- 
posed for twice the length of time as the other. 
However, if one day of soaking with an oxide film 
sufficed at 700°C, for example, it seemed obvious 
that one day was enough for any higher temperature 
for a sample of equal thickness. 


Cc 
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Fig. 2—Solubility of oxygen in a iron. 


All samples were analyzed by the familiar vacuum 
fusion method, whose accuracy was conservatively 
+ 0.002 wt pct oxygen. Great care was taken to 
clean off the sample surface before analysis. The 
iron samples were acid pickled prior to submission 
for analysis, and the analyst cleaned them again just 
before insertion into the vacuum system. Micro- 
scopic examination on numerous samples failed to 
show any structural abnormalities which would 
vitiate the results, such as obvious oxygen penetra- 
tion along grain boundaries. 

Finally, the reproducibility of the solubility re- 
sults at the temperatures used and the ability to 
rationalize the results according to thermodynamic 
principles indicate that the values reported repre- 
sent a real solubility of oxygen in a iron and not 
some extraneous oxygen, such as surface oxide or 
mechanically entrapped oxide. 


Materials and Experimental Procedure 


The iron was obtained from the National Research 
Corp., and was identified as NRC-58. It was high 
purity vacuum-melted iron of carbonyl origin. Re- 
ceived as 3 in. diameter ingot, it was induction 
heated to 930° to 970°C for 5 min in air and 
quenched in water to refine the grain. It was then 
machined to 2.40 in. diameter, heated to 900° to 
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950°C for 1 to 2 hr in argon and extruded to % in. 
diameter rod. At this stage it was sandblasted and 
cold-swaged to 0.475 in. diameter, and centerless 
ground to 0.465 in. diameter. The next processing 
was a 1 hr vacuum anneal at 800°C followed by cold 
rolling with no anneals to 0.020 in. thick strip about 
¥% in. wide. Saturation samples consisted of 4x2 in. 
lengths of thin strip pickled in 30 pct HNO, to 
remove 0.001 in. from each side in case any impurity 
had become rolled into the surface. Hence, the final 
saturation strips were about 0.018 in. thick, and 
weighed about 2 grams. 

The following nonmetallic impurities were re- 
ported by the supplier: C, 0.0013 pct; O, 0.0058; N, 
0.000047. Two additional vacuum fusion oxygen 
analyses performed by different operators using dif- 
ferent equipment were 0.005 and 0.007 wt pct, thus 
checking the suppliers’ value within the usual ex- 
perimental error. These last two analyses were per- 
formed on samples of the 0.020 in. thick rolled strip. 
A spectrographic analysis in weight percent of the 
metallic impurities is given in Table I. 

The oxygen gas added to the hot strip samples 
was generated from the decomposition of chemically 
pure MnO., and was passed through a long drying 
tube of anhydrous magnesium perchlorate before 
admitting it to the system. All samples were satu- 
rated with oxygen in a gas absorption (Sievert’s) 
apparatus, described in a previous paper.” 

The procedure was simply to hang the strip speci- 
mens from a small hole in one end by means of a 
Pt-10 pet Rh wire so that the specimens were sus- 
pended in the center of the uniform hot zone of an 
evacuated, vertical, fused silica reaction tube. After 
the desired temperature had been reached, as much 
as 2 to 3 cu cm of oxygen gas was added to the 
system depending upon the temperature level. It 
became apparent early in the investigation that the 
solubility was greater at higher temperatures. In 
each instance, the amount of oxygen added was from 
twice to many times the amount of oxygen actually 
required for saturation. The initially high pressure 
on adding the oxygen usually fell to the neighbor- 
hood of 30 microns in about 10 min, but thereafter 
tended to rise somewhat, possibly indicating the 
formation of a small amount of CO from the carbon 
impurity in the iron. After about 30 min, pressure 
conditions were stabilized, the residual gas was 
pumped out, and the sample chamber thereafter was 
pumped continuously until the end of the run. The 
pressure during most of the run was usually less 
than one micron. After carefully cleaning off the 
surface oxide coating, the samples were analyzed by 
the vacuum fusion method. The results are shown 
in Table II. 


Table !!. Oxygen Saturation Values at Different Temperatures 


Temperature. Soaking Specimen Oxygen Analysis, 

°c Time Ne. Wt Pet 
900 20 hr 50 0.026 
24 hr 29 0.030 
24 hr 68 9.028 
2 days 67 0.030 
850 20 hr 45 0.023 
24 hr 16 0.021 
2 days 18 0.024 
800 24 hr 30 0.018 
30 hr 33 9.017 
2 days 73 0.021 
770 21 hr 47 0.013 
29 hr 71 0.012 
700 24 hr 23 0.008 
3 days 24 0.009 


Fig. 3—Original iron as vacuum annealed 
at 850°C. | pct nital etch. X1000. Area 
reduced approximately 50 pct for repro- 
duction. 


Fig. 4—Iron containing 0.028 pct oxygen as 
quenched from 900°C. 1 pct nital etch. 
X1000. Area reduced approximately 50 pct 
for reproduction. 


Fig. 5—Iron containing 0.021 pct oxygen 
slowly cooled from 850° to 600°C. 1 pct 
nital etch. X1000. Area reduced approxi- 
mately 50 pct for reproduction. 


Experimental Results 


The data of Table II could be rationalized by the 
well known Van’t Hoff equation in the form 
InN = — AH/RT + C. Since the solubilities are 
very low, it is not necessary to use mol fraction or 
atomic percent oxygen (N), but it is possible to 
plot the logarithm of weight percent oxygen vs 1/T; 
see Fig. 1. Since a straight line is obtained (within 
the experimental error), the above equation is ap- 
parently obeyed in the range between 700° and 
900°C. The heat of solution of oxygen in a iron, 
AH, is about + 15,500 cal per mol. 

Fig. 2 shows the data plotted in the usual manner 
in which the points shown are the experimental 
data, but the curve is drawn from the line shown in 
Fig. 1. Hence, the curve in ¢ig. 2 shows normalized 
or corrected values of the oxygen solubility at each 
ternperature. 

Effect of Oxygen on Lattice Parameter of a Iron: 
Because the maximum solubility of oxygen in a iron 
is so small, it was not expected that it would be 
possible to show a significant change in the lattice 
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parameter due to dissolved oxygen. However, this 
was attempted using a geiger counter spectrometer 
which had yielded parameters accurate to +0.0002A 
in some other work. The original iron as vacuum 
annealed had a parameter of 2.8662 +0.0003A. Iron 
containing 0.030 pct oxygen (practically saturated) 
had a parameter of 2.8656 +0.0005A. These values 
are identical within the experimental error, hence 
no significant lattice expansion can be reported. If 
the original value is minimized and the oxygen alloy 
parameter is maximized, an expansion of 0.0002A is 
obtained. It is quite possible that this is about the 
actual expansion which takes place. A lattice expan- 
sion of this magnitude could perhaps be measured 
by refined precision techniques. 

Metallography of FeO Alloys: Fig. 3 shows the 
typical microstructure of the high purity iron as 
vacuum annealed in the high a region. The actual 
treatment for this sample was 2 hr at 850°C. A few 
inclusions may be seen, which are probably mostly 
oxides of higher free energy than FeO. 

Fig. 4 shows a sample containing close to the max- 
imum amount of oxygen in solid solution, 0.028 pct, 
which has been quenched from 900°C. The appear- 
ance is essentially identical to the previous iron to 
which no oxygen has been added. 

Slow cooling in the high a region allows precipi- 
tation of FeO to occur as can be seen in Fig. 5, which 
shows the structure of an alloy containing 0.021 pct 
oxygen which was slowly cooled in the region 850° 
to 600°C. However, the nucleation of the FeO pre- 
cipitate appears to be rather difficult, particularly at 
temperatures near 600° to 700°C or below. One 
sample containing 0.03 pct oxygen was held at 700°C 
for 2% days without showing any evidence of 
precipitation. 

This whole question of the precipitation of FeO 
from both the a solid solution and the y solid solu- 


tion (where the solubility is quite low according to 
Kitchener et al.') is being given continued study. It 
is expected that a separate report on this subject 
will be forthcoming at a later date. 

Iron-Oxygen Partial Phase Diagram: Combining 
the findings reported here with those of Kitchener 
et al., the approximate phase diagram shown in Fig. 
6 is obtained. The chief uncertainty is the precise 
temperature location of the reaction horizontal. This 
line obviously must be above 910°C, the transforma- 
tion temperature of pure iron, and it is probably not 
higher than 925°C judging from the microstructures 
of alloys treated at this temperature level. 


Summary and Conclusions 


The solubility of oxygen in high purity a iron has 
been determined in the range between 700° and 
900°C. Because the data were quite reproducible 
and could be rationalized by the Van’t Hoff equa- 
tion, it would appear that they are probably nearly 
correct, and certainly of the right order of magni- 
tude. However, the absolute accuracy is probably 
no better than about +0.003 pct oxygen. A similar 
investigation on iron of much higher purity might 
yield values somewhat lower because of less internal 
oxidation, as discussed earlier. 
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In the March 1954 issue: TP 3702E. Constitution and Mechanical Properties of Titanium-Hydrogen Alloys by 
G. A. Lenning, C. M. Craighead, and R. I. Jaffee. On p. 372, Figs. 15 and 16b have been transposed. Fig. 15 is 


Fig. 16b and Fig. 16b is Fig. 15. 
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HE performance of welded structures is closely 
associated with the ductile-to-brittle transition 
temperature of the steel from which they are made.’ 
A low transition temperature is desirable because 
it indicates that the steel is less likely to fail sud- 
denly at low ambient temperatures. Structures such 
as bridges, ships, storage tanks, and pipelines are 
usually made from hot rolled semikilled steel. 
Changes in rolling practice or chemical composition 
appear to be the most practical methods for improv- 
ing the toughness of such materials. This results 
from the fact that production is likely to be seriously 
curtailed if improvements were obtained by recourse 
to heat treatment or complete deoxidation. 

This paper discusses the effect of variations in 
carbon and manganese contents on the properties 
of semikilled steels. The transition temperature, a 
property to which considerable importance is at- 
tached, varies with specimen configuration, testing 
method, and criterion of performance. Both the Navy 
tear test’ and the keyhole Charpy test were used in 
the investigation. According to the terms used by 
Vanderbeck and Gensamer,’ the tear test was used 
to measure a fracture transition and the Charpy test 
to measure a ductility transition. In either case the 
specimens absorb considerably less breaking energy 
in tests below the transition temperature than in 
tests above the transition temperature. 

Decreasing the testing temperature of notched-bar 
specimens seems to be equivalent in its effect to in- 
creasing the severity of loading on fabricated struc- 
tures. Therefore, structures built from steels exhibit- 
ing lower transition temperatures in laboratory tests 
are expected to be less susceptible to sudden brittle 
fractures in service. Consequently, changes in com- 
position which lowered the transition temperature 
of the experimental steels were judged desirable. 


Materials and Methods 


The steels for this study were made in a labora- 
tory induction furnace and rolled to % in. plate, 
using a finishing temperature of 1850°F. Precautions 
taken to insure reproducible melting and testing 
practices are discussed in detail elsewhere.‘ All tests 
were made on hot rolled steels. 

The analyses of the experimental steels are given 
in Table I. The list includes steels with manganese 
contents ranging from 0.21 to 1.46 pct, at each of 
five carbon levels. The phosphorus, silicon, sulphur, 
and nitrogen contents of the steels are reasonably 
constant. 
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sion Chief and Assistant Division Chief, respectively, Battelle 
Memorial Institute, Columbus, Ohio. 

Discussion on this paper, TP 3733E, may be sent, 2 copies, to 
AIME by Jan. 1, 1955. Manuscript, Oct. 9, 1953. Chicago Meeting, 
November 1954. 
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The Influence of Carbon and Manganese on The 


Properties of Semikilled Hot Rolled Steel 


by F. W. Boulger and R. H. Frazier 


Table |. Chemical Analysis of Semikilled Steels 
Made in the Laboratory 


Composition, Pct 


Heat 
No.* Mn/C c Mn P N 
7448 1.35 0.17 0.23 0.015 0.021 0.04 0.004 
6539 2.73 0.15 0.41 0.017 0.027 0.02 0.004 
5.43 0.14 0.76 0.011 0.023 0.07 0.004 
7517 8.20 0.15 1.23 0.016 0.021 0.07 0.004 
6590 1.16 0.19 0.22 0.015 0.026 0.05 0.003 
7532 2.37 0.19 0.45 0.015 0.031 0.03 0.004 
B 3.80 0.20 0.76 0.015 0.023 0.05 0.004 
7518 5.06 0.19 0.96 0.017 0.028 0.04 0.004 
6554 5.17 0.18 0.93 0.016 0.017 0.11 0.005 
7516 5.89 0.18 1.06 0.016 0.025 0.08 0.004 
7.30 0.20 1.46 0.015 0.022 0.06 0.004 
6589 0.92 0.25 0.23 0.016 0.024 0.08 0.004 
A 2.09 0.22 0.46 0.014 0.024 0.05 0.004 
6547 3.95 0.21 0.83 0.015 0.028 0.05 0.004 
6598 5.29 0.24 1.27 0.016 0.026 0.07 0.004 
7519 6.23 0.21 1.31 0.017 0.025 0.07 0.005 
7520 0.78 0.27 0.21 0.014 0.027 0.02 0.004 
7521 1.65 0.26 0.43 0.015 0.029 0.02 0.003 
7522 2.36 0.28 0.66 0.016 0.025 0.03 0.004 
7533 3.84 0.26 1.00 0.016 0.030 0.03 0.003 
7527 0.78 0.31 0.21 0.016 0.027 0.03 0.004 
6596 1.44 0.34 0.49 0.015 0.023 0.06 0.003 
6597 2.50 0.32 0.80 0.017 0.024 0.06 0.004 
7525 2.84 0.31 0.88 0.016 0.025 0.04 0.004 
7524 4.48 0.31 1.39 0.018 0.026 0.03 0.005 


* Data for A steel are averages for eight heats, and data for B 
steel are averages for seven heats. 


The tensile and notched-bar properties of the ex- 
perimental steels are presented in Table II. Both 
upper and lower yield points are listed, and all 
values are averages for duplicate specimens. 

Transition temperatures based on three criteria 
are given. The keyhole Charpy transition tempera- 
tures are the temperatures at which the energy- 
temperature curves based on averages of four speci- 
mens cross the 20 and 12 ft-lb levels. Both defini- 
tions of Charpy transition temperatures have been 
used by other investigators. Charpy tests were made 
at intervals of 10°F, using a pendulum with an 
available striking energy of 220 ft-lb and a velocity 
of 18.1 ft per sec. The specimens were oriented 
parallel to the rolling direction and notched normal 
to the surface of the plates. The tear test transition 
temperatures are based on the usual’ criterion of the 
highest temperature at which at least one of four 
specimens exhibits brittle behavior. 

The dimensions of the tear test specimens are 
shown in Fig. 1. The specimen is loaded eccentrically 
in tension, with pin and shackle fixtures, through 
the large holes while submerged in a liquid bath at 
the proper temperature. A specimen developing a 
fracture area with less than 50 pct shear or ductile 
texture is classed as brittle. Tear tests were made 
at intervals of 10°F. 
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Effect of Carbon and Manganese on Tensile Properties 


Since the carbon and manganese contents were 
varied independently, the steels cover a range in 
tensile strengths. The influence of these two elements 
on tensile properties is shown by the equations in 
Table III. The equations were obtained by multiple 
correlation analyses on the steels representing the 
25 compositions listed in Table I. The relative effects 
of carbon and manganese can be summarized as 
shown in Table IV. The data show that, pound for 
pound, carbon raises the ultimate strength of steel 
about eight times as much as manganese. The effect 
on reducing the elongation values is even more pro- 
nounced. The tensile-elongation values of these hot 
rolled steels were lowered by increases in either 
carbon or manganese. For equal increases in strength, 


however, the loss in elongation values was about 
three-fourths as large when manganese was used as 
the strengthening element. On the other hand, carbon 
is only about five times as effective as manganese 
in raising the yield strength; hence, raising the man- 
ganese level of mild steels increases the ratio of 
yield strength to tensile strength. 

The equations in Table III were cbtained by cor- 
relation analysis of data obtained on semikilled 
steels made in the laboratory and hot rolled to % in. 
plate with a finishing temperature of 1850°F. How- 
ever, the equations give calculated properties in 
good agreement with those reported by Quest and 
Washburn’ for commercial steels. 


Effect of Manganese and Carbon on Tear Test 
Properties 

Table II shows that the composition of the steels 
influenced the maximum load and the energy re- 
quired to start and to propagate fracture in tear 
tests at temperatures 10°F above the transition tem- 
perature. Kahn has shown that the maximum load 
and the energy required to start the fracture are 
practically unaffected by the mode of fracture over 
a wide range in temperature.” 

The data on these laboratory steels indicate that 
the energy required to start a fracture in the tear 
test decreases with increasing carbon content for 
steels with the same manganese content. On the 
other hand, the energy associated with crack initia- 
tion increased with manganese, though this change 
was less marked and less consistent. Thus, combin- 
ing the individual effects of carbon and manganese 
is equivalent to showing a beneficial effect of higher 
Mn-C ratios in raising the energy required to start 
a failure. This should not be confused with the in- 
fluence, which will be discussed later, of the effect 
of manganese on the transition temperature where 
the mode of fracture changes from ductile to brittle. 


Tensile Properties! 


Elongation Vield Strength, Psi Tensile 
in In., - Strength, 
Heat Neo.** Pet Upper Lower Psi 


7448 35.0 33,300 28,700 50,700 
6539 30.5 31,850 30,750 53,300 
6586 28.5 33,000 32,000 54,400 
7517 29.5 37,150 36,000 61,400 
6590 30.5 33,100 $1,450 55,100 
7532 32.5 31,700 31,450 56,100 
B 28.0 36,350 35,350 62,250 
7518 33.0 36,200 35,350 61,700 
6554 29.5 38,550 37,100 64,900 
7516 31.5 36,200 34,700 59,600 
6599 24.5 43,850 43,400 72,400 
6589 29.5 34,050 32,800 58,400 
A 28.0 37,000 35,200 61,900 
6547 26.5 36,900 36,000 65,400 
6598 23.0 42,900 42,200 74,200 
7519 29.0 37,700 37,000 64,200 
7520 29.0 34,250 32,000 58,600 
7521 30.0 36,450 33,900 62,300 
7522 25.5 38,450 36,950 68,500 
7533 27.5 41,900 39,250 73,600 
7527 30.0 34,650 33,800 63,000 
6596 21.0 41,300 38,600 72,900 
6597 24.5 40,900 40,100 75,100 
7525 27.0 40,500 40,100 76,300 
7524 26.5 45,800 45.450 80,800 


Table II. Properties of Semikilled Steels Made in the Laboratory* 


* Compositions are given in Table I, tests made on % in. hot rolled plates. 


Tear Test Properties** 


Tran- Charpy Proper- 
Energy Energy to sition tiestt Transition 
Maximum te Start Propagate Tempera- Temperature, °F 
Load, Fracture Fracture, ture, 
Lb. Ft-Lb Ft-Lb or 12 Ft-Lb 20 Ft-Lb 


500 950 670 50 +4 +21 
35,650 930 60 1 +18 
38,500 1270 1130 40 35 24 
42,570 1180 30 44 32 
34,100 840 740 90 +15 +26 
36,900 870 770 70 6 +12 
39,500 870 750 73 28 15 
40,100 960 820 50 33 21 
40,900 890 800 70 54 ~—45 
40,800 1220 840 40 54 - 38 
46,800 970 850 60 50 — 38 
35,200 820 670 100 +4 +36 
37,000 780 660 75 +3 +14 
39,200 760 730 80 36 27 
45,500 950 830 70 76 60 
43,600 980 810 50 “4 29 
35,000 670 710 90 +46 + 67 

800 720 710 100 +15 +50 
37,800 600 560 90 2 +22 
43,200 950 830 70 29 ~—9 
35,700 640 120 +57 + 90 
36,500 520 570 120 +29 +75 
41,000 $40 610 90 +5 +19 
43,800 670 540 90 6 +16 
47,300 740 660 100 37 


** Data for steels A and B are averages for eight and seven heats, respectively. 


*' Tensile data are averages for duplicate specimens. 


*? Tear test values are for four specimens tested 10°F above transition temperature. Four Charpy keyhole specimens were tested at 


each temperature of interest. 
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Table Ill. Equations for Calculating the Effects of Carbon 
and Manganese on the Properties of Hot Rolled, Semikilled Steels 


23,000 + (39,200x petC) + 


1500 psi 
(39,800 x pet C) + 


1—Upper Yield Strength, psi 
(7,200 x pet Mn) 
Standard Error of Estimate 
2-—-Lower Yield Strength, psi = 20,700 + 
(8,400 x pct Mn) 
Standard Error of Estimate = 1300 psi 


3—Tensile Strength, psi 30,800 + (104,000 x pet C) + 
(13,000 x pet Mn) 
Standard Error of Estimate 2200 psi 
4-—Elongation in 8 in., pct 38.2 (32.6 x pet C) 
Standard Error of Estimate = 2.4 pct elongation 
5—-Maximum Load in Tear Test, Ib 29,000 + (13,800xpetC) + 
(9,820 x pct Mn) 
Standard Error of Estimate = 900 Ib 


(3.2 x pet Mn) 


6—Tear Test Transition Temperature, "F = 17 + (330x pet C) 
(23 x pct Mn) 
Standard Error of Estimate = 10°F 
7—Keyhole Charpy Transition Temperature, °F K* 19 + 
(349 x pet C) (74 x pet Mn) 
(For 20 ft-lb level) Standard Error of Estimate 10°F 
8--Keyhole Charpy Transition Temperature, * F 15 + 
(225 x pet C) (68 x pct Mn) 


(For 12 ft-lb level) Standard Error of Estimate 12°F 


* Values of K are given in Table VI, or can be taken from the 
two curves in Fig. 6. 


If all steels deformed the same amount up to the 
point of maximum load in the tear test, then the 
energy used in starting a crack would depend only 
on the maximum load. This appears to be approxi- 
mately true. The nominal stress at maximum load 
in the tear test is less than the ultimate strength in 
tension because of the notch and eccentric loading 
characteristic of the test method. The sensitivity to 
these two stress-concentrating factors is influenced 
by strength and by composition, as shown in Fig. 2. 

Fig. 2 is based on tensile strengths measured at 
room temperature and maximum loads measured in 
tear tests 10°F above the transition temperature. 
This difference in testing temperatures is unimpor- 
tant because the maximum load in a tear test is 
almost independent of mode of fracture, or tempera- 
ture in the range covered. Fig. 2 shows that increas- 
ing the carbon content by 0.05 pct increased the 
strength reduction factor by 0.17. For this discussion 
the strength-reduction factor is considered to be the 
nominal strength in tensile tests at room tempera- 
ture divided by the nominal strength in tear tests 
made 10°F above the transition temperature. This 
can also be deduced from the equations in Table III. 
Large variations in manganese content among steels 


Table IV. Relative Effects of Carbon and Manganese 


Relative Effect 


Property c Mn 


Lower yield strength 4.7 
Upper yield strength +5.4 
Ultimate tensile strength + 8.0 
Elongation in 8 in. 02 


at the same carbon level had comparatively little 
effect on the strength-reduction factor. However, 
manganese tended to decrease the sensitivity to the 
notch and eccentric loading. 

The data for these hot rolled steels indicate that 
greater notch sensitivity is not a necessary conse- 
quence of increased strength. The equations in 
Table III show that manganese raised the notched 
strength in the tear test about half as much as it 
raised the tensile strength. This contrasts with car- 
bon, which raised the notched strength only one- 
tenth as much as it did the ultimate strength. The 
disparate effects of carbon and manganese on the 
strength of tear test specimens may result from their 
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Fig. 2—Influence of carbon on the strength reduction factor result- 
ing from the notch and eccentric loading in the tear test. 


effects on notched ductility. In this regard, Ripling’ 
concluded that the strength of notched tensile bars 
depends on their ductility as evidenced by contrac- 
tion in area, a point which was not investigated in 
the current studies. However, it should be empha- 
sized that tear test specimens show at least 10 pct 
contraction in area at the root of the notch when 
tested at the temperature separating fractures which 
have predominantly shear textures from those with 
predominantly cleavage textures. This is true for 
specimens showing either type of fracture. Tem- 
peratures about 100°F below those of current in- 
terest are necessary to produce tear test fractures 
with no measurable deformation at the base of the 
notch. 

The equations in Table III also show the influence 
of carbon and manganese on the transition tempera- 
ture in tear tests. Manganese lowers the transition 
temperature in addition to improving the notched 
strength at temperatures above the transition tem- 
perature. Carbon, on the other hand, raises the 
transition temperature. This harmful effect of car- 


| 


Mongonese Carbon Rote 
Fig. 3—Influence of Mn-C ratio on the tear test transition tem- 
perature of semikilled steels. 
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Fig. 4—1Influence of Mn-C ratio on the 12 ft-lb keyhole Charpy 
transition temperature of semikilled steel. 


bon would seem to reflect its potent influence on 
notch sensitivity. 

The equations indicate that carbon and manganese 
have independent effects on tear test transition tem- 
peratures. Within the range of carbon contents 
studied, incieasing the manganese content by 0.20 
pet lowered the tear test transition temperature ap- 
proximately 4.6°F. Nevertheless, it is convenient to 
compare steels with equal strengths on the basis of 
their Mn-C ratios. Fig. 3 shows that steels with 
higher Mn-C ratios have lower transition tempera- 
tures in tear tests. The improvement amounted to 


about 30°F, for steels of similar strengths, when the 
Mn-C ratio increased from two to five. 

The graphs also show a range of about 25°F in 
transition temperatures for steels with the same 
Mn-C ratio, but with tensile strengths varying from 


53,000 to 76,500 psi. With equal Mn-C ratios, the 
stronger steels have poorer transition temperatures 
in the tear test, despite their higher manganese con- 
tents. This results from the fact that the accom- 
panying increase in carbon overcomes the beneficial 
effect of manganese in the stronger steels. 

Fig. 3 indicates that increasing the Mn-C ratio 
from two to four, for steels of equal strengths, cor- 
responds to an improvement in tear test transition 
temperature of approximately 20°F. These Mn-C 
ratios are typical of those for ABS class A and class 
B ship plate, respectively. 


Effect of Manganese and Carbon on Charpy Properties 


Since the carbon and manganese contents were 
varied independently, the experimental steels cover 


50,000 60,000 pw 
60,100. 64,000 
64,500. 80,000 ps: 


Mongonese (arbor Roto 


Fig. 5—Influence of Mn-C ratio on the 20 ft-lb keyhole Charpy 
transition temperature of semikilled steel. 
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a range in tensile strength. Table V shows that 
strengthening hot rolled steels of this kind by in- 
creasing the carbon content lowered the room tem- 
perature Charpy value. On the other hand, raising 
the manganese content at a constant carbon level 
raised the Charpy values of specimens tested above 
the transition temperature. These observations 
agree with the conclusions of Rinebolt and Harris* 
from their studies on killed steels. They reported 
that carbon changes the shape of the temperature- 
energy curves in Charpy tests, while the principal 
effect of manganese is to increase the energy values 
of ductile specimens. 

Figs. 4 and 5 show the influence of the Mn-C 
ratio on the Charpy transition temperatures of the 
experimental steels. Unlike the tear test data in 
Fig. 3, these charts indicate that the Charpy transi- 
tion temperature is relatively independent of tensile 
strength in the range from 50,000 to 80,000 psi. 
Steels with the higher Mn-C ratios usually have 
lower Charpy transition temperatures, regardless of 
their strength. The fact that stronger steels do not 
necessarily have inferior Charpy properties has also 
been noted in tests on heat-treated steels tempered 
at various temperatures.” 

Barr and Honeyman” were among the first to 
attach importance to the Mn-C ratio as a factor 
affecting the notched-bar properties of steel. Their 
data indicated the benefits of higher Mn-C ratios, 
but were too few to establish the independent effects 
of manganese and carbon on Charpy transition tem- 
peratures. This could be done in the present in- 
vestigation because the larger number of experi- 
mental heats covered a wider range in composition 
and tensile strength. 

Carbon raises and manganese lowers the transi- 
tion temperature of notched bars and the elements 
seem to act independently. The separate effects of 
carbon and manganese on the Charpy transition 
temperatures of semikilled laboratory steels are 
shown by the equations in Table III. Combining 
Eqs. 3, 7, and 8 indicates that replacing carbon with 
manganese while maintaining the same strength 
should 1—lower the 20 ft-lb transition temperature 
11°F, and 2—lower the 12 ft-lb transition tempera- 
ture 8°F for each 0.01 pct C replaced. The improved 
toughness results from the combined benefits of 
adding manganese and of removing carbon. Such 
changes in composition alter the Mn-C ratio by 
amounts which depend on the original analysis of 
the steel. The change in the Mn-C ratio accompany- 
ing the replacement of carbon with manganese is 
more noticeable at low carbon or high manganese 
levels. This accounts for the curvilinear relation- 
ship between the Mn-C ratios and the transition 
temperatures in Figs. 4 and 5. The Mn-C ratio does 
not seem to have any intrinsic importance, although 
it is a convenient device for distinguishing between 
steels of comparable strengths. 

Fig. 6 illustrates an important point concerning 
the beneficial effects of manganese. The effect of 
this element in lowering the 20 ft-lb Charpy transi- 
tion temperature decreases appreciably at higher 
levels. The chart is based on data for the experi- 
mental steels corrected to 0.23 pct C. The points 
show moving averages* for groups of five steels after 


° The moving average isa a device for « obtaining : a series of figures 
which represent the general trend of data better than individual 
observations, because fluctuations in the individual readings are 
averaged out in the calculations. The process can be illustrated for 
hypothetical observations forming the series 2, 6, 4, 7, 8, 6, 9; the 
corresponding moving averages for groups of three are 4.0, 5.7, 6.3, 
7.0, and 7.7. 


TRANSACTIONS AIME 


Strangin 
© 60,100-64,000 
| * 60,500-€0,000 ps 
| go 
Maongorese Cordon Roto 
OC 
« a 
| 
| 
R | 
e~ | a 
| 


Table V. Keyhole Charpy Values in Foot-Pounds of Hot Rolled, 
Semikilled Steels, Differing in Carbon or Manganese Contents, 
Tested at 75° to 80°F." 


C Content, Pet 
Mn Content, - - 
Pet 0.14-0.17 0.18-0.20 0.21-0.25 0.26-0.28 0.31-0.34 


* Most of the values quoted are averages for four specimens. 
+ These values are averages for eight or more specimens. 


10 
T | 

Note: All dato corrected to correspond to o steel contoining 

0.23 % carbon 


4 


the data were arranged in order of manganese con- 
tent. These values differ enough from a straight 
line to justify inclusion of the factor K in Eq. 7 of 
Table III. Suitable values of K for calculating 
transition temperatures of steels with different 
manganese contents are given in Table VI. The 
change in transition temperature for each unit of 
manganese using the other two criteria also becomes 
less pronounced at high manganese levels. The 
effect is less marked, however, so little would be 
gained by using more complicated equations for 
expressing the influence of manganese on the tear 
test or 12 ft-lb Charpy transition temperatures. 

The standard errors of estimate of Eqs. 5, 7, and 
8 are small compared to the precision of notched- 
bar data. This suggests that transition temperatures 
of the experimental steels can be estimated almost 
as well by calculations as by experiments. 


Agreement Between Calculated and Experimental 
Transition Temperatures 

The regression equations for estimating the tear 
test transition temperature and the Charpy 20 ft-lb 
transition temperature from carbon and manganese 
analyses were tested both on the laboratory steels 
and on a series of commercial steels. Fig. 7 is a 
correlation plot of the experimental and calculated 
transition temperatures for the 25 laboratory steels. 
The amount of scatter is normal and all values but 
one (98 pct) fall within the limits of twice the 
standard errors of estimate. 

Table VII compares calculated transition temper- 
atures for 25 commercial steels with actual data ob- 
tained by Kahn” and Battelle Memorial Institute. 
For about two-thirds of the materials, the experi- 
mental and calculated values agree within twice the 
standard errors of estimate given in Table III. This 
is much poorer agreement than for the steels made 
and rolled under controlled conditions in the labora- 
tory. Most of the calculated temperatures are lower 
than the transition temperatures determined experi- 
mentally. This is invariably true for the materials 
giving the poorest correlations. 

Apparently, for the same composition, commercial 
steels are likely to have slightly higher transition 


Table Vi. Values for K in Eq. 7 of Table Ill, Showing the Effect 
of Manganese on the 20 Ft-Lb Charpy Transition Temperature. 


Mn, Pet K, °F Mn, Pet K, °F 
0.20 6 0.90 8 
0.30 3 1.00 -5 
0.40 1 1.10 2 
0.50 1 1.20 +2 
0.60 3 1.30 +5 
0.70 6 1.40 +8 
0.80 8 1.50 +12 
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Fig. 6—Influence of manganese on the Charpy transition tempera- 

ture of semikilled steels. 
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Fig. 7—Correlation of actual and calculated transition tempera- 
tures of experimental steels. 
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pet Ma alloy. 


pct Mn alloy. 


b—0.31 pct C-1.39 


c—0.19 pet C-0.22 
pet Mn alloy. 


ship-plate steels. X100. 


temperatures than the laboratory steels made and 
processed in this investigation. This is probably an 
effect of rolling temperature. The laboratory steels 
on which the equations are based were rolled at 
1850°F, while some of the commercial steels were 
probably finished at higher temperatures. It has 
been demonstrated previously’ that increasing the 
temperature of the last rolling pass raises notched- 
bar transition temperatures. Increasing the finish- 
ing temperature 100°F raises the transition tem- 
perature in tear tests about 20°F. The same increase 
in finishing temperature raises the Charpy transition 
temperature about 5°F for steels containing 0.22 pct 
C and 0.50 pet Mn, and 10°F for steels containing 0.18 
pet C and 0.76 pet Mn. If appropriate corrections 
are made to the calculated temperatures on the 
assumption that most of the commercial steels were 
rolled at 1950°F, the agreement is better than indi- 
cated by data in Table VII. 


Relationships Among Carbon, Manganese, Grain 
Size, and Notched-Bar Properties 

Various investigators have shown that heat treat- 
ments which refine the ferritic grain size of a par- 
ticular semikilled steel improve its notched-bar 
properties.“”" The available information indicates 
that the Charpy transition temperature decreases 
approximately 25°F when the number of grains per 
unit volume of steel is doubled. This change in 
grain size corresponds to an increase of one number 
on the ASTM scale. On the other hand, it has also 
been demonstrated that semikilled steels with the 
same ferritic grain size can differ significantly in 
notched-bar properties. There is also some evidence‘ 
indicating that a relationship exists between the 
prior austenitic grain size of ship steels and their 
transition temperatures. 
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Fig. 8—Effect of manganese and carbon on the McQuaid-Ehn grain size of experimental 


d—0.15 pet C-1.23 
pct Mn alloy. 


For these reasons it seemed desirable to measure 
the grain size of the experimental steels. Therefore, 
McQuaid-Ehn tests and ferrite grain counts were 
made on each steel with the results shown in Table 
VII. 

The grain counts show the average number of 
ferrite grains per 0.0001 sq in. of steel. For steels 
with equal amounts of ferrite, larger numbers in- 
dicate smaller ferrite grain sizes. Although it would 
be expected that increasing the manganese content 
would decrease the amount of ferrite, Table VIII 
indicates that the grain counts were independent of 
the manganese contents of these experimental steels. 
Therefore, manganese must have refined the ferritic 
grain size of these steels. 

Table VIII also indicates that the number of fer- 
rite grains per 0.0001 sq in. usually increased with 
carbon content. Since the total amount of ferrite 
decreased as the carbon content increased from 0.15 
to 0.34 pct, the increase in carbon was obviously 
accompanied by a decrease in size of the ferrite 


j j 


2 5 4 60 120 
aST™ Grom Sue 
Fig. 9—Poor correlation between austenitic or ferritic grain sizes 
and Charpy transition temperatures. 
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Table Vil. Transition Temperatures of Commercial Semikilled 
% in. Ship Plate 


20 Ft-Lb 


Tear Test Keyhole Charpy 
Transition Transition 
Compeo- Tempera- Tempera- 
sition, Pet ture, °F ture, °F 

Plate Caleu- Caleu- 

Cede c Mn Actual lated* Actual lated* 
G-3 0.25 0.42 1 90 — _ 
0.25 0.49 70 89 +10 +31 
c 0.25 0.51 135 88 +15 + 30 
8-7 0.21 0.49 120 75 +17 +17 
S-6 0.20 0.55 100 71 +14 +8 
s-9 0.18 0.50 80 65 +10 +6 
S-10 0.19 0.54 90 68 0 +6 
8-11 0.20 0.55 90 71 + 36 +8 
S-8 0.14 0.46 90 53 +22 4 
58x428 0.33 0.55 130 1l4 +43 +55 
5779 0.25 0.44 80 91 +20 + 36 
Average 0.22 0.50 99 80 +19 +19 
G-6 0.18 0.96 50 55 ~ _ 
S-2 0.17 0.60 110 60 +7 7 
S-21 0.22 0.81 70 71 5 10 
S-23 0.20 0.75 100 66 +12 12 
s-1 0.17 0.66 100 58 +19 13 
S-13 0.17 0.68 90 58 1 16 
S-22 0.19 0.77 100 62 +8 17 
S-20 0.18 0.73 80 60 +1 16 
S-19 0.19 0.78 80 62 +10 18 
S-18 0.17 0.73 100 57 8 20 
B 0.16 0.76 60 53 4 27 
8-5 0.17 0.90 70 53 35 
50x426 0.21 0.78 80 69 24 12 
1046 0.20 0.77 50 66 28 —14 
Average 0.18 0.76 81 60 3 -17 


* These transition temperatures were calculated according to the 
equations in Table III. 


grains. Therefore, it appears that the influence of 
carbon on ferritic grain size tends to minimize its 
harmful effect on notched bar toughness. 

The grain counts indicate that the ferritic grain 
sizes of the experimental steels ranged less than one 
number on the ASTM scale. This would also be true 
if the counts were corrected for the pearlite con- 
tents of the steels. Previous data‘ indicate that 
such a change in grain size would correspond to a 
shift of about 25°F in Charpy transition tempera- 
ture. Therefore, very little of the 150°F range in 
transition temperature of these steels could be 
caused by variations in ferritic grain size. 

Fig. 9 shows that the correlation between ferrite 
grain count data and Charpy transition temperature 
is very poor. Apparently, the minor differences in 
grain sizes of these steels were too small to have 
any marked effect on transition temperature. The 
rolling practice, which was the same for all steels, 
apparently controlled the ferritic grain size in these 
experiments. 


Table Vill. Grain Size Data for 34 In. Laboratory Steels Differing 
in Carbon and Manganese Contents 


Carbon, Pet 
Manganese, 
Pet O.14-0.17 0.18-0.20 6.21-0.25 0.26-0.28 0.31-0.34 

ASTM Grain Size* 

0.20-0.25 3.5 3 3.3 2.3 2.3 

0.40-0.50 2.8 2 3.5 2.3 2.5 

0.65-0.85 3.5 2.5 3.0 13 1.3 

0.86-1.05 2.3 15 1.3 

1.06-1.25 18 1.8 — 

1.26-1.50 - 1.5 14t 15 
Ferrite Grains per 0.0001 Sq In. 

0.20-0.25 66 80 93 9 87 

0.40-0.50 77 69 93 90 112 

0.65-0.85 78 86 86 77 113 

0.86-1.05 98 91 

1.06-1.25 93 76 —_ ~ -- 

1.26-1.50 831 88 


* Measured after McQuaid-Ehn tests involving carburizing for 8 
hr at 1700°F. 
+t Averages for more than one steel. 
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The McQuaid-Ehn data show that all steels were 
coarse grained after carburizing for 8 hr at 1700°F. 
This indicates that all experimental steels had a 
coarse austenitic grain size during hot rolling at 
1850°F. Both carbon and manganese influenced the 
austenitic grain size developed in the standard car- 
burizing test. Table VIII shows that increasing the 
amount of either element while holding the other at 
a constant level resulted in coarser austenite grains. 
These effects on the carburized grain size are illus- 
trated by the micrographs in Fig. 8. The mechanism 
of this effect on grain size is obscure, although in- 
creasing either manganese or carbon would be ex- 
pected to decrease the oxygen level of steel. It is 
well known, of course, that manganese lowers the 
grain coarsening temperature of aluminum-free 
steels, but the effect of carbon was not anticipated. 
Fig. 9 also shows the poor correlation found be- 
tween austenitic grain sizes and Charpy transition 
temperatures. The variations in austenite grain 
sizes were much larger than those noted in ferrite 
grain counts. This resulted from the grain coarsen- 
ing produced in the McQuaid-Ehn tests, attributable 
to higher carbon or manganese contents. Although 
both elements coarsened the austenite, only carbon 
raised the Charpy transition temperature. Hence, 
the poor correlation. 
Summary 


Semikilled steels covering a range from 0.14 to 
0.34 pet C and from 0.20 to 1.50 pet Mn were made 
and rolled in the laboratory. The effects of these 
elements on grain size, tensile properties, and 
notched-bar properties were evaluated. The follow- 
ing conclusions seem justified from the data ex- 
amined. 

Carbon raised and manganese lowered the transi- 
tion temperature of semikilled steels. The effects of 
a particular change in composition differ quantita- 
tively with the criterion used to define the notched- 
bar transition temperature. The transition tempera- 
ture of semikilled steels in notched-bar tests can be 
improved by decreasing the carbon content. Man- 
ganese can be used to replace carbon in order to 
maintain the desired tensile strength. For equal 
strengths, steels with higher Mn-C ratios have bet- 
ter notched-bar properties. 

Equations derived by multiple correlation of the 
experimental data provide satisfactory predictions 
of changes in strengths and notched-bar properties 
resulting from differences in manganese and carbon 
contents. The agreement between calculated and 
experimental values for semikilled steels is im- 
proved by taking rolling temperatures into consid- 
eration. 

The McQuaid-Ehn grain size of semikilled steels 
increases significantly with increases in either car- 
bon or manganese contents. 

Carbon and manganese tend to refine the ferritic 
grain size of semikilled steels hot rolled at 1850°F, 
but these effects on notched-bar properties were 
not large enough to be important in this study. 

No correlation was found between the notched- 
bar transition temperatures and either austenitic or 
ferritic grain sizes of the hot rolled steels studied. 
This does not mean that grain size has no effect on 
notched-bar toughness. 
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Impact Transition Temperatures of Some Pearlite-Free Mild Steels 


As Affected by Heat Treatments in the Alpha Range 


by Ake Josefsson 


The transition temperatures of 0.01 to 0.02 pct carbon steels are 


shown to be strongly influenced by cooling rate in the a range, 
quenching from A, causing a very low transition temperature even 
after strain aging. In a titanium-stabilized steel and in a steel 


RMAL mild structural steels usually show a 

structure of more or less pure ferrite, as a 
matrix, in which cementite grains or pearlite are 
embedded. Of these components, ferrite is by far 
the most interesting one as far as ductility and brittle 
(cleavage) fracture are concerned. Obviously, pear- 
lite and carbide are by no means necessary for a 
cleavage crack to nucleate and grow in the ferrite, 
as steels with a very low carbon content (Armco 
iron with 0.02 pct C) have an impact transition tem- 
perature just as high as semikilled steels with 0.26 
pet C.’ Although it has been argued that a very em- 
brittling effect is to be expected from cementite, 
precipitated as continuous films along the ferrite 
grain boundaries," * the micrographic evidence for a 
direct causal connection between the brittleness and 


A. JOSEFSSON is Assistant to the Director of Research, Stora 
Kopparbergs Bergslags Aktiebolag, Domnarvet, Sweden. 
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with 0.05 pct C this effect is absent. 


these films does not seem to be very convincing. On 
the other hand, it has been stated that cementite 
particles in ferrite are able to stop ferrite cracks.“ ° 
In any case, the properties of the ferrite itself seem 
to be of overwhelming importance to the ductility 
of steels, justifying a thorough study of steels con- 
sisting of ferrite of different compositions, but prin- 
cipally free from pearlite, which means a carbon 
content below 0.02 pct. 

Such investigations have been carried out using 
the impact transition temperature as a criterion of 
the tendency to brittle fracture and have given some 
rather unexpected results. One result is the pro- 
found influence of carbon on the transition tem- 
perature of the steel in normalized condition. If the 
carbon content is reduced from 0.02 to 0.015 pct and 
below, a nearly discontinuous decrease in transition 
temperature appears even with high percentages of 
such elements as phosphorus and nitrogen present. 
This will be reported elsewhere.’ The present paper 
deals with another effect of carbon upon transition 
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temperature, namely, the influence that heat treat- 
ments in the a range have been found to exert in 
steels with carbon contents around 0.02 pct. It is 
known from previous studies that in ordinary low 
carbon steels a slow cooling from the y range causes 
a coarse grained ferrite-pearlite structure with inter- 
spersed small carbide particles and a very high 
transition temperature.” * In that case, however, both 
grain size and carbon distribution are affected by 
the variation in cooling rate, and the lower transi- 
tion temperature in the quenched steel generally has 
been ascribed to the smaller grain size. In order to 
isolate the influence of carbon distribution upon 
transition temperature, grain size has to be kept 
constant. An investigation by Allen et al.’ includes 
a comparison of the transition temperature of high 
purity FeC alloys, furnace-cooled from 950°C to 
room temperature, in one case directly after this 
treatment, in the other after an additional reheating 
to 700°C and water quenching. The latter treatment 
was shown to decrease the transition temperature 
for steels with carbon contents between 0.005 and 
0.020 pct by a substantial amount, whereas for 0.04 
and 0.11 pct C this additional quenching treatment 
caused a slight rise in transition temperature; this 
was believed to be due to, in the first case, a re- 
moval of the grain boundary carbides and, in the 
second, a slight thickening of these carbides. 

Apart from this paper the subject does not seem 
to have been dealt with in the literature. 


Composition and Origin of Steels Tested 


Contrary to what has been the case in the work 
mentioned above,” the materials in the present in- 
vestigation are not especially pure. Some of them 
are taken from ordinary production and others have 
been melted in a high frequency vacuum furnace 
(capable of 2 mm Hg). The content of residual 
metallic elements was rather low in all steels: Cu, 
traces; Cr and Ni, nil; Co, traces; but otherwise the 
percentages of impurities may be considered as rep- 
resentative for commercial mild steels. All steels de- 
rive originally from the same kind of basic bessemer 
pig iron produced at Domnarvet. Table I gives the 
compositions. 


Table |. Analyses of Steels Tested 


8, N, Ti, 
Pet Pet Pet Pet 


Steel A is an aluminum-killed, low carbon basic 
bessemer steel; B is a rimming, low carbon, electric 
arc furnace steel, low in nitrogen; C, D, F, and G 
are melted in a laboratory, high frequency, vacuum 
furnace, C and D without any deoxidizing additions, 
F and G with aluminum and titanium, respectively. 
added in the furnace; E is an oxy gen-blown rimming 
steel. The ingots (of which A, B, and E weighed 
about 2 tons; C, 40 kg; D, F, and G, 15 kg) were 
rolled to 15x200 mm (A and E), 15 mm square (B 
and C), or forged to this dimension (D, F, and G). 

A detailed report of the investigation of steel G 
and other titanium-stabilized steels is given else- 
where." 
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Fig. 1—Absorbed energy transition curves for steel A after different 
heat treatments. 


Heat Treatments 


First all steels were given an austenitizing treat- 
ment in order to create defined conditions for the 
ferrite formation. The grain size and other char- 
acteristics inherent from the y-a transition in this 
way were kept constant as far as possible within a 
certain series. The specimens then were cooled in 
different ways through the a range, the factor varied 
was the temperature from which quenching was 
performed. Further, specimens, previously quenched 
from 700°C, were aged artificially or reheated to 
different temperatures up to 600°C. 

All heat treatments were carried out on sections 
15x15 mm in electrically heated muffle furnaces. 
Unless otherwise specified, the time at temperature 
was 15 min. 

Particulars regarding the heat treatments are 
given in connection with the results, Tables II, III, 
and IV. 
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Fig. 2—Absorbed energy transition curves for steel B after different 
heat treatments. 
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Fig. 3—Transition temperature for steel A, as a function of 
quenching temperature. 


Testing Methods 


After the various heat treatments, impact testing 
at different temperatures was carried out and the 
absorbed energies plotted against temperature, giv- 
ing transition curves. An ordinary Charpy pendulum 
with a capacity of 15 kg-m and 10x10 mm Charpy 
bars with standard keyhole notch were used. Par- 
ticular attention was paid to the strained and aged 
condition, but in many cases unstrained material 
was tested, too. Straining was performed in a tensile 
testing machine to 10 pct elongation; the yield 
strength, evaluated as the stress at the lower yield 
point, was obtained at the same time. When no yield 
point occurred, which was the case in the steels F 
and G, the yield strength was evaluated from the 
stress-strain curve as the stress at 0.2 pct permanent 
strain. In a few cases strain hardening was insuf- 
ficient to allow a uniform elongation of 10 pct before 
local contraction occurred. Stretching was then re- 
placed by drawing through a die giving 10 pct area 
reduction. For artificial aging the strained speci- 
mens afterwards were heated to 200°C for 6 hr. 

Microscopical examination included evaluation of 
the ferrite grain size using the Jernkontoret scale 
(JKM)* and a study of the occurrence of grain 

* An estimate of the qusvenpenting ABTS grain size number may 


be obtained by subtracting the JKM grain size number from 17; 
JKM 10 ASTM 7. 


boundary carbides and precipitates. The nature of 
the brittle fracture, furthermore, was observed on 
sections through the nickel-plated fracture surfaces 
of Charpy bars. 

Results 


Influence of Quenching Temperature upon Impact 
Transition Temperature: Quenching from different 
temperatures within the a range was carried out 
only on the two steels A and B, and the resulting 
transition temperatures, as well as grain sizes and 
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yield point values, are compiled in Table II. Exam- 
ples of the complete transition curves are given in 
Figs. 1 and 2. The curves are generally rather steep 
in the critical interval, and the transition tempera- 
tures comparatively well defined. They are dis- 
placed toward higher temperatures by strain aging; 
the shifts show some variations and are generally 
greater in series 2 than in series 1, but both the non- 
aged and the strain-aged transition temperatures are 
affected in the same way by the heat treatments. 
The series 1, 2, and 3 all show that quenching from 
above 600°C gives very much lower transition tem- 
peratures than quenching from some temperature 
below 600°C. The change is confined to a relatively 
small temperature range around 600°C, as can be 
seen from Fig. 3, in which the transition tempera- 
tures of steel A are plotted against quenching tem- 
perature. There is no significant difference between 
series 1, in which furnace cooling from 950°C was 
interrupted at the quenching temperature, and series 
2, where all specimens were furnace cooled from 
1050°C down to room temperature and then re- 
heated to the quenching temperatures. 

After quenching treatments giving low transition 
temperatures, the yield strength values are gener- 
ally somewhat higher than after quenching from the 
lower temperatures. 


Table II. Influence of Quenching Temperature upon Transition 
Temperature and Yield Strength in Pearlite-Free Steels A and B 


Transition 
Temperature 
Yield 
Grain Strength, Un- Strained 
Size, Kg per strained, and aged, 
Heat Treatment Sq Mm °c °c 


Series 1. Steel A, Furnace 
Cooled at a Rate of 100°C per 
Hr from 950°C toe: 

675°C, brine quenched 

650°C, brine quenched 

625°C, brine quenched 

600°C, brine quenched 

550°C, brine quenched 

350°C, brine quenched 

Room temperature 


Soges 


Series 2%. Steel A, Furnace 
Cooled from 1050° te Reom 
Temperature at a Rate of 25°C 
per Hr, then Reheated to: 
800°C per 4 hr, brine quenched 
750°C per 4 hr, brine quenched 


700°C per 4 hr, 
600°C per 4 hr, 
550°C per 4 hr, 
500°C per 4 hr, 
400°C per 4 hr, 


brine quenched 
brine quenched 
brine quenched 
brine quenched 
brine quenched 


2egenes 


Series 3. Steel B, Furnace 
Cooled at a Rate of 100°C per 
Hr from 950°C to: 
700°C, brine quenched, aged 
at 100° for 3 days 12 218 35 
600°C, brine quenched, aged 
at 100° for 3 days 12 22.3 45 
565°C, brine quenched, aged 
at 100° for 3 days 12 19.3 +20 + 60 
535°C, brine quenched, aged 
at 100° for 3 days 12 17.8 + 60 
500°C, brine quenched, aged 
at 100° for 3 days 
Room temperature 12% 16.2 


Varied Cooling Rates from the 
Austenite Range (for Compari- 
son): 
Steel A, cooled in air from 
950°C 10% 222 +15 
Steel A, quenched in brine 
from 950°C 9's 36.2 60 45 
Steel A, furnace cooled from 
1050° to room temperature 
at a rate of 100°C per hr, 
aged 200°C per 24 hr 12 16.9 +45 
Stee! B, cooled in air from 
950°C 10% 19.5 30 +30 


* Strained by drawing through a die. 
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> 
11 
11 
11 
11 
ll" 18.7 +10 + 50 
11 192 +35 
24.9 
26.4 
23.4 
23.5 
11% 20.8 
ll 20.4 + 
11% 19.3 
| 


As will be shown further on, aging at room tem- 
perature has an appreciable effect upon the transi- 
tion temperature after quenching. This may be the 
reason for the discrepancies displayed in the right 
part of Fig. 3, as the time elapsed between quench- 
ing and testing varied, probably between one and 
three weeks. In series 3, an overaging treatment 
(100°C for 3 days) was given after quenching in 
order to avoid variations due to different aging time. 

The last part of Table II gives results representing 
different conditions for the y-a transition, which are 
included for comparison. The transition temperatures 
obtained by quenching steel A from 950°C is not 
lower than those of the first treatment in series 2, 
although the grain size is much smaller. 

Influence of Aging, after a Quench from 700°C, 
upon Impact Transition Temperatures: At tempera- 
tures around A,, carbon was taken into solid solu- 
tion, and by quenching from these temperatures the 
steels rendered capable of quench aging. The effect 
of aging at different temperatures on the two steels 
A and B was investigated and the results are shown 
in Table III. In most cases only strain-aged speci- 
mens were tested. For steel A, aging at room tem- 
perature raises the yield strength as well as the 
transition temperatures. On aging at +100° the 
transition temperature is at first slightly raised, then 
lowered again, obviously reflecting an overaging 
process, which also appears in the yield strength 
values. Aging at 200°C for one day which, too, may 
be characterized as overaging, gives a transition 
temperature of —85°C, which is the lowest value 
obtained by any treatment, after straining and 
aging. Reheating to still higher temperatures caused 
the transition temperature to rise successively, see 
Fig. 4. Steel B raises its transition temperature 
slightly when aged at room temperature; this effect 
is prevented by prior aging at 100°C for 3 days. 

A comparison of oil quench and brine quench 


Table IIl. Effect of Aging after Quenching from 700°C upon 
Transition Temperature and Yield Strength in Pearlite-free 
Steels A and B 


Transition 
Temperature 
Yield 


Grain Strength, Un- Strained 
Aging or Heat Treatment Size, Kg per strained, and aged, 
After Quenching from 700°C JKM Sq Mm Cc °c 


Steel A 
Aged at room temperature 
for 6 hr 
Aged at room temperature 
for 5 days 
Aged at room temperature 
for 120 days 
Aged at 100°C for 6 hr 
Aged at 100°C for 24 hr 
Aged at 100°C for 96 hr 
Aged at 100°C for 384 hr 
Aged at 200°C for 24 hr 
Reheated to 300°C for 24 hr 
Reheated to 500°C for 1 hr 
Reheated to 500°C for 24 hr 
Reheated to 600°C for 4 hr 
Reheated to 650°C for 4 hr 
(Reheating in all cases fol- 
lowed by furnace cooling 
25°C per hr) 
Steel B 
Aged at room temperature 
for 2% hr 
Aged at room temperature 
for 39 days 
Aged at room temperature 
for 120 days 
Aged at 100°C for 3 days 
then at room temperature 
for 120 days 
Steel A 
(Oil quenched) aged at 100°C 


+i! | ! it 
& 


for 3 days 
(Brine quenched) aged at 
100°C for 3 days 
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100 20 400 SO 
& 4 4 HOURS 
REHEATING TEMPERATURE AND -TIME 

Fig. 4—Transition temperature for steel A, brine quenched from 
700°C and reheated to different temperatures, as a function of 
reheating temperature. 


from 700°C is shown at the bottom of the table. The 
former gives the lowest transition temperature. 
Consequently, a complete undercooling is not essen- 
tial, and may not even be desirable, for attaining the 
very low transition temperatures. 

Transition Temperatures after Quenching and 
Furnace Cooling, Respectively, as Affected by Steel 
Composition: Table IV shows how some variations, 
mainly in carbon and nitrogen content, affect the 
possibilities of achieving low transition tempera- 
tures by quenching from 700°C. All results refer 
to the strain-aged condition. In some cases two dif- 
ferent preliminary treatments in the austenite 
range were included in order to give an idea of the 
influence of varying grain size. 

Nitrogen, even as high as 0.015 pct, is no obstacle 
for the lowering of transition temperature by 
quenching; this may be done in oil or in brine with 
about the same effect (compare steel C and D with 
steel B). If carbon is raised to 0.05 pct, there is no 
significant change in transition temperature by 
quenching in oil, neither in the fine grained (JKM 
9%) nor in the coarse grained (JKM 11) condition. 
If nitrogen is fixed as aluminum nitride and carbon 
reduced to 0.002 pct (steel F), alternatively fixed as 
titanium carbide (steel G), the transition tempera- 
tures are not affected by the rate of cooling from 
700°C. It may be noted, however, that these transi- 
tion temperatures, which may be considered as rep- 
resentative of a nonaging ferrite, are appreciably 
higher than, for instance, those of steel C after 
quenching. Steel D, with only 0.006 pct C, does not 
obtain as low transition temperatures after quench- 
ing as did steel C, which has 0.015 pct C. 

Broadly speaking, the differences in yield strength 
between furnace cooled and quenched specimens 
parallel the corresponding shifts in transition tem- 
peratures, being high for the steels B and C and al- 
most absent for the steels F and G. Steel E, how- 
ever, shows an increase in yield strength of the 
same order as steel B, in spite of the absence of the 
transition temperature shift. 
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Fig. 5—Steel A. Furnace cooled from Fig. 6—Steel B. Furnace cooled from 950° Fig. 7—Steel £. Normalized at 920°C, 
700°C, strained and aged. Etched in hot to 535°C, brine quenched, aged at 100°C reheated to 700°C for 4 hr, oil quenched, 
sodium picrate. Grain boundary cementite. for 3 days, strained, and aged. Etched in aged 100°C for 3 days, strained, and aged. 
X200. Area reduced approximately 50 pct hot sodium picrate. Grain boundary ce- Etched in hot sodium picrate. Grain 
for reproduction. 


mentite (indicated by arrows) and slag in- boundary cementite and slag inclusions 


clusions. X200. Area reduced approxi- (round dots). X500. Area reduced ap- 


Yield Point Appearance: The character of the 
stress-strain curves obtained on straining 10 pct 
showed no remarkable variations between speci- 
mens quenched from 700°C and those that were fur- 
nace cooled from the same temperature. In both 
cases a yield point and a yield elongation appeared, 
except in steels F and G. In steel F only a very 
faint yield point could be detected in the furnace 
cooled specimens, and the quenched ones had com- 
pletely smooth stress-strain curves. Steel G showed 
only the smooth curves, regardless of heat treat- 
ment. The arrangements for recording the stress- 
strain curve, however, were not very good; the 
specimens were clamped between jaws in the cross- 
heads of the testing machine without special care 
being taken to attain exactly axial loading, and the 
strain was measured as the displacement of the 
movable crosshead. 

Microscopical Observations: After furnace cooling 
from 700°C, specimens of the steels A, B, and D 
showed grain boundary cementite, generally re- 


mately 50 pct for reproduction. 


proximately 50 pct for reproduction. 


stricted to some of the grain boundary corners. Fig. 
5 shows this for steel A. Cementite also appeared in 
steels A and B quenched from lower temperatures 
than 600°C, which may be seen from Fig. 6. Its 
presence, consequently, seems to follow the higher 
transition temperatures. In steel E with the higher 
carbon content of 0.05 pct, grain boundary cementite 
was present after quenching from 700°C. In this 
case, however, it was less massive and had the ap- 
pearance of isolated, relatively thick particles, dis- 
tributed along the grain boundaries, see Fig. 7, note 
the higher magnification. 

Steel C had rather few particles of normal grain 
boundary cementite after furnace cooling, but in- 
stead comparatively large platelike precipitates lo- 
cated, for the most part, close to the grain bounda- 
ries, see Fig. 8. These are thought to be a nitride or 
a carbonitride.’ The absence of these precipitates in 
steel D, after furnace cooling, may be related to the 
difference in carbon and/or manganese content be- 
tween these two steels. 


Analysis, Pet Grain 


Preliminary Heat Size, 
Steel c N Treatment 
B 0.02 0.002 Air cooled from 920°C, reheated 
to 700°C for 4 hr 11 
Furnace cooled from 1100°C, re- 
heated to 700°C for 4 hr 14 
Cc 0.015 0.013 Furnace cooled 950° to 700°C 11 
D 0.006 0.015 Furnace cooled 950° to 700°C 12 
E 0.05 0.002 Normalized 920°C, reheated to 
700°C for 4 hr 9, 
Furnace cooled from 1100°C, re- 
heated to 700° for 4 hr 11 
F 0.002 0.003t Normalized 950°C, reheated to 
700°C for 4 hr 15 
Furnace cooled from 1100°C, re- 
heated to 700° for 4 hr 12-15 
G 0.013% 0.007t As forged, reheated to 700°C for ai 
r 10/ 


Furnace cooled from 1050°C, re- 
heated to 700°C for 1 hr 15 


Table !V. Transition Temperatures (As Strain-Aged) and Yield Strength of Some Low Carbon Steels after 
Furnace Cooling and Quenching, Respectively, from 700°C 


Rate of Cooling from 700°C* 


In Furnace, 


(100°C per Hr) Oil Quench Brine Quench 
Yield Trans. Yield Trans. ‘Yield Trans. 
Strength, Temp. Strength, Temp. Strength, Temp. 
Kg per (Strain- Kg per (Strain- Kg per (Strain- 
Sq Mm Aged),°C SqMm Aged), °C Sq Mm Aged), °C 
18.5 +50 25.7 - 30 
13.9 +100 21.8 10 
21.6 + 60 28.9 50 32.1 40 
21.6 +70 22. 10 22.0 20 
21.9 +25 27.1 +30 
18.5 +7 27.3 +60 
12.5 20 12.9 20 
112 30 11.3 30 
15 13.4 —10 
10.7 +20 13.8 +15 


*In addition to the treatments specified above, all specimens were aged at 100°C for 72 hr before straining and aging at 200°C. 


t Soluble aluminum, 0.10 pet. 
t Ti, 0.27 pet; Al, 0.07 pet. 
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Fig. 8—Steel C. Furnace cooled from 
950°C to room temperature. Etched in 4 
pet picral for 15 sec and 1 pet nital for 
60 sec. Precipitates of two kinds (the 
coarser disks may correspond to Fe,N, the 
finer ones to the transition phase quoted 
by Dijkstra).” X750. Area reduced approx- 
imately 50 pct for reproduction. 


In addition, both steels C and D contained a rather 
dense precipitate of small platelike particles within 
the ferrite grains, which are thought to be nitrides 
or carbonitrides. In steel D a subboundary network 
occurred consisting of such particles, see Fig. 9. In 
the other steels slow cooling from 700°C did not 
develop any visible precipitates within the ferrite 


grains. 


As might be expected neither steel F nor steel G 
contained any cemenite even after furnace cooling. 
In steel G (titanium stabilized) yellow angular 
particles, probably titanium carbonitrides, could be 
seen. They showed no relation to the grain bound- 


aries. 


Aging treatments did not alter the microstructure 


of the furnace cooled steels. 


After quenching in brine from 700°C, grain 
boundary cementite disappeared completely in all 
steels except in steel E, nor were any precipitated 
particles visible in the ferrite. After etching, how- 
ever, the surface of the ferrite in the steels A to E 
generally appeared “rough” in a very fine pattern, 
Fig. 10. This was not observed in the furnace cooled 


‘tea! 
Fig. 11—Steel D. Furnace cooled from 
950° to 700°C, brine quenched, and aged 
at 100°C for 3 days. Etched in 4 pct picral 
for 30 sec and | pct nital for 60 sec. Pre- 
cipitates of varying density. X1500. Area 
reduced approximately 50 pct for reproduc- 
tion. 
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Fig. 9—Steel D. Furnace cooled from 
950°C to room temperature, aged at 
100°C for 3 days. Etched in 4 pct picral 
for 30 sec and | pct nital for 60 sec. Pre- 
cipitates in the ferrite (fine disks, of the 
same kinds as in Fig. 8) and grain boundary 
cementite. X1500. Area reduced approxi- 
mately 50 pct for reproduction. 


Fig. 10—Steel A. Furnace cooled from 950° 
to 700°C, brine quenched. Etched in 4 pct 
picral for 30 sec and | pct nital for 60 
sec. Ferrite with rough surface. X1500. 
Area reduced approximately 50 pct for re- 
production. 


specimens. If the furnace cooling from 700°C was 
interrupted at 500°C and foliowed by quenching (in 
steels A and B), roughness could appear in some 
areas but was generally weaker or absent. 

Aging at 100°C after brine quenching from 700°C 
gave a fine, dense precipitate. 
somewhat in the various steels, but also from grain 


Particle size varied 


to grain in the same specimen, see Fig. 11. In steels 


A and B, however, the same treatment gave a much 
finer precipitate. 

Oil quenching from 700°C caused precipitates to 
occur within the ferrite grains even without any 
artificial aging. This may be seen in Fig. 12 and 


seems to strengthen the belief that the roughness of 


the ferrite after brine quenching from 700°C is due 


to some submicroscopical precipitate formed mo- 


% 


Fig. 12—Steel A. Oil quenched from 700°C, 
no aging. Etched in 4 pct picral for 30 sec 
and 1 pct nital for 60 sec. Precipitates 
formed during quenching. X1500. Areo re- 
duced approximately 50 pct for reproduc- 
tion. 


mentarily during the quenching, since this must be 
the way in which the precipitate in Fig. 12 has been 
formed. See also Fig. 13 of steel C, where the pre- 
cipitates are comparatively large and grain bound- 
ary particles (cementite?) are developing simulta- 
neously; along the grain boundaries there is a zone 
almost free of precipitates. 


Fiy. 13—Steel C. Furnace cooled from 
950°C to 700°C, oil quenched, no aging. 
Etched in 4 pct picral for 30 sec and | pet 
HNO, for 60 sec. Precipitates formed dur- 
ing quenching. X1500. Area reduced ap- 
proximately 50 pct for reproduction. 
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Fig. 14—Steel A. Brine quenched from Fig. 15—Steel A. Brine quenched from Fig. 16—Steel A. Brine quenched from 


700°C, reheated to 300°C for 24 hr, 
strained and aged. Etched in 4 pct picral 
for 30 sec and | pct nital for 60 sec. Pre- 
cipitates within the grains and along the 
grain boundaries. X1500. Area re‘uced ap- 
proximately 50 pct for reproduction. 


When carbon is very low, as in steel F, both pre- 
cipitates and roughness are absent, even after an oil 
quench. 

After quenching from 700°C and reheating to 
200°C for 24 hr, steel A showed a very fine pre- 
cipitate similar to that in Fig. 12 but less dense. If 
the reheating temperature was raised to 300°C, the 
precipitate coarsened a little, and further small dots 
appeared along the grain boundaries, Fig. 14. In 
specimens reheated to 500°C, the precipitate within 
the grains had disappeared, whereas the grain 
boundary particles were more numerous, see Fig. 15. 
Still higher reheating temperatures caused these 
particles to grow a little and to assume the character 
of rounded, isolated grains, see Fig. 16. The grain 
boundary particles are supposed to be cementite. 
The difference between the carbides in this photo- 
graph and those in Fig. 5 may be emphasized; note 
the different magnifications. 

The microscopical examination of sections of the 
nickel-plated fracture surfaces revealed that the 
brittle fracture in all cases occurred by cleavage. No 
intercrystalline cracks were observed. The appear- 
ance of the fracture did not vary in any detectable 
way when heat treatment was changed. 

Discussion 

At a first glance, the variations in transition tem- 
perature following changes in cooling rate through 
the ferrite range seem to be related to the grain 
boundary cementite, the presence of this constituent 
causing high transition temperatures. This relation 
has been advocated by Gérrissen* and by Allen et al." 
First, it may be emphasized that the mechanism of 
this embrittlement cannot be the simple weakening 
or embrittling of the grain boundaries that is pos- 
tulated in many quarters, since the brittle fracture 
has always been found to be transcrystalline for the 
furnace cooled specimens. More likely is the ex- 
planation of Allen et al." that a first stage of plastic 
deformation precéding fracture may cause micro- 
cracks in carbide films, leading to triaxial stresses in 
the surrounding ferrite and thus facilitating frac- 
ture. Carbide present as fine globules is assumed to 
be less damaging. 

There are, however, several reasons to doubt that 
this mechanism is the cause of the phenomena re- 
lated above. At least, it alone cannot be responsible: 
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700°C, reheated to 500°C for 24 hr, 
strained and aged. Etched in hot sodium 
picrate. Cementite particles along the 
grain boundaries. X1000. Area reduced ap- 
proximately 50 pct for reproduction. 


700°C, reheated to 650°C for 4 hr, strained 
and aged. Etched in hot sodium picrate. 
Cementite particles along the grain bound- 
aries. X1000. Area reduced approximately 
50 pct for reproduction. 


1—In Fig. 7, the carbides of steel E do not have 
the appearance of films but are rather massive, and 
still the transition temperature is high. The same 
is true for steel A, quenched and reheated to 650°C, 
Fig. 16. On the other hand, the carbides of Fig. 16 
do not differ very much from those of Fig. 15, and 
still the shift in the corresponding transition tem- 
peratures amounts to 60°C. 

2—Examination of sections through the nickel- 
plated fracture surfaces of broken Charpy bars has 
not given any example of cleavage cracks starting 
from carbide cracks, whereas in some cases stopping 
up of such cracks against a carbide has been ob- 
served. 

3—The complete elimination of grain boundary 
carbide that has been made in steel G does not bring 
down the transition temperature to the low values 
obtained in steel A after quenching from 700°C and 
artificial aging. 

On the other hand, the factor responsible for the 
shift in transition temperature must be the change 
in the distribution of carbon effected by quenching 
from 700°C, since this shift occurs irrespective of 
deoxidation and nitrogen fixation, but only in steels 
containing a certain amount of carbon. The fact 
that lower transition temperatures have been ob- 
tained in the carbon-containing steels than in the 
carbon-free ones signifies that carbon, in the proper 
distribution, actively promotes ductility. This dis- 
tribution is probably a very fine precipitate evenly 
dispersed in the ferrite grains. Presumably it is not 
the precipitate visible in the microscope after arti- 
ficial aging, because low transition temperatures are 
obtained also when such preciptate is absent. Fur- 
ther, a precipitate with the same appearance may be 
seen also after quenching from 500°C and artificial 
aging, giving high transition temperatures. 

The behavior of steel E, however, does not fit this 
picture and seems to be an indication toward the di- 
rect influence from the grain boundary carbide. But 
it is also possible that the presence of grain bound- 
ary carbide at the moment of quenching is sufficient 
to suppress or modify the submicroscopic precipitate 
enough to make it unsuitable for the role it may be 
supposed to play for the ductility. We know that, at 
furnace cooling, carbon gathers in grain boundary 
cementite particles leaving no precipitates within 
the grains; those in Figs. 8 and 9 are due to nitrogen. 
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As to the mechanism by which such a precipitate 
could act, the experiments were not carried far 
enough to justify any definite conclusions. The ex- 
planation is complicated by the mechanism for 
brittle fracture, which is still obscure. Some hints 
at the lines along which the solution may be found 
may, however, be of some interest: 

1—The precipitate may create additional sources 
of dislocations, whereby slip is favored (although no 
difference is perceptible in slow straining, for ex- 
ample, in tensile testing), so that the steel can start 
to flow more readily when loaded in impact, and the 
maximal normal stress be restricted to a lower 
value. If this be the case, differences in delay time 
for slip” would be observed, if measured. No dif- 
ference, however, is perceptible in slow straining, 
for instance, in the tensile test. 

2—According to a suggestion by Zener,” the high- 
est normal stress that a metallic material can stand 
without fracturing in a brittle manner is determined 
by the degree of “crystal damage” existing in the 
structure. This may be imagined as internal notches 
in the form of microcracks, occurring at points 
where a slip band has been stopped by an obstacle. 
Under certain conditions, such “crystal damage” can 
result even from the very minute amounts of plastic 
strain which may be assumed to precede a seemingly 
completely brittle fracture. Now, a finely dispersed 
precipitate may split up slip in this prefracture 
stage, otherwise occurring as relatively large trans- 
lations on a few planes, into smaller displacements 
on a greater number of planes, giving less “crystal 
damage.” In the same paper,” Zener describes a 
case where the ductility of zinc has been raised con- 
siderably by a treatment which involved the crea- 
tion of a finely dispersed precipitate of a second 
phase. The phenomenon was thought to be due to a 
more gradual stopping of the slip system caused by 
the precipitate. 

As shown, the low transition temperatures are ob- 
tained only by quenching from above 550° to 600°C. 
Further, they occur as well without any aging treat- 
ment as after aging at 300°C for 24 hr. These facts 
seem to indicate that the chemical characteristics of 
the precipitated phase are of greater importance 
than the particle size, for its ability to increase the 
ductility. It is possible that the precipitate as a 
further property has an ability to bind carbon (and 
possibly nitrogen) into a state of low free energy, 
thus being able to compete successfully with dis- 
locations in trapping free atoms of these elements. 
This would lead to less dense Cottrell clouds around 
dislocations (only the interstices giving the lowest 
free energy may be occupied), which, therefore, be- 
come less anchored and may start slip at a lower 
stress level.” 

Obviously there is a great need of further studies 
on brittle fracture, plastic deformation, and pre- 
cipitation kinetics in @ iron in order to settle these 
questions. 

Summary 

Charpy impact tests have been carried out on mild 
steels with 0.00 to 0.05 pct C, heat treated in differ- 
ent ways in the a range. The results are given in 
terms of transition temperatures and show: 

1—If carbon is very low, of the order of 0.001 pct, 
or fixed as insoluble titanium carbide, the transition 
temperature is not perceptibly affected by the cool- 
ing rate in the a range, provided that nitrogen is 
reduced to the same low level. 
2—Steels with around 0.02 pct C show very low 
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transition temperatures if quenched in oil or brine 
from a temperature above 600°C, as compared to 
the same steel after slow cooling through the range 
600° to 500°C. The difference can amount to 100°C. 

3—This effect of quenching is not impeded by the 
presence of up to 0.015 pct N. It cannot be devel- 
oped, however, in steels with higher carbon con- 
tents, for instance, 0.05 pct. 

4—The transition temperature of a steel with 
about 0.02 pet C, quenched from 700°C, is raised by 
aging at room temperature but may be appreciably 
lower by overaging, for instance, at 200°C for 24 hr. 

5—The transition temperature of a steel with 
0.015 pet C quenched from 700°C is much lower 
than it has been possible to attain in a titanium- 
stabilized steel, where both carbon and nitrogen are 
fixed as insoluble titanium compounds, even if this 
is tested in a finer grained condition. 

6—The low transition temperatures are believed 
to be due to a finely dispersed carbon-containing 
precipitate. Possible mechanisms for this were dis- 
cussed briefly. 
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DISCUSSION, E. C. Burke and F. H. Wilson, Chairmen 


J. D. Fast (Philips Research Laboratories, N. V. 
Philips’ Gloeilampenfabrieken, Eindhoven, Nether- 
lands)—Mr. Gibbons is to be highly congratulated for 
his fundamental study on the influence of oxygen and 
carbon on the plastic properties of iron. As far as I 
know our laboratory was the first to demonstrate, 
although in a less fundamental way, both the grain 
boundary embrittling effect of oxygen in a@ iron and 
the remarkable “curing” effect of traces of carbon.” 
The embrittling effect of oxygen in the meantime has 
been confirmed by the National Physical Laboratory, 
England,” but the “curing” effect of traces of carbon 
was not confirmed by other investigators before the 
author’s paper appeared. The only contrast between 
his results and ours seems to be that we found no in- 
fluence of carbon after quenching from 700°C, where- 
as in the author’s experiments it made no difference 
whether the carbon was retained in solid solution by 
quenching, or precipitated as carbide. The cause of 
the contrast could be the smaller grain size of the au- 
thor’s samples (about 200 grains per linear centimeter 
as contrasted to 30 or 40 grains in our samples). How- 
ever, a detailed comparison of the experiments is diffi- 
cult, because the author measured tensile properties 
whereas we measured impact strengths. 


H. W. Paxton and W. D. Biggs (Metals Research 
Laboratory, Carnegie Institute of Technology, Pitts- 
burgh, and Metallurgy Dept., The University, Birming- 
ham, England, respectively)—We should like to con- 
gratulate the author on this paper which brings out 


Table Il. Effect of Prestraining on Behavior of Single Crystals 
at —185°C 


Pet Strain at — 70°C Behavior at — 185°C 


0 Copious twinning in large bursts; 
extension at fracture approxi- 
mately 2 pet 

™% pet (% lower yield extension) Twinning but in much smaller 
bursts; extension at fracture 
3% pet 

No twinning but maximum duc- 
tility approximately 8 pct 

No twinning—ductility small— 
about 1 pct 


1% pet (just to end of lower 
yield extension) 

3 pet (on work hardening part 
of stress strain curve) 


Plastic Deformation of Iron Between 300° and 77.2°K 


by Donald F. Gibbons 


several points concerning the deformation of iron. 
Recent work at the University of Birmingham, mainly 
on single crystals of iron, shows that many of the 
phenomena are reproduced in these, but that some 
effects are different and even more complex. 

We should first like to query the efficiency of de- 
carburization in the author’s specimens. The method 
described in the paper probably will not give complete 
removal of carbon down to the point where there is 
insufficient to complete the dislocation “atmospheres.”” 
Much longer times than 2 hr are required, and we 
should like to suggest that the residual carbon is re- 
sponsible for the small yield extension in Fig. 4d. This 
variation in yield phenomena with carbon content is 
discussed elsewhere.” 

The effect of deformation on the specimens at a 
temperature which is above that at which twinning 
occurs in tension prior to testing at a lower tempera- 
ture has also been studied to some extent. Single 
crystals containing 0.003 pct C were strained various 
amounts in tension at —70°C before further straining 
at —185°C in a hard testing machine. The results are 
tabulated in Table II. 

This behavior is being investigated more fully, but 
it appears that, in agreement with the author's results, 
the presence of dislocations anchored by solute atoms 
is necessary for twin formation. This was confirmed 
in another way by measuring the time of return of 
ability to form twins under a standard impact blow 
at room temperature following a 5 pct extension at 
room temperature. This time was found after aging 
at various temperatures and the activation energy de- 
termined. This was 21,000 cal per mol in single crys- 
tals of Armco iron, and 18,700 cal per mol in a poly- 
crystalline aluminum-killed iron. Both these values 
are close to the value for diffusion of carbon in a iron 
(20,100 cal per mol),’ and it seems likely that what is 
happening is the raising of the stress for slip above that 
for twinning, by anchoring of the dislocations due to 
carbon diffusion back to these. 


» J. D. Fast: : International Foundry Congress, Congresboek, Me- 
talen (1949) pp. 171-183. 
= W. P. Rees and B. E. Hopkins: Journal Iron and Steel Inst. 
(1951) 169, p. 157; (1952) 172, p. 403. 
“A. H. Cottrell: Dislocations and Plastic Flow in Crystala. (1953) 
Oxford University Press. 
“=H. W. Paxton and A. T. Churchman: Acta Metallurgica (1953) 


1, p. 473. 
™C. Wert: Journal of Applied Physics (1949) 20, p. 943. 


DISCUSSION, J. M. Hodge and P. A, Beck, Chairmen 


M. Metzger and J. Intrater (Columbia University, 
New York, and Rutgers University, New Brunswick, 
N. J., respectively)—The author is to be complimented 
on his contribution to *he understanding of a difficult 
subject and on his fine micrographs. Somewhat sim- 
ilar studies on the intergranular corrosion of high 
purity aluminum in hydrochloric acid were recently 
made by us and are described in manuscripts sub- 
mitted to the National Advisory Committee for Aero- 
nautics. Our work involved comparisons of aluminum 


Grain Boundary Attack on Aluminum in Hydrochloric Acid 
And Sodium Hydroxide 


by E. C. W. Perryman 


containing 0.0004, 0.004, and 0.023 pct Fe, in each case 
with 0.002 pct Cu and 0.001 pct Si. Like the author, we 
concluded that iron atoms segregate to the grain 
boundaries and affect the rate of intergranular attack. 
However, the effect on the intergranular corrosion 
rate was not in the same direction with 7 pct hydro- 
chloric acid (where conditions are believed to have 
been roughly comparable with those in the author’s 
10 pct acid) as with 20 pct acid (where the rate and 
certain other features of the corrosion process were 
distinctly different, as noted below). While it would 
not therefore be expected that all of the author’s con- 
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clusions would be reconcilable with the results of 
other investigators who used acid of different concen- 
tration, it is a matter of some interest that the author 
has concluded the boundaries to be cathodic, while 
Mears and Brown have found the boundaries of a 
quenched specimen to be anodic in 22.5 pct acid. A 
brief discussion of our observations reiating to this 
point is given below. It may be noted that, besides the 
strength of the acid, its metallic impurity content can 
also be important, and we have found that some fea- 
tures of the behavior in 20 pct acid can be duplicated 
by adding copper or iron to 7 pct acid. 

Our results in 20 pct acid, where the rate of inter- 
granular penetration was of the order of 1 mm per week, 
are as follows: Specimens quenched from within the 
single-phase region showed higher rates of intergran- 
ular corrosion the higher the final annealing tempera- 
ture and the lower the iron content. This was inter- 
preted to indicate that the corrosion rate was greatest 
for the smallest concentrations of iron and other im- 
purity atoms in the grain boundaries. Thus, in this 
acid the boundaries appeared to be inherently anodic, 
which was considered to be a reasonable consequence 
of the abnormal structure and higher free energy of 
the grain boundary region. 

A continual evolution of hydrogen bubbles from the 
corroding intergranular crevices accompanies the 
rapid attack in 20 pct acid. This feature of the corro- 
sion reaction may be related to the unusual ability of 
high purity aluminum to undergo rapid intergranular 
attack in this solution, although the corrosion of high 
purity metals generally results only in slow or super- 
ficial attack of the boundaries. 

We believe an approximate comparison may be 
made between the author's results in 10 pct acid and 
the observations made by us using 7 pct acid. Here, 
the conditions were distinctly different from those in 
20 pet acid. Since the rate of intergranular penetration 
was only of the order of 10 microns per month, there was 
no continual evolution of hydrogen bubbles, and the film 
forming over the grain surfaces was more substantial 
as shown by electron diffraction and other evidence. 
For specimens quenched from 647°C and exposed to 
7 pet acid, the intergranular attack was greatest for 
the aluminum of the highest iron content, in agree- 
ment with the behavior found by the author. How- 
ever, the attack was still substantial (up to 20 microns 
in 2 months) and not appreciably different for 0.0004 
as against 0.004 pct Fe; for these two compositions, the 
consistent variations in rate of attack with iron con- 
tent and final annealing temperature which had been 
noted in 20 pct acid were not observed now. These 
results are not incompatible with those of the author, 
since his comparison started at higher iron content 
(0.001 vs 0.009 pct). However, our results suggest that 
the intergranular attack would not be absent even in 
ideally pure material, and thus suggest that a concen- 
tration of impurity atoms in the grain boundaries is 
not the only factor responsible for susceptibility to 
intergranular attack in this acid. 

If the author's conclusion that the boundaries are 
cathodic was applied to our specimens in 7 pct acid, 
these specimens would be considered to have cathodic 
boundaries in 7 pct acid and anodic boundaries in 20 
pet acid. Additional information on the grain bound- 
ary-grain body relationships for both the lower and 
higher ranges of acid strength is evidently needed. 

An important part of the author’s argument is that 
the broad V shape of the grain boundary attack shown 
in Fig. 19 can only be attributed to a cathodic bound- 
ary. This does not seem consistent with our observa- 
tion that specimens exposed in 20 pct acid for a rela- 
tively short time show a superficial attack which takes 
the form of broad grooves similar to that shown by 
the author, while after longer exposures the deep 
intergranular crevices are very sharp, the ratio of 
depth to width sometimes being as great as 50 to 1. 


E. C. W. Perryman (author's reply)—First I would 
like to thank Drs. Metzger and Intrater for their very 


662—JOURNAL OF METALS, MAY 1954 


HYDROGEN 
OVER VOLTAGE 


' 

' T 

' ' 

' ' ' 

' ' 

' ' 

i i 
Xe Xoo. Ye Yoo. 


% IRON 


Fig. 21—Hypothetical diagram showing variation of hydrogen over- 
voltage as a function of iron content. 


interesting discussion of my paper. Their observation 
that the variation of grain boundary attack with iron 
content and annealing temperature is different de- 
pending upon whether they corrode in 20 or 7 pct 
hydrochloric acid is extremely interesting. They offer 
no explanation as to why the grain boundary attack 
in 20 pet hydrochloric acid should decrease with in- 
creasing iron content and decreasing annealing tem- 
perature and only suggest that the grain boundary 
attack is a result of an anodic grain boundary. This 
they consider to be a reasonable consequence of the 
abnormal structure and higher free energy of the 
grain boundary region. This implies that the grain 
boundary attack should be independent of the iron 
content and the annealing temperature which is not 
in agreement with their results, either in 20 or 7 pct 
hydrochloric acid. I would suggest that the results 
the discussers obtained in 20 pct hydrochloric acid are 
still in keeping with the idea that iron segregates to 
the grain boundary and that this effect will increase 
with decreasing annealing temperature. If we accept 
that iron in solid solution decreases the hydrogen over- 
voltage, then this will be a function of the iron con- 
tent, probably taking some form such as that shown 
in Fig. 21. Thus for material with a low iron content 
x, the excess concentration of iron at the grain 
boundaries will cause them to have a lower hydrogen 
overvoltage than the grains, hydrogen will be evolved 
from the boundaries, and rapid grain boundary attack 
will take place. If we now increase the iron content 
to y, the hydrogen overvoltage will be the same at the 
grain boundaries and the grains and so more rapid 
general corrosion would be expected, but the tendency 
to grain boundary attack would be decreased. 

Drs. Metzger and Intrater suggest in paragraph 
three that in high purity metals attack generally takes 
place at the grain boundaries. This has not been my 
experience. Although the grain boundaries may ap- 
pear black under the microscope, this is generally due 
to the presence of a slope connecting the adjacent 
grains which, because of the variation in rate of at- 
tack with crystal orientation, are at different levels. 

In paragraph four, Drs. Metzger and Intrater con- 
clude that, because no difference was observed be- 
tween 0.0004 and 0.004 pct Fe, grain boundary attack 
would occur in an ideally pure material. In view of 
the fact that Montariol, Albert, and Chaudron” have 
shown segregation of impurities in 99.9986 pct alumi- 
nium, I would hesitate to conclude from the results of 
Drs. Metzger and Intrater that grain boundary attack 
would occur in an ideally pure metal. 

I look forward to the publication of the results 
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which Drs. Metzger and Intrater have obtained, for it 
appears that much more work is needed in order to 
elucidate the mechanism of this peculiar grain bound- 


ary attack to which aluminum seems so prone. 


* F. Montariol, 


L. Albert, “and G. Chaudron: Revue de Métal- 
lurgie (1953) diy P. 768. 


DISCUSSION, J. M. Hodge and P. A. Beck, Chairmen 

J. J. Heger (United States Steel Corp., Pittsburgh)— 
Recently we had the opportunity of examining a sam- 
ple of severely cold worked 17 pct Cr steel that had 
been exposed for 32,600 hr at 900°F. This sample is 
from the same heat of steel in which ¢ phase had been 
reported earlier” and also is from the same heat of 
steel as sample F described in the investigation by 
Fisher, Dulis, and Carroll. The sample investigated 
earlier” and that investigated by Fisher, Dulis and 
Carroll had been exposed for only 5000 hr. 

Our investigation of the sample that was exposed 
for 32,600 hr included metallographic, X-ray diffrac- 
tion, and hardness studies. Fig. 7 shows the micro- 
structure of the sample that was exposed for 32,600 hr. 
The structure shown in Fig. 7a was developed by 
etching in Vilella’s reagent, while that in Fig. 7b was 
developed by etching in glyceregia. Inasmuch as gly- 
ceregia etches only o in the ferritic stainless steels, it 
is obvious that this sample contains a large amount of 
«. This amount is estimated to be 30 pct. 


Identification of the Precipitate Accompanying 885°F Embrittlement 


In Chromium Steels 


by R. M. Fisher, E. J. Dulis, and K. G. Carroll 


a—o and carbides. Etched in Vilella’s reagent. 


amount is much smaller than was found to be true for 
the sample that was exposed for 5000 hr at 900°F. In 
other words, continued heating beyond 5000 hr at 
900°F is causing this phase to disappear or has caused 
it to disappear completely. 

These more recent data suggest that the high 
chromium body-centered cubic phase, which Fisher, 
Dulis, and Carroll found to be the cause of the 885°F 
embrittlement in 17 pct Cr steel, disappears or at least 
tends to disappear and the amount of ¢ increases on 
prolonged heating at 885°F. One might, therefore, 
predict that overaging at 885°F will be marked by the 
formation of « at the expense of the body-centered 
cubic phase and, further, that at the completion of 
overaging, only « will remain. Presumably, « and not 
the body-centered cubic phase is the stable phase at 
885°F. Thus, the high chromium body-centered cubic 
phase might be a transition phase in the transforma- 
tion of ferrite to ¢ phase. However, the mechanism 
for the reaction of ferrite to the high chromium body- 
centered cubic phase to « phase must be complicated. 


b—o attacked. in peg 


Fig. 7—Micrographs illustrating « and/or carbides in 17 pct chromium steel that was heated 


This sample does not contain the fine unresolvable 
general precipitate that was observed in the sample 
heated for 5000 hr and that has been positively identi- 
fied by Fisher, Dulis, and Carroll as the high chromi- 
um, body-centered cubic phase. 

X-ray diffraction measurements were made on a 
nonmagnetic residue extracted from the sample that 
was exposed for 32,600 hr. The residue was collected 
from the surface of a specimen that had been etched 
for 24 hr in Vilella’s reagent. Diffraction lines for cg, 
chromium carbide, and chromium nitride were formed. 
Although some lines with interplaner spacings similar 
to those of the high chromium body-centered cubic 
phase were found, the complexity of the pattern (that 
is, overlapping of lines) made it impossible to deter- 
mine whether or not this phase was present. The least 
that can be said is that, if this phase is present, its 
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32,600 hr at 900°F. X1000. Area reduced approximately 20 pct for reproduction. 


R. M. Fisher, E. J. Dulis, and K. G. Carroll (authors’ 
reply)—The authors wish to thank Mr. Heger for his 
valuable new data on the structure of one of the em- 
brittled steels of our investigation after further ex- 
posure at 900°F and also for the opportunity to exam- 
ine this sample. We confirm Mr. Heger’s conclusion 
that the 17 pct Cr steel (steel F) does not contain any 
of the body-centered cubic precipitate after 32,600 hr 
exposure at 900°F following 95 pct cold reduction, 
although there was some precipitate present after 
5000 hr exposure, 

Mr. Heger’s estimate of 30 pct « phase formed in 
this steel after 32,600 hr at 900°F, is of considerable 
interest to us. This rather large amount of ¢ phase in 
the 17 pct Cr steel indicates apparently that it is in 
equilibrium with a lower chromium ferrite than has 
been reported previously. With the assumptions of 
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Fig. 8—Uranium shadowed replica of 17 pct Cr steel after 5000 hr 
at 900°F following 95 pct cold reduction. X14,000. Area reduced 
approximately 40 pct for reproduction. 


30 pet « in the 17 pct Cr steel and a minimum chromi- 
um content in ¢ phase of 40 pct,” the chromium con- 


tent for the ferrite computes to be approximately 7 
pet, less whatever chromium is combined as carbide 
or nitride. This is considerably lower than the pre- 
viously reported” minimum composition of 13 pct Cr 
for ¢ formation at 900°F and indicates that a fully 
equilibrated phase diagram of the Fe-Cr binary sys- 
tems remains to be determined. 

Fig. 8 shows an electron micrograph of steel F after 
5000 hr exposure at 900°F following 95 pct cold reduc- 
tion. This micrograph shows a particle of ¢ phase that 
has formed during exposure surrounded by smooth 
ferrite which is surrounded by the roughened ferrite, 
which seems to be associated with the body-centered 
cubic precipitate. Our interpretation is that as the o 
phase particle grows, it depletes the surrounding fer- 
rite of chromium to a level less than the composition 
required for precipitation of the body-centered cubic 
phase so that the precipitate redissolves. This precipi- 
tate free area would increase as the amount of ¢ 
increases until finally no precipitate remains, as Mr. 
Heger observed. The overaging that Mr. Heger pre- 
dicts is somewhat different than the possible overaging 
without ¢« phase formation that we refer to in the 
discussion section of the paper. 

The relationship between the body-centered cubic 
precipitate and ¢ phase still is not clear. However « 
phase, if nucleated by cold work, will form and dis- 
place the embrittling precipitate, since it apparently 
can equilibrate with a lower chromium content ferrite. 
~ A.J. Cook and F. W. Jones: The Brittie Constituent in the Iron- 
Chromium System (Sigma Phase). Journal Iron and Steel Inst. 
(1943) 148 (11) p. 217. 


DISCUSSION, J. M. Hodge and P. A. Beck, Chairmen 


L. Muldawer and A. D. Franklin (The Franklin In- 
stitute, Philadelphia )—In general, the relation for av- 
erage area s is derivable from the equation s = V/J. 
While this result is not given in Dr. Fullman’s paper, 
it can be shown to follow from equations N, = JN, and 
N,s = N.V which he does give. Since this general re- 
lation holds for particles of any shape, the use of it 
would have obviated starting from scratch for different 
shapes. The only restriction would be that, for any one 
sample, all particles have the same shape and volume. 
Similarly, the general equation for average traverse 
length is l V/a. 

Furthermore, the mathematical techniques used in 
this paper do not make clear the averaging concepts. 
A more direct derivation of s V/J can be given 
using simple probability theory. 

Replace the sample by a single particle which takes 
all possible positions and orientations about the in- 
tersecting plane. If the plane axes are y and z and the 
plane normal is 2, 


s(¢, x) singdgdr 


sin ¢ d¢ dx 


where ¢ is the angle between the x axis and some di- 
rection in the particle, J(¢) is the projected particle 
length on the x axis, and s(¢, x) is the intersected area 
when the particle position is defined by x and ¢. Then 


V sin Vv 


- 


fr" sin de J 
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by Fullman 


An alternative derivation, and one conceptually just 
as satisfying, is given by finding the average s in a 
unit cube of sample with randomly distributed and 
arranged particles. 


iL Total area of cut particles 


- Total number of cut particles 
For a single intersecting plane, 
8(¢, ©) dr] 2x No sin ¢ d¢ dy dz 


dx] 2x Ny sin ¢ d¢ dy dz 
where N, is the density of end points of sample direc- 
tions on the unit sphere per unit volume. 
2x No V V 


2a N.J J 


Similarly, the expression | — V/a follows from 
SS f°? y, z) sin odo dy dz 


| 


Sf sin do dy dz 


It should be noted that these results are not obtained 
if the average s or | for a fixed ¢ is found first, and 
then the average of these quantities for random ¢ is 
taken. 


R. L. Fullman (author’s reply)—I would like to 
thank Messrs. Muldawer and Franklin for their al- 
ternative derivations of some of the relationships pre- 
sented. I have tried to use derivations that emphasize 
the physical concepts as much as possible, but those 
readers who are well grounded in probability theory 
may find these more direct derivations more satisfying. 
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Plastic Deformation of Single Crystals of Copper 


by J. J. Becker and J. N. Hobstetter 


DISCUSSION, F. D. Rosi and Paul Gordon, Chairmen 


H. M. Murphy and E. A. Calnan (National Physical 
Laboratory, Teddington, Middlesex, England)—Becker 
and Hobstetter’s observations on the correlation of 
cross-slip with orientation near [100] are most inter- 
esting. In some recent tension experiments on a-brass 
single crystals where the amount of cross-slip is even 
greater than in copper, the present authors have noted 
a similar orientation dependence. In this work it has 
been shown that the orientation boundary between 
primary and conjugate slip in a brass is no longer the 
symmetrical [100] [111] line but is removed a distance 
of some 9° out of the primary unit triangle, Fig. 11. 
From this fact and using the ideas proposed by Calnan‘ 
for the presence of additional slip systems observed in 
single crystals, the advent of cross-slip is simply ex- 
plained. It is suggested that for a part of a crystal 
under applied tension the effective stress system can 
be represented by a simple tensile stress, T,, initially 
coincident with the applied stress direction but which 
under increasing applied stress moves to a point of 
lower resolved shear stress. This movement continues 
until an element of slip occurs. For an applied stress 
axis p, for example, the most likely path for the ef- 
fective stress is down the contour gradient of the re- 
solved shear stress function cosycosi towards q. If slip 
occurs while the effective stress is on the path pq, 
only primary slip will result, but if the effective 
stress is on the path q [100], duplex slip corresponding 
to the most favorable systems of the two unit triangles 
adjacent to q [100] will take place. These systems will 
be the primary system and the most favorable system 
for triangle [100] [110] [111] which is indeed the 
primary cross-slip system. For applied stress direc- 
tions well removed from [100], the contour gradients 
lead away toward [111] and [110], and therefore the 
attainment of q[100] by the effective stress and the 
resulting cross-slip is much less likely. The authors 
are inclined to correlate this unequal hardening of the 
slip planes with the presence of foreign atoms, but 
Becker and Hobstetter’s result suggests that the effect 
is present to some extent in high purity copper, and 
accordingly it would be most valuable to know the 
chemical analysis of the crystals as tested. 

The phenomenon of the edges of the bunches of slip 
bands making a small angle with the slip lines them- 
selves is observed in aluminum also.’ Between the 


Fig. 11—Showing part of the new orientation boundary divid- 
ing regions of primary and conjugate slip. 
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bunches are bands characterized in general by little 
primary slip together with an additional slip system, 
the appearance of the bands depending on the orienta- 
tion of the additional systems with respect to the crys- 
tal surface. In aluminum a particular kink band al- 
though interrupted by the band of secondary slip may 
sometimes be seen extending on both sides of the lat- 
ter. If the band of secondary slip was a macroscopic 
region of inhomogeneity inherent in the crystal, so 
divorcing the regions of primary slip on either side 
from one another, this would hardly be expected. It 
therefore seems likely that during the early stages of 
slip deformation, when the locations of the kink bands 


“On, 
» 


Fig. 12—Part of crystal showing formation of bunches of slip 
lines slightly inclined to slip line direction. 


Fig. 13—Aluminum single crystal after 9 pct extension showing 
band of secondary slip slightly inclined to primary slip lines. X500. 
Area reduced approximately 30 pct for reproduction. 
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are decided, some process takes place which results 
in the development of the bands of secondary slip. A 
possible explanation of their formation is as follows: 
Let a barrier to the passage of dislocations in the slip 
line A’A be formed at a point A, Fig. 12. Due to the 
pile-up of dislocations here, there will be a stress field 
which will cause another slip system to become active 
in this vicinity. The dislocations on this second system 
will lead to sessile dislocation formation on the adja- 
cent primary slip line BB’ causing a barrier at B. This 
in turn will produce more of the second slip on the 
side of B opposite to the pile-up of dislocations around 
A, since the latter will resist penetration by the sec- 
ond system. The process will continue, resulting in 
barriers at C, D, etc. so building up one side of the 
band at a small inclination to the direction of the slip 
lines. Fig. 13 shows such a band in aluminum where 
the primary and second slip are so oriented with re- 


spect to the surface to produce well marked slip lines. 

The original barrier at A could be due to a minute 
region of impurity in the crystal or to some inhomo- 
geneity of stress which has caused an additional sys- 
tem to operate and lock the primary system at that 
point. Therefore, the bands might be expected to be 
more prevalent in experiments where no special pre- 
cautions have been taken to insure uniformity of ap- 
plied stress, but nevertheless it may be virtually im- 
possible to eliminate the effect entirely. 

J. J. Becker and J. N. Hobstetter (authors’ reply)— 
We are very grateful for the interesting discussion by 
Miss Murphy and Dr. Calnan. Our raw material was 
commercial OFHC copper, but the single crystals were 
not analyzed. 


‘E. A. Calman: Acta Crystallographica (1952) 5, p. 557. 


DISCUSSION, F. D. Rosi and Paul Gordon, Chairmen 

C. 8S. Barrett (Institute for the Study of Metals, Uni- 
versity of Chicago, Chicago)—Since it is now well rec- 
ognized that surface films can strongly influence the 
flow stress of crystals, it is doubtful whether unambig- 
uous conclusions can be drawn from experiments of 
the type reported by the author unless all danger of 
film effects has been removed. I suggest that the expe- 
riments should be done with the complete absence of 
films that could influence the flow stress. It would 
seem wise to conduct the tests in a medium, perhaps a 
dilute reagent, that removes the film and keeps it re- 
moved without contaminating or otherwise altering the 
metal. The test of this condition might weil be that 
the metal surface be shown to be clean enough to 
prevent the abnormal after-effect in torsion,“ since 
this test appears to be one of the most sensitive ones 
for the purpose and one of the simplest to set up and 


use. 


Plastic Deformation of Rectangular Zinc Monocrystals 


by John J. Gilman 


J. J. Gilman (author’s reply)—Dr. Barrett’s point is 
a good one. Surface films may have influenced the 
results given in the paper. This was pointed out in the 
text. It should be remembered, however, that the pur- 
pose of the work was to look for a shape effect which 
previous authors had reported in rock salt and alumi- 
num. If such an effect had been found, the result 
would have been unambiguous. It was only the fact 
that this effect was lacking but a small size effect was 
found that made the results of the present work am- 
biguous. Since the shape effect is small or nonexistent 
(at least for zinc), it is quite right, as Dr. Barrett sug- 
gests, that the conditions at the surface must be care- 
fully controlled in future work of this kind. 


“C. S. Barrett: Acta Metallurgica (1953) 1, p. 2. 

"C. S. Barrett: Trans. AIME (1953) 197, p. 1652; JourwaL or 
Merats (December 1953). 

“C. S. Barrett, P. M. Aziz, and I. Markson: Trans. AIME (1953) 
197, p. 1655; Journwat or Metats (December 1953). 


DISCUSSION, F. D. Rosi and Paul Gordon, Chairmen 


P. A. Beck (Dept. of Metallurgical Engineering, Uni- 
versity of Illinois, Urbana, IUl.)—Perhaps the most in- 
teresting result of the present work is the direct proof 
it provides for the view that the presence of a sub- 
structure greatly increases the strength, as shown, for 
instance, by the difference between the two 400°C 
curves in Fig. 5. The hardening effect is in reality 
even larger than that indicated in the figure, since ap- 
parently only a fraction of the total slip plane area 
was affected by the indentation that produced the 
substructure shown in Fig. 6. That other imperfec- 
tions, which also may have been introduced by the 
indentation along with the subboundaries, most likely 
are not responsible for the hardening effect, is strongly 
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Variation of Plastic Properties with Annealing Procedure 
In Zinc Single Crystals 


by Choh Hsien Li, J. Washburn, and Earl R. Parker 


suggested by the fact that the latter was not elim- 
inated by annealing at 400°C. It is shown for instance 
by Drouard, Washburn, and Parker* that the work 
hardening not associated with substructure can be an- 
nealed out even below room temperature. Undoubted- 
ly, in the general type of plastic deformation, partic- 
ularly in polycrystalline metals where fine substruc- 
tures are formed, the subboundaries are responsible 
for a large fraction of the total work hardening.’ 


Cc. H. Li, J. Washburn, and E. R. Parker (ayithors’ 
reply)—The role of small angle boundaries as berriers 
to slip is also illustrated by another simple experi- 
ment. The cantilever beam specimen shown in Fig. 7 
originally contained a 1° boundary near the center of 
the beam. A load was rapidly applied upward at the 
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Fig. 7—Small angle boundaries as barriers to slip. 


end of the beam causing slip on the horizontal (0001) 
set of planes. Deformation apparently started near 
the point of application of the load and progressed 
toward the gripped end of the crystal. It can be seen 
that the 1° boundary was enough of a barrier to stop 
all the dislocations at that position, causing the speci- 
men to bend in the middle rather than adjacent to the 
grips where a drop in shear stress occurs. 

Although it seems well established that small angle 
boundaries are effective barriers to slip, the mechan- 
ism of this interference is not clear. A quantitative 
investigation of this strengthening effect is now in 
progress in which the effect of boundary angle, bound- 
ary orientation, and number of boundaries will be 
investigated. 


*R. Drouard, J. Washburn, and E. R. Parker: Recovery in Single 
Crystals of Zinc. Trans. AIME (1953) 197, p. 1226; Jounnat or Mer- 
ats (September 1953) 

* Paul A. Beck: Notes on Work Hardening and Recovery. Acta 
Metallurgica, 1 (1953), p. 

” Bainbridge, Li, and Edwards: To be published in Acta Metal- 
lurgica (1954). 


DISCUSSION, F. D. Rosi and Paul Gordon, Chairmen 


P. A. Beck (Dept. of Metallurgical Engineering, 
University of Illinois, Urbana, Ill.)—This paper pro- 
vides the first quantitative isothermal recovery data 
for single crystals deformed in pure shear, without 
bending, where all of the work hardening is recover- 
able. The choice of material and of method is partic- 
ularly favorable, since it allows the study of recovery 
under conditions where interface migration phenom- 
ena, such as subgrain growth or recrystallization, do 
not intervene. It is significant that true recovery can 
occur in the absence of interfaces, and independently 
of any detectable “polygonization.” I wonder whether 
the authors would care to advance an explanation of 
the recovery kinetics shown in their Fig. 5. 

The data of Masing and Raffelsieper” on the iso- 
thermal recovery of aluminum single crystals deformed 
in tension lead to a linear decrease of the activation en- 
ergy with progressive recovery, in agreement with the 
theory of recovery by Kuhlmann, Masing, and Raffel- 
sieper." However, in the present study the activation 
energy is apparently constant and independent of re- 


Recovery in Single Crystals of Zinc 


by R. Drouard, J. Washburn, and Ear! R. Parker 


covery. It would be interesting to know the reason for 
this discrepancy. 

R. Drouard, J. Washburn, and E. R. Parker (authors’ 
reply)—With regard to Dr. Beck’s discussion, Fig. 5 
was included to emphasize the fact, as brought out by 
these experiments, that recovery (R) is a function of 
time and temperature alone when a pure shear defor- 
mation is achieved. This is definitely not the case for 
a more complex deformation such as that studied by 
Masing and Raffelsieper. The shape of their original 
stress-strain curves suggest that local bending was 
taking place in the course of the prestrain. During 
annealing of a bent region of crystal, two interde- 
pendent and to some extent competing processes 
(recovery and polygonization) are operative. Since 
the yield stress, which was taken as a measure of 
recovery, is affected by both of these processes, a more 
complex behavior might be expected. 


“G. Masing and J. Raffelsieper: Mechanische Erholung von 
Aluminium-Einkristallen. Ztsch. Metallkunde (1950) hg 65. 

''D. Kuhimann, G. Masing, and J. Raffelsieper: Zur eorie der 
Erholung. Ztsch. Metalikunde (1949) 40, p. 241. 


DISCUSSION, F. D. Rosi and Paul Gordon, Chairmen 


A. E. Deruyttere (Institut de Metallurgie, Univer- 
sité de Louvain, Heverlé, Belgium)—The authors have 
observed that zinc crystals deformed in simple shear 
strain harden much more rapidly during duplex slip 
than during simple slip. While working at the Depart- 
ment of Metallurgy, University of Sheffield, England, 
on the cleavage fracture of zinc single crystals, I made 
some very similar observations. These crystals were 
strained both at room temperature and at —196°C by 
an applied tensile stress, and those crystals in which 
two slip directions were equally favorably oriented 
strain hardened more rapidly than those in which one 
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Some Observations on the Work Hardening of Metals 


by E. H. Edwards, Jack Washburn, and Earl R. Parker 


slip direction was nearer the tension axis than the 
other two. The ratios of the rates of strain harden- 
ing were approximately the same as that deduced from 
Fig. 4 of the paper. At the elastic limit the resolved 
shear stress along the slip direction was independent 
of the orientation of the crystals. 

A microscopical examination of the crystals after 
deformation revealed that, in the duplex case, slip did 
not take place by simultaneous slip along the two slip 
directions in the same planes throughout the volume 
of the crystal. Instead, it appeared that one slip di- 
rection had been active in some thin lamellae of the 
crystal, and the second in the other lamellae. After 
deformation these lamellae could be seen clearly as 
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Fig. 9—Cylindrical zinc crystal with two slip direc- 
tions initially at 32° to specimen axis. Unpolished, 
etched in 10 pct HCl-alcohol before straining. X6.5. 


illustrated in Fig. 9, but no lamellae could be recog- 
nized in the case of simple slip. It seems that the 
higher rate of strain hardening could be due to the 
distortion which must occur at the junctions between 
lamellae where the slip direction changes; the lattice 


rotation relative to the specimen axis is indeed differ- 
ent for neighboring lamellae. 

It would be interesting to know whether the authors 
examined their crystals after deformation and, if so, 
whether they also found evidence for alternating slip. 


E. H. Edwards, J. Washburn, and E. R. Parker 
(authors’ reply)—The authors wish to thank Dr. 
Deruyttere for his interesting observation that slip in 
zine single-crystal tension specimens occurs as two 
separate sets of interspersed slip bands when two slip 
directions are symmetrically oriented with respect to 
the tension axis. Shear deformed crystals tested at 
liquid nitrogen temperature show a much more uni- 
form distribution of slip both in simple slip and in 
double slip. It would be of great interest to know 
whether a significant difference on a microscopic scale 
exists between the distribution of slip in single and 
double glide. The specimens used for these experi- 
ments did not lend themselves to following the devel- 
opment of slip lines at high magnification because of 
their shape. It is probable that electron microscope 
work would be necessary, since even at X1000 the field 
becomes densely populated with slip lines at very 
small strains. 


DISCUSSION, L. S. Darken and Leslie Seigle, Chairmen 


R. L. Fullman (General Electric Research Labora- 
tory, Schenectady)—In the section of his paper con- 
cerned with “Continuous Grain Boundary Migration,” 
Professor Machlin has included an analysis of the in- 
fluence of impurity adsorption on the kinetics of con- 
tinuous grain growth. He has considered the effect of 
adsorption due to its influence on grain boundary free 
energy, in contrast to a previous analysis” which 
treated the alteration in growth kinetics that might 
result from boundary mobility changes associated with 
adsorption. Several errors appear in Professor Mach- 
lin’s analysis. The equation given for boundary con- 
centration C, in terms of the number of N, of impurity 
atoms traveling with the boundary and the boundary 
radius R does not take into account the decrease in 
boundary area with increase in the average boundary 
radius. As a result, the equation is inconsistent with 
the text statement that “as the total boundary area 
decreases, the concentration of impurities at the grain 
boundary increases.” Furthermore, N, should not be 
considered a constant and the term 


Be 
2C, OR 


should not be introduced as an independent driving 
force in the growth equation. 
In the growth equation 


dR 
(111-1) 
dt R 


the influence of adsorption on the interfacial free en- 
ergy may be introduced directly by inserting the 
proper dependence of « upon R. 

2 


[III-2] 


cont 
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where C, is the impurity concentration in the bulk and 
s is the surface area per unit volume. Since s c& 3/2R, 


os 3 
> ——.. 
oR 2R° 
Let Q = 0e/0C;. Then in accordance with the Gibbs 


adsorption isotherm,” the surface excess concentration 
I at the grain boundaries is given by 


— [IlI-4] 


Since the total concentration C is equal to the bulk 
concentration plus 


and upon differentiation, the following is obtained: 


(III-3] 


ac, Krc(@ —) 


(kT — 


Since at the low concentrations where Q is large 
enough to be of importance it is substantially constant, 
the term in 0Q/2ds may be eliminated, leaving 


oC; kTC 4kTCQR’*® 
QR. 
es (kT — sQ)* (2kTR — 3Q)* 


Combining Eqs. III-2, 3, and 5 leads to the desired re- 
lationship between ¢ and R. 


d 
6kTCQ f = 
(2kTR — 3Q)* 
2kTR + CQ) — 
2kTR — 3Q 


Letting P = «. + CQ and inserting Eq. 6 in the growth 
equation, 


[III-6} 
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Fig. 2—Grain growth kinetics predicted by Eq. 8 for vorious values 
of the adsorption coefficient Q = O0/0Cs. 


dR 2kTPR — 3Qe. 
= a( ). {111-7} 
dt 2kTR* — 3QR 
On integration, the result is 
R* — 3CQ’*(R — R.) 9CQ*c. 
2P 2kTP* 
2kTPR — 
= At. [III-8} 


n 
2kTPR. — 


Formally, Eqs. III-7 and 8 require a limiting grain 
size when R = 3Qce./2kTP if both P and Q are nega- 
tive. However, this limiting size would correspond to 
reduction of the grain boundary free energy to zero, 
a condition certainly never approached with attainable 
values of Q. In order to estimate the possible influ- 
ence on grain growth kinetics of boundary free energy 
reductions arising from adsorption, we may use for Q 
values in the neighborhood of —3.36x10" erg cm 
atom". This value was derived from measurements”® 
of the influence of oxygen adsorption on the surface 
free energy of silver and was substantially constant up 
to a concentration of 1.6x10" atom cm™. Since surface 
free energies are several times as large as grain bound- 
ary free energies, it is unlikely that any impurity will 
adsorb at grain boundaries with a larger negative 
value of Q. The curves plotted in Fig. 2 were com- 
puted for an initial grain radius of 0.01 mm, C = 10” 
atom cm™, = 500 erg and kT = 2x10™ erg 
atom”. Under these conditions, the grain boundary 
free energy is reduced to zero during growth if Q < 
— 5x10 erg cm atom”. It may be seen that the shape 
of the grain growth curve is not altered significantly 
unless Q has a negative value nearly large enough to 
produce a limiting grain size, ie., unless the grain 
boundary free energy is reduced to zero. Hence it does 
not appear that reductions in grain boundary free en- 
ergy as a result of adsorption can be responsible for 
the low values of the grain growth exponent usually 
observed in metals. 

*”R. L. Fullman: Boundary Migration During Grain Growth. 
Metal Interfaces. (1952) Cleveland. ASM. 

“= J. W. Gibbs: Scientific Papers. (1906) Vol. 1. New York. Long- 
mans, Green & Co. 


#@F. H. Buttner, E. R. Funk, and H. Udin: Adsorption of Oxygen 
on Silver. Journal of Physical Chemistry (1952) 56, p. 657. 


E. S. Machlin (author’s reply)—In answer to Dr. 
Fullman’s comments, it can be remarked that a re- 
reading of the text will show that the analysis as given 
is consistent with the assumptions specifically made 
and the grain boundary migratior model used. The 
real point of difference relates to the reasonableness of 
an assumption that the number of impurity atoms 
traveling with the grain boundary remains constant. I 
concede Dr. Fullman’s point that this assumption has 
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no reasonable basis. However, neither is the assump- 
tion of Dr. Fullman’s treatment in the discussion rea- 
sonable. This assumption is that the migration of the 
boundaries occurs such that the concentration of im- 
purity atoms in the matrix removed from the bound- 
aries is in equilibrium with the excess in the bound- 
aries at all times. A detailed look at the mechanism of 
continuous grain growth shows that this condition is 
improbable. Let me elucidate this detailed model of 
continuous grain growth. It is generally agreed that 
grains in a polycrystal become larger during contin- 
uous grain growth as a result of the disappearance of 
smaller grains. A schematic description of this process 
is presented in Fig. 3. Grain A increases in size by the 
migration of boundary 1-1 into grain B. This basic 
step is repeated successively by removal of some of the 
remaining boundaries, such as 2-2 which moves into 
and devours grain C. Now suppose that at the start all 
boundaries contain the equilibrium number of im- 
purity atoms per unit area. As boundary 1-1 moves 
into grain B, its composition is in equilibrium with the 
surrounding grains A and B. However, the area of 
boundary 1-1 is decreasing and hence the excess con- 
centration of impurity atoms associated with the dis- 
appearing boundary area must be dissipated. Where do 
these excess impurity atoms go? A glance at Fig. 3 
will show that the most likely sites to absorb these 
atoms are the boundaries 2-2 and 3-3, the loci of the 
regions along which the boundary 1-1 is annihilated. In 
other words, the migration of one boundary will lead to 
an increase in the excess impurity concentration of the 
adjoining boundaries above that of the level in equi- 
librium with the surrounding grains, Now, the adjoin- 
ing boundaries are supersaturated with impurity 
atoms. The initial rate of migration of these bound- 
aries is determined either by the rate at which these 
atoms diffuse into the surrounding grains or into the 
intersecting boundaries, or the rate of migration of the 
supersaturated boundary initially carrying all the 
impurity atoms with it, whichever is the faster. That 
is, there may be a local barrier to the migration of the 
supersaturated boundaries, or the driving force may be 
markedly reduced. In either case, one would expect a 
period of no migration to very slow migration of the 
supersaturated boundaries, followed by an acceleration 
in the rate until the normal rate of migration of a 
saturated* boundary is reached. One can attempt to 


* The term, saturated, is meant to apply with respect to the aver- 
age impurity concentration of the matrix. 


Fig. 3—Schematic model of grain growth showing how part of grain 
boundary impurity excess is transferred to adjoining boundaries. 
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treat the driving force of a supersaturated boundary in 
a polycrystalline matrix according to the model de- 
scribed. For such a boundary the decrease in free 
energy per unit area of boundary per unit decrease in 
the radius is 


dg 2e(R) dr 

—— = — — kT —— In (VOdr/4D) 

dR R dR 


where @¢ is the interface energy, ergs per sq cm; R is 
the average radius of grains, cm; k is Boltzmann’s con- 
stant, 1.38x10" ergs per “K per atom surface excess 
concentration, atoms per sq cm; V is the atomic vol- 
ume, cu cm per atom; 6 is the average solid angle cir- 
cumscribing moving area; D is the average grain di- 
ameter, cm; T is the absolute temperature, °K; I, is 
the surface excess concentration in equilibrium with 
average matrix composition; » is the chemical poten- 
tial of impurity in excess at average matrix composi- 
tion; and Ar, is the degree of supersaturation of surface 
excess in boundaries adjoining moving boundary 2-2. 

In this equation, the first term is due to the annihila- 
tion of grain boundary area; the second term accounts 
for the increase in free energy, due to the segregation 
of the impurity excreted by the boundary, in move- 
ment dR, into the matrix adjoining the boundary of 
volume 6R’dR, over the free energy associated with the 
solute being thoroughly mixed in volume D" (ideal 
mixing is assumed here); the third term is the decrease 
in surface energy due to the decrease of the super- 
saturation in the surface excess concentration; the 
fourth term is the free energy increase due to the ad- 
dition of (t — I.) to the surface excesses of those parts 
of the adjoining boundaries traversed by the moving 
boundary such as 2-2 (in the latter two terms, Henry’s 
law is assumed to apply to the surface activity co- 
efficient). 

Substitution of reasonable numbers in E«. ITI-9 leads 
to the conclusion that at first practically #l of the im- 
purity atoms must travel with the boundary to keep 


the free energy decreasing. Thus, the initial mobility 
of the boundary is controlled by the mobility of the 
impurity atoms in the boundary. As the boundary be- 
comes cleaner, the rate of migration of this boundary 
increases as described before. 

In order to obtain the influence of impurity atoms 
on the grain growth exponent, it is necessary to know 
how the impurity content of each grain boundary at 
the start of its migration varies with the average grain 
diameter. On considering the model outlined in Fig. 3, 
it seems reasonable to assume that the increase in im- 
purity concentration is proportional to the decrease in 
grain boundary area per unit volume. To a first ap- 
proximation, the initial rate of migration, which, as 
indicated, will account for almost all the lifetime of a 
given grain boundary, is then 


dR L 2¢(r) L or 6 
[111-160) 
dt T os R’ 


(It should be noted that Eq. III-10 as a function of R 
is similar to Eq. II-7.) or is the increase in impurity 
concentration per unit, os is the increase in grain bound- 


6 
ary area per unit volume, (i.e., s = R’ approximately). 


Thus, the conclusion arrived at in the text is valid and 
the conclusion reached by Dr. Fullman is invalid. 

I would like to correct a mistake in the description 
of the term Ag applying to the equation at the bottom 
of the first column on p. 441. It should be noted that 
Ag is the difference in free energy for the chemical 
reaction o’ to i for a plane interface. Thus, 


Ag = — Ce’) 5) 


where (C), represents the larger numerical concentra- 
tion of the two possible: (C,’), or (C.’),. Also, I would 
like to emphasize that Eq. II-11 is an approximation. 
A more rigorous treatment of the pearlite problem is 


required. 


DISCUSSION, L. S. Darken and Leslie Seigle, Chairmen 


J. Benard (Faculté des Sciences, Université de Paris, 
Paris, France)—The authors admit that the growth 
law of the oxides Fe,O, and Fe.O, on the surface of 
iron during oxidation is of the parabolic type. Thus 
they agree with the conclusions given by Davies, 
Simnad, and Birchenall." They emphasize in this con- 
nection the disagreement which exists between these 
conclusions and those previously brought out by Benard 
and Coquelle.” 

It seems necessary to us to present again our view- 
point on this subject. In effect, since the time when 
Coquelle first stated the possibility of determining the 
growth kinetics of the different iron oxides experi- 
mentally by thickness measurements on polished cross 
sections, several attempts have been made to apply this 
method under various conditions, sometimes different 
from those under which the first experiments had been 
carried out. It is by no means surprising that certain 
differences arose among investigators, due to the well 
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Self-Diffusion of Iron in Iron Oxides and the Wagner Theory 
Of Oxidation 


by L. Himmel, R. F. Mehl, and C. E. Birchenall 


known influence of the state of the metal surface and 
the conditions of primary film formation on the whole 
process of oxidation. 

On the one hand, the thickness measurements of the 
layers of the oxides Fe,O, and Fe.O, published by 
Davies, Simnad, and Birchenall® do not seem to permit 
an unambiguous conclusion concerning the growth law 
of these oxides in the course of the oxidation of iron. 
On the other hand, oxidation curves of the oxides FeO 
and Fe,O, obtained by gravimetric methods refer to 
reactions performed in the absence of an underlayer 
of metallic iron, and consequently cannot be used in- 
discriminately in order to help in the interpretation of 
the oxidation mechanism of the metal. 

We recently made a new series of experiments using 
every precaution to avoid any disturbance of the course 
of the reaction. The variation of thickness of the oxide 
layers Fe,O, at 850° and at 900°C is indicated in Fig. 11. 
One can see that after a few hours, during which the 
curve presents a parabolic shape, the law becomes 
linear. In particular, at 900°C, the velocity remains 
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Fig. 11—Growth of the Fe,O, layer during oxidation in air. Curve 
1—Experimental points of Bernard” at 900°C. Curve 2—Parabolic 
curve recalculated from the 5 hr point of curve 1. Curve 3—Experi- 
mental points of Bernard and Coquelle,” and Paidassi” at 850°C. 


rigorously constant from the fifth hour until the thirty- 
third hour. 

The comparison of the experimental curve with the 
parabolic part of the curve extrapolated on the basis 
of the law followed during the first few hours, proves 
without any doubt that the process taken as a whole 
cannot be represented by a single relationship. 

This result presents no basic discrepancy with the 
first experiments, which in the same way showed a 
period of slowing down of the velocity of reaction pre- 
ceding the linear period. The only difference is in the 
delayed observation of the linear running of the re- 
action in the recent experiments. 

Moreover, the latter results are not in disagreement 
with those published a short time ago by Paidassi.” 
Doubtless this author improved the technique used in 
producing micrographic sections of a very high degree 
of perfection, and doubtless the accuracy of his measure- 
ments is the best ever reached in such experiments. 

Now, we have to define the possible significance to 
be given to the development of a linear law taking 
place after a period during which the process seems to 
follow a normal diffusion law. It was more likely to 
consider the inverse succession as a function of time. 
In our opinion, one cannot interpret satisfactorily the 
latter experiments without considering the interference 
of another factor, the influence of which would be apt, 
in a progressive way, to modify the part played by the 
normal diffusion in the oxidation process. 

In addition, careful studies of the metal close to its 
surface in contact with the oxide showed the appear- 
ance of gaps, the volume of which increased as a func- 
tion of the oxidation duration. These gaps do not seem 
to result from the breakage of the metal-oxide contact, 
consequently to tensions arising at the metal-oxide 
boundaries; in fact, this breakage produces cracks of 
a very different appearance parallel to the interface. 
They are more likely to be relevant to the kind of 
phenomenon, reported by Kirkendall and Smigelskas,“ 

“A. D. Smigelskas and E. O. Kirkendall: Trans. AIME (1947) 
171, p. 130; Merats Tecunotocy (October 1946). 
which takes place in the neighborhood of the inter- 
faces where diffusion is particularly intense. In the 
present case the expansion of such gaps leads, in a 
progressive way, to the screening off of the upper 
layers of the oxide film from the diffusion flow of 
metal and consequently increases the apparent growth 
velocity of the higher oxides, particularly Fe,O,. Thus 
the substitution of the law of the linear form for the 
expected parabolic law, after a certain period of oxida- 
tion, could be explained. 

In a more general way, one can think that this inter- 
fering phenomenon is apt to explain certain discrep- 
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ancies in the research on metal oxidation kinetics at 
high temperature. 

L. Himmel, R. F. Mehl, and C. E. Birchenall (au- 
thors’ reply)—In presenting additional data to support 
the earlier measurements of Bénard and Coquelle,” 
Professor Bénard once again emphasizes the view that 
the kinetics of growth of the individual oxide layers 
on iron cannot be uniquely represented by a parabolic 
rate law. Specifically, Professor Bénard finds that at 
temperatures between 850° and 900°C, the thickness of 
the magnetite layer increases parabolically with time 
only during the first few hours of oxidation and that 
thereafter the growth rate becomes linear. Although the 
authors admit that situations do exist under which the 
transfer of iron or oxygen atoms across the metal-oxide 
or oxide-gas interface becomes rate-controlling,” they 


unambiguously in this manner. 

Furthermore, the comments made by Professor Bénard 
seem to leave the mistaken impression that his results 
are not in conflict with the recent work of Paidassi.” 
Using improved micrographic techniques, Paidassi also 
measured the rates of growth of the higher oxides in 
multilayer scales formed on iron and demonstrated that 
the magnetite and hematite layers both grow para- 
bolically with time at all temperatures between 700° 
and 950°C for oxidation times of from 1 to at least 16 
hr. On the basis of these results, Paidassi himself con- 
cluded that the rates of growth of the Fe,O, and Fe,O, 
layers are limited not by interface reactions but by dif- 
fusion processes within the oxides themselves. Paidassi’s 
data, therefore, confirm the conclusions reached by 
Davies, Simnad, and Birchenall,® but are clearly in dis- 
agreement with the work of Bénard and Coquelle. 

It now seems well established that as long as metal- 
oxide contact is maintained, the growth of the mag- 
netite layer follows a parabolic rate law. Under these 
circumstances iron ions are continuously being sup- 
plied from the metal to the wiistite-magnetite interface 
by diffusion through the underlying wiistite layer. At 
the opposite extreme, where the scale is diverced com- 
pletely from the metal, Davies, Simnad, and Birchenall 
have shown that the magnetite layer continues to grow 
parabolically with time on a wiistite substrate, although 
at a somewhat faster rate. Thus, even when the supply 
of metal ions to the wiistite is seriously restricted, 
chemical reactions at this wiistite-magnetite interface 
do not become rate-controlling. The authors therefore 
find it difficult to accept Professor Bénard’s suggestion 
that a progressive reduction in the supply of metal ions 
to the scale will produce more than an apparent change 
in kinetics while the system adjusts from one parabolic 
rate to another. 

Certain other consequences of this proposal have been 
overlooked by Professor Bénard. If, for any reason, 
metal-oxide contact diminishes to the extent that trans- 
port across this interface becomes slow in comparison 
to the rate of diffusion of iron in wiistite, then the 
wiistite layer itself should grow at a linear rate. There- 
after, the thickness of the wiistite layer must increase 
less rapidly than would be predicted from an extra- 
polation of the initial parabolic rate curve. Moreover, 
the relative thickness of the higher oxides should be 
substantially greater than those observed in completely 
adherent scales.* Information of this type is very per- 


* Paidassi” has shown, for example, that over the entire tempera- 
ture range from 750° to 950°C, the thicknesses of the wiistite, mag- 
netite, and hematite layers remain in the approximate ratio 95:4:1; 
these relative percentages are also independent of time up to at 
least 16 hr of oxidation in air. It has even been suggested” that the 
relative prrceentages of the higher oxides be used as a rough meas- 
ure of the degree of adherence of the scale during oxidation. 


tinent to the problem raised and has not been included 
in Professor Bénard’s data. We hope that this aspect 
will be reported when the investigation is completed. 

In our opinion, the presence of pores or voids in the 
metal adjacent to the oxide interface is a separate phe- 
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nomenon in itself and has only indirect bearing on the 
kinetics of growth of the magnetite layer. Porosity of 
the kind described by Professor Bénard could possibly 
develop within the metal if there were a net flux of 
vacancies from the metal-oxide interface toward the 
interior.“ On the other hand, it is difficult to imagine 

“W. J. Moore: Journal of Chemical Physics (1953) 21, p. 1117. 


Moore looked for evidence of such an effect during the oxidation of 
copper and failed to find any. 


that the flow of vacancies which could be maintained 
by self-diffusion alone would be sufficient to produce 
pores of visible size in the metal. Such an effect has 
not been reported heretofore in pure metal systems, 
but is generally confined to metallic solid solutions in 
which chemical interdiffusion occurs in the presence 
of a concentration gradient. Professor Bénard’s ob- 
servation nevertheless may be significant and certainly 
merits further study. 


DISCUSSION, L. S. Darken and Leslie Seigle, Chairmen 


D. L. Martin (General Electric Research Laboratory, 
Schenectady)—This interesting paper recalls some re- 
sults reported in an AIME paper ten years ago by Earl 
Parker and myself.” We found that the rate of cooling 

“D. L. Martin and E. R. Parker: Effect of Cooling Rate and 
Minor Constituents on the Rupture Properties of Copper at 200°C. 
Trans. AIME (1944) 156, pp. 126-140. 
from the annealing treatment, prior to rupture testing 
at 200°C, influenced the life of high purity copper. 
Specifically it was shown that: 

1—The faster the cooling rate from 850°C, the shorter 
the 200°C rupture life, and the lower the ductility. 

2—The cooling rate effect was more pronounced 
when the specimens were cooled from 850°C than from 
500°C. 

3—The cooling rate effect was more pronounced in 
a specially prepared copper containing 0.013 pct of the 
normal wire bar impurities than for the high purity 
copper. 

Preliminary results presented in the same paper in- 
dicated that the rupture characteristics of high purity 
silver were affected by the cooling treatment. Detailed 
results were subsequently obtained on silver and are 
presented in Fig. 7. The interesting point to note is 
that the rupture life of silver was influenced by the 
cooling rate from the 850°C anneal when tested at 
150°C, but not at 200°C. 

The explanation advanced by Parker and myself was 
one involving freezing-in of lattice imperfections. It 
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Fig. 7—Effect of cooling rate and test temperature on rupture 
properties of high purity silver. 
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Decay of Lattice Defects Frozen into an Alloy by Quenching 


by A. E. Roswell and A. S. Nowick 


10 100 1000 


was suggested that water quenching retained imperfec- 
tions generated at high annealing temperatures, whereas 
slow cooling resulted in a more perfect arrangement 
of the atoms. It was further assumed that the differ- 
ences in rupture properties were related to the pres- 
ence of more lattice imperfections in the water quenched 
specimens. At the higher annealing temperatures the 
number of imperfections should increase because of 
increased thermal activity, and thus account for the 
more pronounced cooling rate effect observed for the 
specimens annealed at 850°C compared to 500°C. The 
absence of a cooling rate effect for silver tested at 
200°C might be attributed to faster relaxation at that 
temperature. 

The hypothesis of freezing-in of lattice imperfections 
was originally advanced to explain the cooling rate 
effect for the high purity metals on the assumption that 
the presence of less than 0.001 pct impurities could not 
account for the effect. After ten years I do not feel so 
confident about the validity of this assumption. For 
one thing, our results show a more pronounced cooling 
rate effect with the addition of 0.013 pct impurities to 
the high purity copper. If 0.013 pct solute atoms can 
be very effective, why not a significant effect due to 
0.001 pet? Additional experimental data are needed to 
clarify the role of solute atoms and of lattice defects. 

The anelastic measurements used by the authors to 
study relaxation of defects in silver-zinc would appear 
to be an excellent method of studying the cooling rate- 
rupture life phenomena observed for copper and silver. 
Have the authors made any anelastic studies on silver 
or copper that might help in the interpretation of the 
effect of cooling rate on the rupture characteristics? 
If not, I hope they will be able to extend their studies 
to these metals in order to provide the needed infor- 
mation to clarify the relative role of lattice defects and 
of solute. atoms. 


A. E. Roswell and A. S. Nowick (authors’ reply)— 
The results reported by Dr. Martin are not inconsistent 
with the hypothesis that vacancies are responsible for 
the observed effects. To explain the absence of a 
quenching effect in silver tested at 200°C, it seems 
necessary to suppose that only vacancies which decay 
under stress contribute toward shortening the rupture 
life, while those that decay out before stress is applied 
have no effect.: Thus at 200°C we must assume that 
the vacancy decay time is of the order of the time that 
the specimen is left in the furnace before stress is ap- 
plied, presumably several minutes. Such a decay time 
is observed at a somewhat lower temperature (about 
80°C) for the silver-zinc alloy in the paper under dis- 
cussion. This difference is consistent with the lower 
composite activation energy for diffusion of Ag-Zn 
(30.5 kcal per mol) as compared to the value of 46 
kcal per mol for pure silver.” 


* W. A. Johnson: Trans. AIME (1941) 143, p. 107. 
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On the other hand, until the effects of impurities are 
better understood and the possible role of quenching 
stresses clearly eliminated, the question of the origin 
of the shortened rupture life is still an open one. Un- 
fortunately, the anelastic methods described in this 


paper would not be able to contribute toward clari- 
fication of the rupture mechanism, since they are limited 
to substitutional alloys. The basis of the method is 
stress-induced ordering, which cannot occur in a pure 
metal. 


The Ternary System Ti-Ta-C 


by John G. McMullin and John T. Norton 


DISCUSSION, Otto Zmeskal and D. J. Blickwede, 
Chairmen 


Irving Cadoff and John P. Nielsen,(New York Uni- 
versity, New York)—We should like to comment on 
the differences in reported data in the case of the lower 
carbon limit of the 8 (TiC) field. In analyzing the data 
presented by Ehrlich,* we found that the disagreement 
in this area of the binary Ti-C system was most likely a 
result of contamination of oxygen and/or nitrogen. It 
is quite possible to substitute oxygen and nitrogen 
atoms for the carbon atoms in the interstitial sites of 
the TiC lattice and thereby obtain a stable TiX com- 
pound at lower carbon content. In support of this we 
cite the lattice constants reported for TiC. In both the 
present investigation and Ehrlich’s work, the lattice 
constants are significantly lower than those obtained in 
our earlier work.‘ Since the lattice parameters for TiO 
and TiN are both lower than that for TiC, the presence 
of oxygen and/or nitrogen in substitution for carbon 
would result in lower lattice parameters for contam- 
inated TiC. The inability to obtain true stoichiometric 


TiC can also be attributed to the presence of oxygen 
and/or nitrogen in the interstitial sites which would 
normally be occupied by carbon in forming TiC. 

On this basis the higher carbon 5 boundary approaches 
the case of the oxygen and nitrogen free system, whereas 
agreement between the present data and that of Ehrlich 
indicates that similar contaminating disturbances were 
present in both these investigations. 


J. G. McMullin and J. T. Norton (authors’ reply)— 
The remarks by Cadoff and Nielsen on the influence of 
oxygen and nitrogen as impurities in titanium carbide 
are very pertinent. Small amounts of these elements 
are very difficult to exclude and their presence results 
in lower values of the lattice constant. No analysis for 
these elements was made in the present work, but every 
attempt was made to keep them at as low a value as 
possible. Although there seems little doubt as to the 
general positions of the phase boundaries, their exact 
location can only be fixed by the use of specimens in 
which the amounts of oxygen and nitrogen in solution 
in the TiC phase are accurately determined by chem- 
ical analysis. 


Order-Disorder Transformation in Cu-Au Alloys 


Near the Composition CuAu 


by J. B. Newkirk 


DISCUSSION, Otto Zmeskal and D. J. Blickwede, 
Chairmen 


M. Hirabayashi (The Research Institute for Iron, 
Steel, and Other Metals, Tohoku University, Sendai, 
Japan)—I should like to present evidence for heter- 
ogeneous transition from order to disorder in the 
Mg-Cd alloys near the composition MgCd. Fig. 7 shows 
the two-phase regions, separating the ordered and dis- 
ordered phase fields, as determined by specific heat 


Fig. 7—Phase fields in 
Mg-Cd alloys. 


Ca clonic 7, 
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measurements’ during the disordering reaction. Three 
specific heat curves are replotted in Fig. 8. Their char- 
acteristic shapes are similar to those of specific heat 
curves obtained during fusion of solid solutions, such 
as Bi-Sb” or Mg-Cd alloys," and may be interpreted 
in terms of the existence of a two-phase region, al- 
though direct evidence of the two-phase region by 
X-ray diffraction has not yet been obtained. The “dis- 
ordus” and “ordus” correspond to the “liquidus” and 
“solidus,” respectively. Although the author stated’ 
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Fig. 8—Specific heat curves of Mg-Cd alloys. 
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that specific heat measurements are poorly suited to 
the study of equilibrium phenomena, at least in this 
case there seems to be little doubt that the specific 
heat curves reveal the nature of the disordering re- 
action under nearly equilibrium conditions, for the 
transformation rates of these alloys are relatively fast. 

By a similar method, I have investigated several 
Cu-Au alloys near CuAu.” It appears that the author’s 
remark described above fits this case. The curves of 
specific heat (or thermal coefficients of electrical resis- 
tivity and thermal expansion) vs temperature for 
Cu-Au alloys show two peaks. However, they do not 
correspond to heterogeneous order-disorder transfor- 
mations as is the case for the Mg-Cd alloys, but to two 
transitions, namely, from CuAu I to CuAu II and from 
CuAu II to the disordered state. The evidence for this 
conclusion is that the two peaks have been observed 
only over the composition range of about 47 to 55 
atomic pet Au, including the stoichiometric composi- 
tion 50/50, but not at other compositions. The transi- 
tion temperatures (peaks of specific heat curves) are 
replotted in Fig. 9. It would be of greatest interest to 
hear the author’s opinion or expectation concerning 
the following two regions in the phase diagram of these 
alloys, namely: 1—the transformation in the region 
(about 30 to 35 pet Au) between the ordered Cu,Au 
and CuAu II phases, and 2—the phase boundary be- 
tween CuAu I and CuAu II near the 50/50 composition. 

From the appearance of a latent heat of evolution, 
it could be concluded” immediately that the order- 
disorder transformation of CuAu as well as MgCd 
should be regarded as first order. Finally, it is interest- 
ing to note that a CuAu crystal, at an early stage of 
the ordering reaction, shows X-ray diffuse scattering 
effects closely resembling those found in CoPt crystals 
by Newkirk et al.,” and as ordering proceeds, the face- 
centered tetragonal spots for the ordered phase appear 
in addition to the cubic spots. Further X-ray inves- 
tigations are now in progress. 


S. Ogawa and D. Watanabe (The Research Institute 
for Iron, Steel, and Other Metals, Tohoku University, 
Sendai, Japan)—We have investigated the ordered 
state in the Au-Cu alloy of the atomic ratio 1 to 1 by 
electron diffraction with well orientated thin films 
which were condensed in vacuum on cleavage surfaces 
of rocksalt heated at 400°C. Gold and copper were 
evaporated from fine wires laid in a tungsten filament, 
the quantity of each metal being so determined that 
the alloy film of a proper thickness of 300 to 400A had 
a definite atomic composition, and films thus formed 
were sufficiently homogenized at appropriate tempera- 
tures. The crystal structures of these films were studied 
after quenching at various temperatures and, espe- 
cially, the structure of CuAu II was elucidated in detail 


by electron diffraction.” 
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The transition region between the ordered and the 
disordered states near the atomic composition 1 to 1 
in the equilibrium diagram was also the object of the 
examination, because the direct evidence of the co- 
existence of the two phases by X-ray hitherto has not 
been given in the Au-Cu system, though Haughton and 
Payne” deduced it from the change in electrical resis- 
tance. Soon after we finished our work, the paper 
under discussion was published. Our study is, there- 
fore, not original on this topic, but it is not meaning- 
less that such a two-phase region also could be con- 
firmed by electron diffraction. One well orientated film 
containing 55 pct Au and four polycrystalline films 
containing respectively 40, 42, 45, and 46.5 pct Au were 
quenched at various temperatures. The heat treatment 
was carried out in a highly evacuated copper tube and 
the quenching was done by pouring water rapidly onto 
the copper tube immediately after removal from an 
electric furnace. Fig. 10 shows an electron diffraction 
pattern given by the orientated film of 55 pct Au 
quenched at 370°C. The coexistence of spots belonging 
to CuAu II and those belonging to the disordered phase 
is clearly seen. The films, in general, were kept at 
quenching temperatures for 3 hr. In order to examine 
whether or not the equilibrium was attained, the pro- 
longed annealing of 20 hr was made, which, however, 
had no influence on the diffraction pattern. Also for 
other reasons the equilibrium already seemed to be 
attained by the 3 hr annealing. The results obtained 
are shown in Fig. 11, and are similar to those Newkirk 
obtained by X-ray. The two-phase regions are not sym- 
metrical about the composition CuAu. 

Thus it was proved by electron diffraction that in 
Au-Cu alloys near CuAu in composition there is a co- 
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Fig. 10—Spots belonging to the cubic lattice in the 
CuAu film containing 55 pct Au quenched at 370°C. 
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Fig. 11—The equilibrium diagram near the 1 to 1 composition. 
e@, A, and X represent the cubic state, CuAu II, and the mixed 
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existence range of the ordered and disordered states 
in the equilibrium diagram. The detailed report will 
appear in the Journal of the Physical Society of Japan. 


J. B. Newkirk (author's reply)—The author is grate- 
ful to Hirabayashi and to Ogawa and Watanabe for the 
discussions and additional data which they have con- 
tributed. It is, of course, pleasing to learn that they 
have observed effects which support the conclusions 
expressed in this paper. 

The univarient construction, which Hirabayashi sug- 
gests below 40 and above 68 pct Cd in Fig. 7, is ques- 
tionable on theoretical grounds. However, the positions 
of the ordus and the disordus lines between these com- 
positions are in remarkably good agreement with those 
derived from equilibrium electrical conductivity and 
thermal expansion data by Grube and Schiedt.” This 
constitutes a good basis for Hirabayashi’s assertion that 
specific heat measurements are significant for the rela- 
tively rapid ordering reaction in MgCd. It is for such 
alloys as CuAu and Cu;Au (unfortunately the classic 
ones for early order-disorder studies) wherein the 
transformation occurs slowly, that specific heat meas- 
urements have been quite misleading. 

The transformation in Cu-Au alloys near the com- 
position 36 pct Au occurs at a relatively low tempera- 
ture and is therefore extremely slow, making very 
difficult and tedious any observations as to its nature. 
Our X-ray tests on alloys near this composition have 
been inconclusive, due to the failure of a six months’ 
isothermal heat treatment to attain equilibrium. How- 


ever, it appears that the two-phase region associated 
with Cu,Au extends up to a composition of about 32 pct 
Au. There is some recent electrical resistivity evidence* 
which suggests that a eutectoid reaction may occur at 
a composition of about 36 pct. 

To date we have found Debye-Scherrer evidence for 
the coexistence of the CuAu I plus the CuAu II struc- 
tures in two initially disordered and cold drawn wires 
which had been held 65 days in a temperature gradient. 
A 49 pct Au alloy, annealed at 397°C, gave only the 
CuAu II pattern; however, between 392° and 367°C the 
CuAu I and CuAu II patterns were both present. A 50 
pet Au alloy had the CuAu I structure at 392°C, the 
CuAu II structure at 397°C, and both at 393° and 395°C. 
We are not yet certain that these tests represent equi- 
librium conditions. 

Hirabayashi’s investigation of diffuse X-ray scatter- 
ing from a partially transformed single crystal of CuAu 
should be significant and his results are awaited. 

*M. Hirabayashi, H. Maniwa, and S. Nagasaki: Journal Japan 
Inst. Met. (1950) 14, No. 3, p. 6 (in Japanese). 

1 Unpublished data 

1M. Hirabayashi: Journal Japan Inst. Met. (1952) 16, p. 295 (in 


English) . 

12M. Hirabayashi: Journal Japan Inst. Met (1951) 15, p. 565 (in 
English) . 

“J. B. Newkirk, R. Smoluchowski, A. H. Geisler, and D. L. Mar- 
tin: Acta Crystallographica (1951) 4, ° 507. 

“S. Ogawa and D. Watanabe: Crosses Observed in the Electron- 
Diffraction Pattern of an Orientated CuAu Film. Acta Crystallo- 
graphica (1952) 5, p. 848. The details will be published in the 
Journal of Phys. Soc. of Japan 

“J. L. Haughton and R. J. M. Payne: Transformations in the 
Gold-Copper Alloys. Journal Inst. Metals (1931) 46, p. 457. 

%G. Grube and E. Schiedt: Ztsch. anorg. allgem. Chemie (1930) 
194, pp. 190-222. 


DISCUSSION, E. J. Dofter and V. H. Patterson, 
Chairmen 


L. Muldawer (Temple University, Philadelphia)—I 
am afraid that some of the authors’ conclusions must 
be changed because of their use of a faulty phase dia- 
gram in the Metals Handbook.* The high temperature 
phase is body-centered cubic (§), the intermediate 
temperature phase is hexagonal (¢), and the low tem- 
perature phase is CsCl ordered (’). Thus, it is seen 
that the € and #’ phases have somehow been inter- 
changed in the Metals Handbook. The evidence for this 
revised picture comes from two sources: 1—a careful 
study of the literature, and 2—a recent experimental 
investigation” using electrical resistance measurements 
and X-ray diffraction studies on samples at tempera- 
ture and on quenched samples. When the results of 
the beautiful metallographic work of Speich and Mack 
are re-examined in the light of the corrected phase dia- 
gram, some interpretations become simpler and more 
natural. 

I should like to re-examine several of the items listed 
at the beginning of their discussion: 

Item 4—The 8” metastable phase is hexagonal as the 
authors point out on the basis of etching pits. It is 
only metastable in that it contains too much silver. 
With precipitation of a phase, the ¢ phase reaches 
equilibrium composition while still maintaining the 
same (or nearly the same) crystal structure. This 
change in composition may explain the change in the 
color of etching. It is unlikely that the consumption 
of the p” by the ¢ phase is an ordering reaction, since 
the ¢ phase is nearly completely disordered.” 

Item 6—Upon quenching below 240°C, most of the 
8 converts to ordered p’. Below 240°C, #’ is stable and 
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Silver-Cadmium Eutectoid 


by G. R. Speich and David J. Mack 


the s” that was formed was formed while the alloy was 
in transition from 440° to 240°C. This explains why 
the pearlite nodules formed below 240°C consume only 
the 8” and do not grow into the surrounding p’. Since 
the cooling was very rapid, only a portion of the alloy 
converted to 8”. The phase transformation at 240°C is 
very marked when observed by resistance measure- 
ments, a 25 pct change in resistance being noted. 


G. R. Speich and D. J. Mack (authors’ reply)—The 
discussion of Professor Muldawer is most welcome. He 
is correct in showing that the Ag-Cd phase diagram 
published in the Metals Handbook and used in the 
present work is in error. The #’ and ¢ phases have been 
interchanged in this diagram; the correct diagram is 
given by Hansen.” 

The recent X-ray work of Muldawer, Amsterdam, 
and Rothwarf" on a 51.7 pct Ag alloy has further clari- 
fied the transformations which occur in Ag-Cd alloys 
of near-eutectoid compositions. These investigators de- 
termined the phases present in samples quenched from 
different temperatures and also while at temperature. 
The high temperature X-ray diffraction patterns 
showed that the main phase present at 361°, 229°, and 
204°C was ¢ (hexagonal close-packed). The phases 
present in samples quenched from below the eutectoid 
temperature (440°C) but above the lower transforma- 
tion temperature (240°C) were a (face-centered cubic), 
¢ (hexagonal close-packed), and ’ (ordered body- 
centered cubic). The presence of #’ in these samples 
was explained through the ¢ > #’ reaction occurring on 
the quench. 

The above-mentioned X-ray work, which was not 
available before the publication of the present work, 
and the use of the correct phase diagram leads to a 


MAY 1954, JOURNAL OF METALS—675 


eal 
“3 
7 


much simpler interpretation of the eutectoid trans- 
formation in these alloys. The high temperature phase 
8 (body-centered cubic) transforms rapidly into ¢ 
(hexagonal close-packed) upon quenching below the 
eutectoid temperature. The ¢ phase, which was errone- 
ously labeled metastable #”, rejects a (face-centered 
cubic) in the form of parallel plates at higher tempera- 
tures and in the form of two-phase pearlite nodules at 
lower temperatures. The third phase, p’ (ordered body- 
centered cubic), which was present in almost all the 
microstructures, was formed when the specimens were 
quenched to room temperature through the rapid 
ordering reaction ¢~,’. The #’ is not formed at higher 
temperatures as originally supposed and is only stable 
below 240°C. This new picture of the transformation 
is in conformity with the X-ray and metallographic 
results. 


The sharp color change observed in these alloys is 
not due to compositional changes as suggested by Pro- 
fessor Muldawer. It is associated with the (8 re- 
action. This is evident since, if the color change was 
due to compositional changes in the ¢ accompanying 
the rejection of a, then the color change would occur 
uniformly in the ¢ and not as shown in Figs. 10 and 11. 

With regard to Item 6, we agree with Professor 
Muldawer in that only a portion of the alloy trans- 
formed to ¢ upon quenching below 240°C, and this 
explains why the pearlite reaction stops. 

“it L. Muldawer, M. Amsterdam, and F. Rothwarf: The Silver- 
Cadmium Beta and Zeta Phases. Trans. AIME (1953) 197, p. 1458; 
Journnwat or Metats (November 1953). 

"A. Olander: Eine elektrochemische Untersuchung von Cad- 

mium-Silber-Legierungen. Ztsch. Physikalische Chem. (1933) 168, 


p. 107. 
4M. Hansen: Der Aufbau der Zweistofflegierungen (1936) Ber- 
lin. Springer. 


On the Theory of the 


Formation of Martensite 


by M. S. Wechsler, D. S. Lieberman, and T. A. Read 


DISCUSSION, E. J. Dofter and V. H. Patterson, 
Chairmen 


E. C. Bain (United States Steel Corp., Pittsburgh)— 
It is gratifying to note that the oversimplified, basically 
intuitive concept of the crystallographic formation of 
martensite proposed 30 years ago has proven helpful 
in this recent analysis of the problem. The precision 
currently attained in such researches so far exceeds 
that available 30 years ago that it is intriguing to find 
the authors’ regarding with such favor a mechanism 
proposed so long ago and, in the interim, replaced by 
other more complex and, at the time they were pre- 
sented, seemingly more scientifically acceptable anal- 
yses. 

The authors’ comments lead to speculation as to 
whether increasing refinement in measurement may 
not sometimes lead to such involved data that the 
simple, basic mechanism responsible may be tempo- 
rarily obscured. However that may be, the pattern of 
scientific progress has often involved the sequence 
from the relatively simple to the complex and ulti- 
mately back again to the simple, with accompanying 
refinement and far greater understanding than was 
possible in the beginning. 


A. H. Geisler (General Electric Research Labora- 
tory, Schenectady)—The authors have supplied a quan- 
titative treatment of the basic concept that concurrent 
slip or twinning plays an important part in controlling 
irrational crystallographic features of martensite. 
While their treatment explains only the (3, 10, 15) 
habit plane for iron-base martensite, further applica- 
tions of other of the concepts which have been de- 
scribed qualitatively elsewhere” should permit the ex- 
tension of the authors’ treatment to explain other habit 
planes. For example, the (225) habit plane can be ex- 
plained qualitatively if it is assumed that the accom- 
panying slip is concentrated in the austenite surround- 
ing the growing martensite plate. Possibly the ana- 
lytical treatment could be formulated by using irra- 
tional elements for slip in the martensite that are 
parallel to face-centered cubic slip elements of austen- 
ite. Although the slip is regarded as being applied to 
martensite, this arrangement would represent the local 
conditions in the austenite just before being consumed 
by the advancing martensite plate. Another method 
would be to consider the strains for forming austenite 
from martensite, allowing slip in the austenite, then 
proposing that the distortions would be equivalent to 
those induced in the austenite when martensite is 
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formed from it. The habit plane expressed relative to 
the martensite lattice could be transformed in indices 
to express it in the usual manner relative to the austen- 
ite lattice. 

Once the limiting cases of slip concentrated in the 
martensite and in the austenite have been formulated, 
then habit planes intermediate between (3, 10, 15) and 
(225) such as the (259) would be predicted for propor- 
tionate mixtures of the two limiting cases. Likewise, 
to explain habit planes for products formed at higher 
temperatures under conditions where long range diffu- 
sion may operate, will require an analytical treatment 
in which only part of the strains need be relieved by 
concurrent deformation with the balance being ac- 
commodated by crystal recovery. 

As the authors have pointed out, more information 
is needed concerning the crystallographic details of 
the process in iron-base alloys. Specifically, the iden- 
tity and nature of the concurrent deformation process 
need to be determined. To determine experimentally the 
deformation elements will require two steps further ad- 
vanced beyond the usual orientation relationship and 
habit plane determinations. First, a specific variant of 
the family of habit planes will have to be related to a 
specific variant of the orientation relationship; then 
after suitable preparation to reveal the striated sub- 
structure either in the martensite or matrix, the re- 
sponsible slip elements can be identified from trace di- 
rections and macroscopic distortions. The procedure 
would require that the martensite plate be large 
enough to use single crystal X-ray diffraction tech- 
niques for orientation determination and twin detec- 
tion. Only one investigation has been pursued in this 
general direction and that was the work of Greninger 
and Troiano. In this regard I would like to ask the 
authors whether they believe the results on the Fe- 
Ni-C alloy are adequate to conclude that twinning is 
not involved in that alloy. The details of In-Th mar- 
tensite have been determined by Bowles, Barrett, and 
Guttman,” * and their complete rationalization on the 
basis of a product of parent and twinned regions has 
been made by Geisler and Martin.” ” Twins with only 
two out of a possible number of four orientations occur 
during the process. I wish to ask the authors whether 
their analytical treatment will predict which of the 
four twin orientations should occur, or is this a matter 
which must be supplied intuitively in formulating the 
analysis? 


E. E. Lahteenkorva, R. F. Bunshah, and R. F. Mehl 
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Fig. 9—A micrograph (a), a contour map (b), and an interferogram (c) of an unetched transformation relief in a Fe-30 pct Ni alloy. A is 


(Metals Research Laboratory, Carnegie Institute of 
Technology, Pittsburgh)—The authors have presented 
a very attractive theoretical treatment of the marten- 
site formation. Related to the same problem, the 
morphology of martensitic structures is being studied 
in the Metals Research Laboratory of the Carnegie In- 
stitute of Technology. The material is an alloy of iron 
containing 30 pct Ni. The habit plane of the martensite 
in this alloy is the same as that considered by the 
authors, viz., one of the {259}, type. In addition to the 
conventional metallographic microscopy, a two-beam 
interferometer and a balsam-layer interference tech- 
nique” are used in these studies. In the latter tech- 
nique, the specimen is coated with a thin layer of 
Canada balsam and examined under an ordinary mi- 
croscope. 

The specimens were austenitized at 1300°C for 18 hr 
and water quenched to retain the austenite at room 
temperature. They were then polished, electrolytically 
or mechanically, and subsequently transformed by 
subzero cooling. 

The micrographs, Figs. 9 and 10, represent some de- 
tails of the resulting unetched austenite-martensite 
aggregate. Figs. 9a and 10a show two fields of the re- 
lief structure, and Figs. 9c and 10c are the interfero- 
grams of the same fields. The contours of the constitu- 
ents are seen in a simplified form in Figs. 9b and 10b. 
The balsam-layer technique was used for both inter- 
ferograms, the specimen being polished mechanically 
in both cases. 

The vertical resolution of the two interferometric 
methods is 500 to 1000A in favorably oriented areas on 
the specimen. The lateral resolution is relatively poor 


austenite, M is martensite, | to 4 are deformation markings. X1000. Area reduced approximately 15 pct for reproduction. 


in the two-beam technique, but in the balsam-layer 
method it approximates that of the microscope. 

In general, the fringes on the martensite needles are 
rather straight and parallel, as in several areas in Fig. 
9c, only occasionally does the direction change locally 
at the midrib. The general direction of the fringes is 
about the same on both halves of a needle. Sometimes, 
when the spacing of the fringes is large, the surfaces 
reveal more curvatures, as in Fig. 10c. 

Most of the visible slip bands in austenite show dis- 
placements of fringes in interferograms of this type. 
The same is true for deformation markings in mar- 
tensite, examples of which are seen in Fig. 9, denoted 
with numbers 1 to 4. In general, the deformation seems 
to be rather uneven in distribution, and most of it is 
presumably due to large scale accommodations. The 
observed curvatures of the surfaces apparently result 
from these accommodation processes. 

Local striations are frequently observed at edges of 
martensite needles, often on one side of the midrib. In 
a few cases, the striae appear to extend almost over 
the entire martensite area, as on needle 1 in Fig. 10. 
In this case the deformation still is preferentially dis- 
tributed, and a single heavy marking appears in the 
middle of the needle. 

In the case of Fig. 10, it was possible to find some 
information on the crystallographic relations. The ori- 
entation of the austenite was determined by means of 
three sets of slip bands and a habit plane could be 
found for needle 1. Assuming that there is a one-to-one 
correspondence between the habit plane and the mar- 
tensite orientation, except, perhaps, for a twin relation, 
two possible orientations, corresponding to two twins, 
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Fig. 10—A micrograph (a), a contour map (b), and an interferogram (c) of an unetched relief in a Fe-30 pct Ni alloy. Note striations in 
martensite needles | and 2. A is austenite, M is martensite. X1000. Area reduced approximately 15 pct for reproduction. 
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were obtained for the martensite plate. The result of 
this analysis indicates that the striae are traces of the 
twinning plane common to the two twin orientations; 
this plane is nearly perpendicular to the surface of the 
specimen. In particular, in the case of the (10, 3, 15). 
habit plane, corresponding to the indices in Table II 
of the paper, the twinning plane would be the closest 
one to the original (110), plane, and the displacement 


direction would lie near [{110],. In the authors’ mar- 


tensite indices, this displacement direction is [11ll]u«, 
and the corresponding twinning plane is (112). Rela- 
tive to the sample, the [111] direction lies at about 
20° from the normal to the surface. 

With the specific indices obtained in this way, the 
distortion in the martensite plate under consideration 
could, perhaps, be identified with the twinning postu- 
lated by the authors in their twin product analysis. 
On the other hand, even these striations seem to be 
more irregular than that which would be expected 
from a transformation distortion alone. The preferen- 
tial distribution of striated areas and the nonuniform 
appearance of the individual striae indicate that the 
deformation may be due primarily to other effects. 

Even though residual stresses from the polishing 
operation may have aided the development of some of 
the features observed, it is very probable that the 
striations of the type seen in needle 1 of Fig. 10, as 
well as those of the more localized type, such as in the 
adjacent needle 2, are essentially related to the trans- 
formation process. Since the transformation is known 
to give rise to high internal stress concentrations, their 
effect should be considered. The internal stresses are 
apparently very inhomogeneous, within a plate as well 
as at its boundaries, and a nonuniform deformation is 
expected as a result of these stresses. It appears that 
the inhomogeneity of the observed striations is prop- 
erly accounted for if these patterns are mainly at- 
tributed to the stresses resulting from the transforma- 
tion, rather than to the transformation distortion it- 
self. It is possible that the striae appear almost im- 
mediately after the transformation distortion, perhaps 
even before other parts of the same plate are com- 
pleted. 

In this interpretation, striations of the type in Fig. 10 
could result from a transformation involving either 
twinning or slip. In the latter case, the striae may be 
an indirect consequence of a slip process on the (112) 
plane, or, on the anomalous slip plane (110),4. Twin- 
ning in the [111]» direction on the (112) plane, in the 
form of the observed striae, seems a likely process for 
stress relief after this kind of slip. The striae persist 
on etching to a considerable degree, which shows that 
their characteristics in this respect are closer to twin 
bands than to slip bands. 

Except for random cross markings, all striations ob- 
served in these studies have consisted of a single set 
of striae within a martensite needle. This, along with 
the observation that the interference fringes traverse 
a needle in nearly straight lines, can be taken as an 
indication that the elementary displacements are essen- 
tially parallel on both sides of the midrib. 

Apart from. a possible faint background pattern in 
areas like needle 1 in Fig. 10, no direct evidence for 
uniform slip or twinning has been found in these 
studies. Irregular striations of the type of twinning 
have been observed in martensite. It appears that 
these represent primarily an accommodation process 
subsequent to the transformation distortion. It may be 
that there exists a regular distortion pattern whose 
dimensions are in general just beyond the resolution 
of the techniques used and which can only be detected 
in cases of favorable surface orientation, ie., when 
both the plane of the distortion and the displacement 
direction are about perpendicular to the surface. To 
investigate this possibility, further work is under way 
on samples with initially known austenite orientation. 

M. A. Jaswon (Dept. of Mathematics, Imperial Col- 
lege, London, England)—Any proposed atomic mecha- 
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nism for the martensite transformation must be judged 
not only by crystallographic considerations but also 
from the point of view of the energy factors invoived. 
Significant features of the transformation are that it 
takes place extremely rapidly at even the lowest tem- 
peratures and generally leads to a structure which is 
metastable relative to the equilibrium structure at the 
temperature of formation.’ It is apparent that the 
process of formation involves an extremely small ac- 
tivation energy and that it is uninhibited, unlike diffu- 
sion, by lowering of temperature. All the character- 
istics of the transformation indicate an orderly, homo- 
geneous rearrangement of atoms within small regions, 
so that the paths of the atoms almost certainly consist 
of definite straight line sequences presumably deter- 
mined by activation energy valleys. The total net dis- 
placements of the atoms may be described by finite 
strain tensors in a variety of ways, but the components 
of any such strain tensor cannot have any physical 
significance, since they are assumed to be all simul- 
taneously operative. It is necessary to distinguish 
clearly between these formal displacements and the 
unique, physically meaningful sequence of movements 
which carry the atoms from their initial to their final 
positions. If by the Bain mechanism‘ we understand 
certain contractions and expansions followed or pre- 
ceded by a finite rotation, as discussed in the paper, 
then this picture of the transformation seems uncon- 
vincing, for it is difficult to see how straightforward 
finite contractions and expansions could ever be initi- 
ated without enormous activation energy, energy which 
would be available for generating the equilibrium 
structure. Apart from the pure strains postulated, the 
mechanism also necessitates a rigid body rotation in 
order to explain the observed lattice relationships. 
More precisely the Bain homogeneous distortion is ad- 
mittedly the smallest which transforms a face-centered 
cubic primitive cell into a body-centered cubic primi- 
tive cell, but at the same time it automatically deter- 
mines a relative orientation between them which turns 
out not to be that observed for austenite-martensite. 
Why should the lattice relations be such that an extra 
rotation comes into play, and whence arises the driv- 
ing force for the rotation? When the rotation displace- - 
ments are superimposed on the pure distortion the 
total net atomic displacements of the cell are those de- 
fined by the displacement matrix « of Jaswon and 
Wheeler,’ and, as is evident either from the form of 
¢, or directly from the lattice relationships, could be 
brought about by the double shear mechanism of 
Kurdjumow and Sachs’. This property is also possessed, 
though much less transparently, by other double shear 
mechanisms,* but Kurdjumow and Sachs warrant par- 
ticular consideration, since the paths they suggest for 
the atoms turn out to be feasible in terms of modern 
views of slip. It is this and related topics that we now 
proceed to examine. 

The Kurdjumow and Sachs mechanism consists in 


the first place of a shear of a {111}, [121],. Although 
this direction is not as closely packed as <110>.,, the 
nominal slip direction, it is almost certainly one of the 
directions in which slip actually takes place on this 
plane,” i.e., by means of a twinning movement of 
Burgers vector (a/6) <112>, where a is the lattice 
parameter of austenite. The activation energy barrier 
for twinning is presumably lower than that for slip, so 
that two successive twinning movements, i.e., (a/6) 
{121] + (a/6) [211] are preferred to the vectorially 


equivalent movement (a/2) <110>. It may be re- 
marked that two successive twinning movements are 
preferred to one, since they have the effect of restoring 
the original stacking and hence eliminating the surface 
energy at the interface between twins. The marten- 
site shear is just half the twinning shear, and could 
therefore be produced by an imperfect edge disloca- 
tion of Burgers vector (a/12) <112>. Such a disloca- 
tion could well arise out of the disassociation (a/6) 
<112> = (a/12) <112> + (a/12) <112>, and would 
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Fig. 11—Variation of free energy (F) of “Fig. 12—The dotted 
face-centered cubic lattice with shear (@) line represents mod- 
on {111} as system passes through two ification of Fig. 11 
successive twinning configurations B, B’. to allow for the 
The dashed line refers to shear on {111} fact that the system 
in nominal slip direction. (Schematic) passes through body- 
centered cubic con- 
figuration prior to 
twinning. (Schemat- 
ic) 
have the effect of generating a body-centered tet- 
ragonal structure” without appreciable activation en- 
ergy. Dislocations of this kind, of course, exist at high 
temperatures, i.e., when austenite is the stable phase, 
but only become active for slip when the temperature 
is suddenly lowered, a plausible realization of the 
frozen-in free energy fluctuations envisaged by Hollo- 
mon and Turnbull” in their theory of martensite 
kinetics. Since dislocation movements are readily ini- 
tiated and propagated, and helped rather than hin- 
dered by decrease in temperature (owing to the re- 
duced damping effect of lattice vibrations), it becomes 
clear why the martensite phase, though metastable, 
forms preferentially to a stable phase precipitating out 
by the usual nucleation and growth process. From the 
dislocation point of view the formation of isothermal 
martensite’ ” is quite analogous to a creep phenom- 
enon, the free energy difference between the phases 
providing the driving force for flow at constant tem- 
perature. 

The intermediate body-centered tetragonal structure 
a’ generated by the first shear is evidently unstable 
relative to the final body-centered cubic structure a, 
but may be readily transformed into the latter by a 
suitable shear of the type {112}, <110>,, e.g., (112), 
[110], would follow (111), [121],. By virtue of the 
lattice relationships, this second shear may be alter- 
natively expressed as (121), [111],, in which form it 
is seen to be parallel to the twinning shear (b/6) 
<111> in a. Interestingly enough, as may be verified 
by a simple calculation, the magnitude of this shear 
turns out to be about half that of the twinning shear 
and it therefore constitutes a feasible unit of slip. This 
slip could be produced by imperfect dislocations of the 
type (b/12) <111>,, which in turn are most probably 
created at the interface between vy and a’ by the stress 
concentrations arising from the disregistery of the 
atoms and the volume and shape misfit of the trans- 
formed region." It is the building up of strain energy 
in both matrix and precipitate, and of surface energy 
at the interface, which eventually brings the growth 
of an individual martensite plate to a stop. Apart from 
minor dimensional adjustments, which follow auto- 
matically in the wake of the dislocations, the trans- 
formation is now completed. 

The appearance of irrational habit planes in mar- 
tensite transformations is a feature which need not 
receive undue prominence, for habit planes are de- 
termined by factors which bear little relevance to the 
mechanism of the atomic movements. In particular, 
and in common with various other kinds of precipita- 
tion phenomena,” they are obviously chosen by the 
criterion of best matching of atoms across the inter- 
face or by some cognate factor, discussed in ref. 11 
and the paper, so as to minimize the inevitable crea- 
tion of surface energy. This view has been partially 
confirmed by the result of Jaswon and Wheeler that 
the irrational habit plane {225}, is an unrotated plane 
of the austenite-martensite transformation assumed 
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homogeneous. Strains, of course, take place within this 
plane but, since the net atomic displacements involved 
in the transformation are the minimum possible,” the 
disregistry across such a boundary is the minimum 
possible. Although it has been established beyond 
doubt that the transformation within a single plate is 
inhomogeneous, the interpretation of Jaswon and 
Wheeler may still be maintained for the following 
reason: There are 24 crystallographically equivalent 
variants of the Kurdjumow and Sachs double shear 
mechanism, but there are only 12 different variants of 
{225},: a given plane of this type, e.g., (225) is thus 
common to two distinct double shearing sequences. If 
these variants were to occur in alternate layers, as 
discussed in the paper, it would have the effect of 
enormously reducing the misfit at the boundary. By 
assuming that the relative amounts of the two variates 
have a suitable proportion, it should be possible to in- 
terpret the relief effects found by Greninger and 
Troiano without postulating shearing movements on 
irrational planes. The appearance of {259} at higher 
carbon contents possibly may be understood on the 
lines suggested by the authors, especially if their the- 
ory turns out to be independent of the Bain mechanism 
on which they base their analysis. 

The most important implication of our present ideas 
is that martensite transformation constitutes a mode of 
plastic flow equally with slip and twinning and taking 
place by essentially the same type of mechanism. 
Transformation, of course, only occurs if there is suffi- 
cient chemical free energy available to balance the 
considerable strain and surface energies involved, 
though under special conditions it may be induced by 
external stress.’ It is probable that the basic disloca- 
tion unit in cubic lattices is the imperfect half-twinning 
dislocation, and that macroscopic slip and twinning in 
fact take place by the movement of sequences of such 
dislocations with appropriate Burgers vectors. This 
situation corresponds with the energy curve illustrated 
in Fig. 12; straightforward twinning corresponds with 
that given in Fig. 11. 


C. Crussard (Institut de Recherches de la Sidérurgie, 
St. Germain-en-Laye, France)—The present paper is 
correct from an analytical point of view if the crystals 
are considered as continuous media. In that case the 
minimum (homogeneous) distortion is the Bain dis- 
tortion. But in crystals atoms are not bound to move 
homothetically, that is, as congruent points of a contin- 
uous medium; they can also suffer small incongruent 
displacements, as is known in many paramorphic trans- 
formations of minerals. Thus, if one takes as criterion 
of minimum distortion that the total sum of the paths 
of atom movements is minimum, the minimum does not 
occur for the Bain distortion, but for that proposed by 
Neerfeld and Mathieu.” 

Let us examine in more detail the mechanism proposed 
by the latter authors. It is based on experiments where 
martensite was produced by pulling wires of 18-8 steel, 
or Fe-Ni alloys showing a pronounced [111] fiber tex- 
ture before transformation. After transformation, the 
martensite shows a pronounced [210] fiber texture. 
Neerfeld and Mathieu deduced from these observations 
that the mechanism of transformation was as follows: 

a {111} y plane (normal to wire axis) transforms into 

a {210} @ plane 

a {011} y plane (containing wire axis) transforms 

into a {001} plane. 

Thus, a set of three orthogonal directions [111], 


[011], and [211] are respectively parallel to three 
directions of the transformed a phase, namely [210], 
[001], and [120]. 

Neerfeld and Mathieu chose as shear planes for the 
Nishiyama transformation a {111} 7 plane that was per- 
pendicular to the wire axis. Unfortunately they neg- 
lected the fact that one of the {111} 7 planes not per- 
pendicular to the wire axis may also act as shear plane 
(transforming in this case into a {110} a plane). The 
texture that results is almost the same as the one they 
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considered, the orientation difference being only 1°02’ 
which is below the precision of texture determination. 
The only restriction is that in order to find the same 
orientation as Neerfeld and Mathieu, shear must occur 
only in one of the [211] vy directions, namely, the pro- 
jection of the wire axis on the {111} 7 shear plane. If 
we assume the Nishiyama mechanism, this restriction 
is not surprising, as the stress enhances transformation 
in this direction and hinders it in the others. 

It must be emphasized that in Neerfeld and Math- 
ieu’s experiments, the martensite was produced at a 
temperature above the M, point. Thus, stress favored 
the transformation. This can be explained by both 
mechanisms. If we assume the Nishiyama mechanism, 
we have just shown that the shear stress on the acting 
{111} y plane is directed in the right way to promote 
transformation; if we assume the Neerfeld and Mathieu 
mechanism, as transformation produces an expansion 
in the direction of the wire axis amounting to 3 pct, 
it is favored by tension. We could also use a third 
mechanism of the double shear type. The same con- 
clusion could be reached, as approximately the same 
lattice relationships are obtained. Thus, for Neerfeld 
and Mathieu’s experiments, it seems impossible to de- 
cide which was actually the acting mechanism. 

If we turn now to the relief effect produced by 
martensite platelets, we know that it can be explained 
either by a double shear mechanism or by the lamellar 
mechanism proposed by the authors of the paper under 
discussion. But if we consider incongruent displace- 
ments of atoms, as suggested in the first paragraph of 
this discussion, the authors’ lamellar mechanism opens 
the way to an infinite number of possibilities. In par- 
ticular, one could think of lamellae deformed individ- 
ually by Neerfeld and Mathieu's distortion, and ro- 
tated by suitable (alternating) amounts in order to 
produce the correct habit plane. All the possible hy- 
pothesis of this kind should be tested carefully before 
deciding which is the true mechanism. 

Nevertheless some arguments of a different kind can 
help in making a decision. Let us consider true mar- 
tensite, i.e., martensite where the growth of individual 
platelets is very rapid, adiabatic, and like propagation 
of a shock-wave (steel, lithium, etc.). It should first 
be pointed out that twins are not frequently observed 
in platelets of this martensite. Thus, between the two 
mechanisms proposed by the authors, only the distor- 
sion and slip mechanism is possible. But this mecha- 
nism requires more slip and a higher energy than the 
shear and slip mechanism proposed recently by 
Geisler,” which is also compatible with a mechanism 
proposed some time ago.” Thus, the mechanism pro- 
posed by the authors seems less probable. In conclu- 
sion, a dynamical examination of the growth condition 
is necessary and will be published soon. 

For pseudomartensite (i.e., martensite where plate- 
lets are not formed adiabatically, Scheil’s “Scherenum- 
wandlung”), the author’s mechanism is quite possible, 
although other distortions can be considered as stated 
above. The most conclusive evidence is the observation 
of the orientation of the twin or slip plane. 


M. 8S. Wechsler, D. S. Lieberman and T. A. Read 
(authors’ reply)—The authors appreciate the com- 
ments of Dr. Bain. His early work forms the founda- 
tion upon which this theory is based; as such, the au- 
thors are grateful for Dr. Bain’s intuitive insight into 
the martensite problem. ‘ 

In recent months an analysis similar to the one under 
discussion has been completed that formulates the 
problem of the formation of martensite in terms of a 
single Bain distortion, coupled with slip on planes that 
before transformation are octahedral planes in the 
austenite. The results of this analysis appear to be in 
good agreement with experimental observations on 
(225) martensite. In view of the suggestion of Dr. 
Geisler that the (225) habit plane can be explained in 
terms of accompanying slip in the austenite, it should 
be pointed out that the above-mentioned approach 
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treats the slip, not as an accompanying factor, but as 
an inherent part of the transformation distortion. This 
“transformation slip” takes place directly in the region 
that undergoes transformation and results from the 
motion of dislocations situated at the intersections of 
the slip planes with the austenite-martensite interface. 
This is a matter quite apart from the plastic deforma- 
tion that inevitably takes place in the surrounding 
austenite to accommodate the volume and shear con- 
straints. The success of such a slip treatment for the 
(225) case leads one to suspect that it is the slip mode 
that operates in the (259) case, although no direct ex- 
perimental evidence is available at present to decide 
the question with certainty. 

On Dr. Geisler’s question on the details of the micro- 
structure that appears in the In-Tl product phase, the 
authors have found that an application of their theory 
to the In-Tl] transformation leads to orientation rela- 
tionships in agreement with the experimental results 
presented in Figs. 7 and 8 of ref. 14. Furthermore ap- 
plication of the theory to the In-Tl transformation 
leads to the result that the 24 variants of the habit 
plane can be divided into six groups of four habits. 
The four habits in each group have very nearly the 
same orientation and correspond to the four types of 
main bands that are apparent in Fig. 1 of ref. 14. On 
the basis of the theory, one can determine unambigu- 
ously the two twin orientations present within each 
main band. 

The experimental work of Lahteenkorva, Bunshah, 
and Mehl shows progress in the direction of the de- 
termination of the microstructure of martensite. With 
reference to their discussion it is true that one might 
expect more regular striations due to the transforma- 
tion distortion alone. However, the authors have 
pointed out that their theory minimizes the energy 
associated with the interface plane and does not in its 
present form consider additional constraints such as 
1—the interference with the volume expansion of the 
martensite plate and 2—the interference with the 
macroscopic average shear of the plate. It is certainly 
possible that these additional constraints and subse- 
quent stress relief could result in irregularities in the 
observed striations. 


It should also be pointed out that in other systems 
exhibiting a martensite transformation, but in which 
the interface separating the two phases completely 
traverses the specimen (thus eliminating the two con- 
straints discussed above), a high degree of regularity 
in the bands of the low temperature structure is ob- 
served. For these alloys, the low temperature struc- 
ture is known to consist of twin related domains. The 
agreement between theoretical and observed habit 
planes, directions and magnitudes of macroscopic 
shear, and orientation relationships would seem to in- 
dicate that the most important consideration is the 
energy associated with the interface. It is to be hoped 
that further experimental work along the lines indi- 
cated by the discussers will resolve the question of the 
actual structure of the martensite plates. 


It is clear that there are marked differences in point 
of view between Jaswon and Crussard and the present 
authors, but space does not permit a full discussion of 
them here. Two major points will be touched on, how- 
ever. The first of these concerns the significance of the 
Bain distortion, which specifies the simplest possible 
relation between atom positions in the austenite and 
martensite lattices. By itself it yields no prediction 
of the orientation relation of the two lattices or of the 
habit plane orientation. It was precisely on this basis 
that Bain’s work was criticized by Kurdjumow and 
Sachs in 1930. It is now clear, however, that the Bain 
distortion must be combined with an inhomogeneous 
distortion, as is done in the present paper, to yield any 
prediction at all, and this prediction does agree well 
with experiment. 

Another point of view has, however, been expressed 
in the literature, and repeated here by Crussard and 
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Jaswon, which is that the Bain distortion by itself 
does predict an orientation relation (see, e.g., the 
paper by Neerfeld and Mathieu). When examined 
closely this contention is seen to involve the physically 
unreasonable assumption that a single Bain distortion 
is the only distortion involved in the formation of a 
martensite plate. Bain himself pointed out in his 
original paper the probability of inhomogeneity of 
transformation within a single martensite plate. Thus 
criticism of the use of the Bain distortion in the pres- 
ent paper is based on a misconception as to its sig- 
nificance. 

The success of the present treatment of martensite 
formation would seem to make the alternate ap- 
proaches of Crussard and Jaswon unnecessary, particu- 
larly since unpublished work in this laboratory has 
shown that the (225) type of habit plane can also be 
accounted for by a single Bain distortion coupled with 
slip. Except for the choice of slip plane this calcula- 
tion is identical with the one presented in this paper. 
It is to be noted particularly that the only arbitrary 
feature of these calculations is the choice of slip plane 
(and surely only a few planes of low indices warrant 
considei ation). Otherwise the orientation relation, 


habit plane orientation, and macroscopic distortion are 
calculated from a knowledge of the initial and final 
lattice parameters and the application of the criterion 
of no macroscopic distortion at the interface. The re- 
sult that the calculated orientation relation, for given 
values of the parameters and choice of slip plane, is 
both unique and irrational makes it clear that any 
alternate treatment based on an assumed rational ori- 
entation relation cannot yield correct results. 
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Rate of Propagation of Martensite 


by R. F. Bunshah and R. F. Mehi 


DISCUSSION, E. J. Dofter and V. H. Patterson, 
Chairmen 


J. C. Fisher (General Electric Research Laboratory, 
Schenectady)—There is one question I would like to 
ask regarding the interpretation of the oscilloscope 
figures. Figs. 4 and 10 are taken by the authors as 
characteristic of the formation of a single plate of 
martensite. There is an initial rise in resistance fol- 
lowed by a decrease about twice as great, so that after 
a period of at most a few tenths of a microsecond the 
resistance is stabilized at a new value, as far below the 
initial value as the transient peak lay above it. Now 
if this interpretation were correct, I would expect the 
general level of resistance in Fig. 8, where many plates 
have formed in one oscilloscope sweep, to drop with 
time, whereas in fact it even appears to rise on the 
average. The vertical amplification in Fig. 8 seems to 
be about as great as in Figs. 4 and 10, and conse- 
quently I would expect the trace to have dropped to 
the bottom of the scale and to stay there after about 
three or four plates had formed. Actually, after well 
over a dozen plates, it does not even touch the bottom 
of the scale. 

One possible interpretation is that the oscilloscope 
does not trigger immediately upon a resistance in- 
crease, and that some of the initial rising portion of 
the curves in Figs. 4 and 10 has been missed. If this 
were so, these curves would rise and then fall again 
nearly to the initial value of resistance. Fig. 8 would 
fit in satisfactorily with this interpretation, but it 
would be necessary to account somehow for the shape 
of the resistance vs time trace, it no longer being as 
certain that it is caused by the formation of an increas- 
ing volume of martensite and an associated resistance 
drop. 

I would appreciate the authors’ comments concern- 
ing their interpretation of these figures. 


R. F. Bunshah and R. F. Mehl (authors’ reply)—Dr. 
Fisher has raised an interesting point. The interpreta- 
tion suggested by him is incorrect, as it would neces- 
sarily imply that the zero of the vertical scale (i.e., 
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where the trace starts initially) is close to if not at the 
left-hand bottom corner of the figure. This is not so. 
The zero line of the start of the trace is half-way up 
the vertical scale. There is no average rise in Fig. 8, 
the apparent rise in the figure as printed is due to a 
slight tilt to the left in the mounting of the print, 
which escaped the authors’ attention in the proofs. 

Stated very simply, Dr. Fisher’s question is this: 
Starting with the individual pulse cycle as represented 
in Fig. 4 (sweep-rate 50 millimicroseconds per cm), how 
does one get the trace in Fig. 8 (sweep-rate 200 milli- 
microsecond per cm), whereas one would expect the 
trace to sink out of sight after three or four pulse 
cycles. 

The following characteristics of the transformation 
and of the apparatus used are pertinent to this: 

1—The martensitic transformation in this alloy is 
strongly autocatalytic; i.e, a large number of plates 
form in a very short period of time. 

2—The apparatus used measures the change in re- 
sistivity of the sample as a whole and cannot dis- 
tinguish between resistance changes due to the forma- 
tion of individual plates, All it “sees” is the algebraic 
sum of the changes due to martensite plate formation. 

3—The pulse cycle corresponding to the formation of 
a plate of martensite consists of an initial increase in 
resistance (say, one unit upward) followed by a de- 
crease of the resistance of twice the above magnitude 
(say, two units downward), so that at the end of the 
pulse cycle the trace ends one unit below its initial 
level. This is in agreement with the observation that 
the resistance of the sample decreases with the forma- 
tion of martensite. 

4—The magnitude of this rise and fall in the pulse 
cycle will depend upon the orientation of the plate 
formed with respect to the longitudinal axis of the thin 
cylindrical specimen and obviously on the size of the 
plate. However, the ratio of the increase to the de- 
crease is essentially constant. 

Thus the vertical position of the trace at any given 
instant where there is superposition of the individual 
pulse cycles is the algebraic sum of the various incre- 
mental and decremental components of these superim- 
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Fig. 160—Fig. 8 of the paper reproduced. Each division is 200 
millimicroseconds. 


Fig. 16b—Free hand reproduction of Fig. 16a, horizontal scale 
magnified. 


posed pulse cycles. If two plates form almost simul- 
taneously within the sample, so that at that particular 
instant the increments in resistance due to these plates 
almost coincide in time, there will be a large upward 
component of the resultant trace followed by a large 
drop. On the other hand, as it most often seems to 
happen, this coincidence in time of plate formation is 
not so close, the decrement in resistance due to the 
first plate will be opposed by the increment in re- 
sistance due to the succeeding plate, and the position 
of the trace will be the algebraic sum of the two. 
The composite traces shown in Figs. 6 and 8 are 
composed of superposed individual pulse cycles of the 
type illustrated in Fig. 4. 


Analyzing Fig. 6 (horizontal resolution same as Fig. 
4), ie., 50 millimicroseconds per cm, the downward 
progress of the pulse cycle due to the first plate is in- 
terrupted and reversed by the formation of the second 
plate which appears to be very large and of favorable 
orientation (i.e., perpendicular to the long axis of the 
sample). The maximum due to this second plate is not 
seen, because the vertical deflection due to this plate 
is beyond the upper deflection limit of the apparatus, 
and instead the trace has to remain horizontal for a 
short time, subsequently descending with a strong 
downward component. However, its downward prog- 
ress is reversed by the upward component due to the 
third plate, which just barely overcomes the down- 
ward motion of the trace due to the second plate. (The 
third plate to form is perhaps not so large or favor- 
ably oriented as the second plate.) The trace almost 
immediately goes through the maximum and progresses 
downward. The subsequent horizontal progression of 
the trace is due to the lower deflection limit of the 
oscilloscope where the trace is forced to remain. The 
maxima due to subsequent plates can be seen inter- 
rupting the horizontal progression of the trace toward 
the end of the figure. Thus it is possible by logical 
analysis to construct Fig. 6 from a superposition of 
pulse cycles of the type shown in Fig. 4. 

In the same way, the trace as depicted in Fig. 8 can 
be explained. In this figure the horizontal resolution 
is cut by a factor of four and further by a factor of 
two in reproduction. Thus the small maxima (of the 
type of No. 3 in Fig. 6) appear as blurs or local thick- 
ening of the trace as at A, B, C in Fig. 16a, which is a 
better print of Fig. 8 of the paper, and Fig. 16b is a 
freehand duplication of the path of the same trace as 
it appears to the authors. It is easy to miss these small 
maxima in an examination of Fig. 8. In electronics in- 
strumentation of this kind, the trace after deflection 
tends to return to zero in a finite period of time which 
is called the decay time of the circuit. In the circuit 
used, the decay time was measured to be about 3 to 5 
microseconds so that the superposed effect due to this 
phenomenon may complicate Fig. 8 to a small extent 
and Figs. 4 and 6 to a much smaller and perhaps in- 
significant extent. 

We trust this answers Dr. Fisher’s question. 

It must be pointed out that the question raised by 
Dr. Fisher does not apply to the first pulse cycle in 
each oscilloscope trace (i.e., one full sweep on the 
oscilloscope) on which the measurements of the time 
of formation of martensite were based, since the new 
(a second) trace always starts at the zero of the ver- 
tical scale automatically. 

We hope, with this additional detailed discussion, 
that the matter is entirely clear; it should be evident 
that the conclusions of this paper are entirely valid. 


DISCUSSION, F. J. Dofter and V. H. Patterson, 
Chairmen 

B. S. Lement (Massachusetts Institute of Technol- 
ogy, Cambridge, Mass.)—The authors believe that what 
they observe as stabilization taking place on interrupt- 
ing the cooling above M, is due to the same cause as 
that resulting from cycling from below M, to room 
temperature. They suggest that diffusion of carbon 
plays a role in stabilization and infer that this concept 
is contrary to the suggestion of Das Gupta and Lement 
that stabilization is caused by the removal of an accel- 
erating effect imposed on the steel by partial trans- 
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Rate of Formation of Isothermal Martensite in Fe-Ni-Mn Alloy 


by R. E. Cech and J. H. Hollomon 


formation. Actually, as discussed in more detail in a 
recent paper,” diffusion of carbon is considered by 
Das Gupta and Lement to be one of the mechanisms 
by which stabilization occurs. In accordance with the 
reaction-path theory, diffusion of carbon atoms into 
strain embryos resulting from partial transformation 
could immobilize these embryos and remove what would 
otherwise be an accelerating effect. Although stabil- 
ization was only observed if partial transformation had 
already occurred in the chromium steel, it was acknow]l- 
edged that diffusion of carbon might also induce stabil- 
ization in a wholly austenitic structure. 
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In this connection, I would like to know what the 
authors believe to be the mechanism of stabilization by 
carbon diffusion. According to Fisher,” interrupting 
the cooling allows diffusion of carbon into the surround- 
ing austenite to occur from a subcritical ferrite plate 
that formed in a carbon-poor region. Thus the sur- 
rounding austenite becomes stabilized against trans- 
formation on subsequent cooling because of its increased 
carbon content. If this mechanism is accepted, then a 
conflict apparently arises with the concept that trans- 
formation to martensite occurs completely by thermal 
nucleation in the Fe-Ni-Mn alloy. For, if carbon-poor 
and consequently carbon-rich regions must exist in the 
austenite to permit stabilization, the conditions are 
right for athermal nucleation. 


R. E, Cech and J. H. Hollomon (authors’ reply)—We 
thank Professor Lement for his discussion to our paper. 
First we shall consider the experimental results and 
the postulates formulated to explain them. He found 
stabilization only in the presence of martensite whereas 
we noted it both in the presence and complete absence 
of martensite. Since his explanation as outlined in his 
earlier paper‘ could not be reconciled with our data, 
we could not accept it for this alloy. We were unable 
to consider his more recent viewpoint" which is more 
closely in accord with our own, since our paper was 
in press at the time his appeared. 

We believe the phenomenon occurring in austenite 
to bring about stabilization is the familiar Cottrell pic- 
ture of condensation of carbon or nitrogen on disloca- 
tions. These sites being regions of high local strain 
energy would be preferred sites for nucleation of mar- 
tensite. The condensation of carbon or nitrogen would 
decrease the strain energy of the site but, more im- 
portantly, would alter the free energy of the region, 
probably to stabilize the austenite. Because of the great 
sensitivity of the nucleation potential barrier to free 
energy change alteration, these sites would not be 
thermally activated. Thus martensite would be ob- 
served to form only after the formation of nuclei in 
less energetically favorable sites. This would be stabil- 
ization. It is expected that the sites most closely con- 
nected with this phenomenon are those at or near grain 
boundaries. It is here that the preferred sites for mar- 
tensite are experimentally observed. The grain bound- 
ary diffusion rate of carbon or nitrogen in austenite is 
thought high enough to allow the phenomenon to occur 
in a short time at room temperature. 

The mechanism outlined above is different from that 
proposed by Fisher.” For our alloy it is doubtful if the 
0.05 pct C is sufficiently above the equilibrium concen- 
tration in Fe-Ni-Mn ferrite to permit the operation of 
Fisher’s mechanism. 

We believe that the current experiments on stabil- 
ization are insufficient with too many variables un- 
defined to resolve a mechanism. We can at best spec- 
ulate on a mechanism that explains the information 
which we have. We believe that before the mechanism 
of isothermal martensite stabilization can be clearly 
defined we must determine the effect on stabilization 
of removal of carbon, nitrogen, and grain boundaries. 


C. Shih, Morris Cohen, and B. L. Averbach (Dept. of 
Metallurgy, Massachusetts Institute of Technology, 
Cambridge, Mass.)—This paper makes an important 
point of complete suppressibility of the martensitic 
transformation, using the Fe-Ni-Mn alloy as an exam- 
ple. There is no issue as to the possibility of complete 
suppression in a particular alloy by rapid cooling if 
the athermal transformation is absent. However, there 
is a question as to whether the authors have actually 
demonstrated complete suppressibility in their alloy. 
They concede that up to 0.5 pct martensite was present 
on quenching to —196°C, but they discount the effect 
that such small amounts of martensite can have on the 
kinetics of the isothermal transformation. 

Recent data obtained at M.L.T. demonstrate that the 
complete absence of athermal martensite has an im- 
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Fig. 5—Isothermal formation of martensite at —196°C. 


portant effect on the subsequent isothermal reaction. 
fig. 5 shows the isothermal transformation in a similar 
alloy (alloy 79-22.99 Ni, 3.67 Mn, 0.025 C, 0.04 Si) on 
quenching to and holding at —196°C. These results were 
obtained on wires 0.050 in. diameter water quenched 
from 1150°C and electropolished to remove the entire 
surface layer. The wires were then subquenched to 
various isothermal holding temperatures and the prog- 
ress of isothermal transformation followed by means of 
electrical resistivity measurements. Resistance changes 
were calibrated in terms of the percentage of martensite 
formation by means of quantitative lineal analysis. 

Wires treated in this manner formed no martensite 
on quenching into liquid nitrogen. This was indicated 
by the resistance data and by metallographic exam- 
ination of the entire surface of the electropolished wire. 
Furthermore, Fig. 5 shows that the isothermal trans- 
formation at —196°C exhibited a long incubation time, 
and the first detectable isothermal martensite was not 
formed until more than 20 min had elapsed at —196°C. 
The data obtained by Cech and Hollomon are plotted 
in Fig. 5 on the same scale, and it is seen that their 
apparent initial transformation rate corresponds to a 
rate obtainable after 0.5 to 1 pct martensite is already 
present. In the absence of prior martensite, the initial 
isothermal rate is substantially zero, and not a max- 
imum as indicated by the authors. The significance of 
these data with respect to the theory of martensite 
formation are discussed in connection with a paper by 
Fisher.” 

Additional evidence for the importance of small 
amounts of initial martensite on isothermal martensite 
formation is provided by Das Gupta and Lement.” 
These authors show that even supposedly trivial quan- 
tities of martensite in a chromium steel have the effect 
of stimulating the transformation at lower tempera- 
tures. 

It thus appears that even small traces of prior mar- 
tensite cannot be ignored in considering the isothermal 
transformation in the Fe-Ni-Mn alloy. 


R. E. Cech and J. H. Hollomon (authors’ reply)— 
Drs. Shih, Cohen, and Averbach’s contribution supple- 
ments nicely the results that we have reported. Their 
work fortifies the evidence that in some alloys the 
athermal component can be completely suppressed by 
rapid quenching and all of the martensite may be 
formed isothermally. Thus the pioneering experiments 
of Kurdjumov are vindicated. If our data leave some 
doubt of this, the isotherm presented by Drs. Shih, 
Cohen, and Averbach does not. 

We do not agree with their statement that our trans- 
formation curves at zero time are comparable to theirs 
after a small quantity of martensite has formed. The 
derivative dR/dt of rate of transformation with respect 
to time is negative for our alloy and positive for their 
alloy. It continues to be positive for their alloy until 
more than 6 pct transformation has occurred, whereas 
for our alloy dR/dt is always negative. It is not clear 
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how such marked differences in kinetics can result 
from the presence or absence of initial traces of mar- 
tensite. 

It is important to realize that there are other vari- 
ables in the experiments being compared: 

1—The compositions may not be as similar as the 
analyses reported indicate. The accuracy of our analyses 
are +0.3 pet Ni, +0.1 pet Mn, +0.01 pct C, +0.003 pct N. 
These are about the accuracies that can be attained 
without statistical treatment of multiple determina- 
tions. It has been predicted that composition variations 
of this order should have a tremendous effect on the 
transformation kinetics.” 

2—There may be structural variations in the alloys 
used in the two sets of experiments. The martensite 
transformation is extremely structure sensitive. The 
heat treatments were at different temperatures, the one 
used by Drs. Shih, Cohen, and Averbach probably 


effecting a larger grain size. The period of room tem- 
perature delay was probably different in the two cases, 
being 30 sec in our alloy and an unstated period in 
Drs. Shih, Cohen, and Averbach’s alloy, while surface 
metal was being removed by electrolytic polishing. 
This delay period may allow stabilization to occur. 

We do not assert that any of the before-mentioned 
variables alone cause the observed differences in ki- 
netics. Rather, that they, in addition to the factors 
stated by Drs. Shih, Cohen, and Averbach, must be 
considered in accounting for the differences in kinetics. 


“8S. C. Das Gupia and B. S. Lement: Stabilization of the Austen- 
ite-Martensite Reaction in a High Chromium Steel. Trans. AIME 
(1953) 197, p. 530; Journat or Merats (April 1953). 

“J.C. Fisher: “Eutectoid Decompositions.” Chapter in Thermo- 
dynamics in Metallurgy. (1950) p. 201. Cleveland. ASM. 

“J.C. Fisher: Martensite Nucleation in Substitutional Iron Al- 
loys. Trans. AIME (1953) 197, p. 918; Journnwat or Metats (July 
1953). Discussion, this issue, p. 685. 


DISCUSSION, E. J. Dofter and V. H. Patterson, 
hairmen 


E. 8. Machlin (Dept. of Metallurgy, Columbia Uni- 
versity, New York)—In practically all treatments of 
nucleation in the solid state, the assumption is made 
that the rate of nucleation is proportional to the number 
of embryos having a critical configuration and/or com- 
position given by the Boltzmann distribution. The crit- 
ical state is defined by the relation dG* = 0, d*°G* > 0, 
where G* is the work required to produce the nucleus 
having the critical configuration and/or composition. 
This assumption is not necessarily correct and is based 
on a particular model of the mode of “growth” of the 
nucleus to supercritical size. This model involves an 
atom-by-atom addition to the nucleus. In this case, to 
a first approximation, the rate of nucleation is given by 


N. 
N, e [10] 
t 


where t is the mean time required for an atom on the 
matrix side of the matrix-nucleus interface to jump 
over to the nucleus side. The approximation involves 
the assumption that all those nuclei which add one 
atom never return to the nucleus size by losing an 


atom. Hence, according to this model N, is too large 
by a factor of about 2. Let N’, be the corrected value 


of N, corresponding to the Becker-Doring correction to 
the original Volmer-Weber treatment of nucleation. 
Now, there is an entirely different way a rate of 
nucleation can be calculated, which also depends on a 
particular model of nucleus formation. The latter model 
involves a configuration fluctuation in a given sized 
region by means of a superposition of the normal modes 
of vibration of the atoms in the region. This possibility 
has long been recognized and it has been investigated 
by Crussard,* Smoluchowski,’ and Cohen, Machlin, and 
Paranjpe.' The latter authors have denoted this model 
of nucleation by the words reaction-path. It is inherent 
in the reaction-path model that the rate of nucleation 
is not proportional to the equilibrium number of the 
“nucleation and growth” type nuclei considered in the 
subject paper, but rather to the probability of jumping 
the activation energy barrier between austenite and 
martensite along a configuration fluctuation path (as 
the region strains in changing from austenite to mar- 
tensite). In this theory the rate of nucleation per unit 
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Calculation of Martensite Nucleus Energy Using the Reaction-Path Model 


by J. C. Fisher and D. Turnbull 


volume of untransformed matrix is given by the fol- 
lowing relation: 


{11] 


where vy is the number of times per second the energy 
of region of volume V* fluctuates; e*’*’"" is the frac- 
tion of v the energy in V* exceeds the activation 
energy Q(V*); f is the fraction of ve**’*" that the 
configuration is right to form martensite; and V* is the 
volume of the critical nucleation and growth nucleus. 

Crussard"® has devoted some attention to the calcula- 
tion of some of the terms in the latter relation. He has 
come to the conclusion that configuration fluctuations 
of the magnitude, type, and in the region of volume 
V* are probable. 

The point of this discussion can now be made. The 
authors have not calculated the nucleus energy for the 
reaction-path model, but have calculated a strain cor- 
rected nucleus energy for the nucleation and growth 
model. The reaction-path model is not concerned with 
the saddle point in a plot of free energy as a function 
of transformation strain ¢ and volume V of embryo, 
because in this model the rate of nucleation is not pro- 
portional to the number of embryos having values of 
6* and V* defined by this saddle point. Rather, the 
rate of nucleation according to the reaction-path model 
is given by Eq. 11. Which of these models is correct 
can only be decided by experiment. At the present 
writing both models are in need of development. For 
example, the quantitative aspect of the reaction-path 
model is missing. The nucleation and growth model 
although quantitative is not in agreement with the im- 
plications of the successful Wechsler-Lieberman-Read” 
model for the martensite habit plane, orientation rela- 
tions, and other crystallographic features of the trans- 
formation. The latter authors have shown that the 
interface between austenite and martensite is not really 
a coherent interface of zero strain on a submicroscopic 
scale, but is a plane of zero strain only on the average. 
Thus, one would expect that the interface energy of 
such a plane for the nucleus as well as for the macro- 
scopic martensite plate would be at least an order of 
magnitude larger than the value of about 20 ergs per 
sq cm calculated by comparing the nucleation and 
growth model with experiment. The energy that cor- 
responds to the heterogeneous strains is not taken into 
account in the nucleation and growth model and may 
modify the quantitative conclusions of the model. 
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J. C. Fisher and D. Turnbull (authors’ reply)—The 
concept of atom-by-atom growth plays no role in the 
nucleation process as we have treated it. We have cal- 
culated the volume and energy of formation of a crit- 
ical size nucleus, which we believe we have shown to 
be the correct volume V* and activation energy Q(V*) 
for Dr. Machlin’s Eq. 11. It makes no difference 
whether the necessary energy is thought to be assembled 
by the superposition of thermal waves or by another 
means. In either event the fraction of time that the 
energy is assembled at a given site is exp(—AG*/kT) 
= exp[—Q(V*)/kT], and the nucleation rate is given 
by the product of this probability and a frequency 
factor v. It is through the frequency factor v, which 
is not an object of investigation in the paper under 
discussion, that an assumed atom-by-atom growth 
mechanism could exert an influence on the nucleation 
rate. The growth mechanism does not influence the 
critical nucleus energy. 

The essential point concerning the activation energy 
Q(V*) is that it must represent a saddle-point of con- 


figurational energy with respect to any change in con- 
figuration whatever, be it volume of the region under 
consideration, shape of the region, or strain within or 
outside it. We have calculated this saddle-point energy 
and the configuration to which it corresponds. In agree- 
ment with our earlier and more intuitive treatment, 
the critical volume is one within which the material 
is elastically strained martensite, and outside of which 
it is elastically strained austenite, with an atomically 
thin transition region separating them. 

We wish finally to point out that the habit, orienta- 
tion, and interface configuration of fully formed mar- 
tensite plates do not necessarily reflect the correspond- 
ing quantities for the critical size nucleus, which we 
believe may be coherent with the austenite. 

*C. Crussard: Contribution to the Theory of the Martensitic 
Transformation. Comptes Rendus (June 1948). 

*R. Smoluchowski: Phase Transformations in Solids. (1951) pp. 
149-183. New York. John Wiley and Sons. 

Wechsler, D. S. Lieberman, and T. 


Read: On the 
Theory of the Formation of Martensite. Trans. AIME (1953) 197, p. 
1503; ¢ or ‘Mstas (November 1963). 


DISCUSSION, E. J. Dofter and V. H. Patterson, 
hairmen 

C. Shih, Morris Cohen, and B. L. Averbach (Dept. of 
Metallurgy, Massachusetts Institute of Technology, 
Cambridge, Mass.)—The author has proposed a theory 
of the martensite transformation’ which fits the data 
on isothermal martensite formation obtained by Cech 
and Hollomon.’ This theory thus predicts an isothermal 
transformation rate which is a maximum at the begin- 
ning of the reaction and then becomes slower as the 
transformation proceeds. 

Cech and Hollomon admit that a small amount of 
martensite (up to 0.5 pct) was present at the beginning 
of the isothermal reaction in their alloys. Recent data” 
obtained under conditions where there was no initial 
martensite present indicate that the initial isothermal 
transformation rate is almost zero at —196°C, and that 
the higher rate observed by Cech and Hollomon can 
be attained only after some martensite has formed. 
Fig. 5 in the discussion of the second Hollomon paper 
(this issue, p. 683) shows the data reported by Cech 
and Hollomon in comparison with measurements ob- 
tained on a similar alloy in which all prior martensite 
formation was strictly suppressed. It is seen that, in 
the absence of prior martensite, the isothermal trans- 
formation at —196°C is not detected until an incubation 
period of about 20 min has elapsed. The reaction rate 
then increases with time and passes through a max- 
imum. This behavior is due to autocatalytic effects 
which seem to play a major role in the isothermal 
transformation under consideration and which have 
been omitted from the author’s theory. 

In the absence of the autocatalytic factor, the author’s 
theory should account for the very low initial isothermal 
rate indicated in Fig. 5 referred to above, and not the 
“accelerated” initial rate found by Cech and Hollomon. 
This would require some modification of the adjustable 
parameter @s*, and the C-curves in Fig. 1 would then 
be displaced to the right, i.e., to lower nucleation rates. 


4 See discussion to ref. 2, this issue, p. 683. 


B. S. Lement (Dept. of Metallurgy, Massachusetts 
Institute of Technology, Cambridge, Mass.)—The au- 
thor refers to the transformation behavior of the 0.75 
pet C, 15 pet Cr steel investigated by Das Gupta and 
Lement* that was described in terms of two classes of 
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Martensite Nucleation in Substitutional Iron Alloys 


by John C. Fisher 


martensite: athermal and isothermal. Because of the 
similarity between the experimentally determined iso- 
thermal transformation curves for this chromium steel 
and those calculated for an Fe-Ni alloy containing 29 
pct Ni on the basis of homogeneous thermal nucleation, 
the author suggests that transformation in the chro- 
mium steel occurs entirely by thermal nucleation. It 
is also stated by the author that athermal martensite 
is believed to form in steels containing significant 
amounts of carbon. Since the chromium steel contains 
what ordinarily would be considered a _ significant 
amount of carbon, 0.75 pct, why should the transfor- 
mation occur entirely by thermal nucleation rather 
than partly athermally? Furthermore, the isothermal 
transformation curves obtained by Kurdjumov and 
Maksimova” for a 1.6 pct plain carbon steel are similar 
to those of the chromium steel. Using this as a criterion, 
it also might be concluded that transformation occurs 
entirely by thermal nucleation in a plain carbon steel. 
Since this conflicts with the author’s viewpoint, I would 
like him to explain this matter. I would also like to 
find out if any attempt has been made to analyze the 
kinetics of martensite formation in a plain carbon steel 
on the basis of thermal nucleation. 


2G. Vv. Kurdjumov and O. P. Maksimova: Kinetics of the Trans- 
formation of Austenite to Martensite * 7 Temperatures. Doklady 
Akademi Nauk, SSSR (1948) 61, No. 63. 


J. C. Fisher (author’s reply)—Shih, Cohen, and 
Averbach have pointed out that the autocatalytic nature 
of the isothermal martensite transformation, neglected 
in the analysis, has a relatively large influence on the 
nucleation rate at a given temperature, and they ask 
how the agreement between theory and experiment is 
modified thereby. In particular, they point to a dis- 
agreement between their experimental results and 
those of Cech and Hollomon for steels of essentially 
the same composition tested at —196°C. They found 
an initial transformation rate considerably slower than 
that of Cech and Hollomon, perhaps by a factor of a 
million or so, followed after an induction period by a 
rate essentially the same as that of Cech and Hollomon. 

Reference to Fig. 6 of the first mentioned paper’ in 
the discussion shows that of all the measurements made 
by Cech and Hollomon, the one made at —196°C falls 
farthest from the calculated martensite C-curve. At 
—196°C the calculated time for 3 pct transformation 
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is about a million times longer than observed, whereas 
the calculated times are correct to within a factor of 
two at all other temperatures. The time for 3 pct trans- 
formation measured by Shih, Cohen, and Averbach is 
longer than that measured by Cech and Hollomon by 
a factor of about three, so that it agrees only a little 
better with the calculated curve. 

It is possible, as the discussers suggest, that the dis- 
crepancy at —196°C is due to the autocatalytic effect 
which, when present, speeds up the nucleation process. 
If so, then I would expect the process to be speeded up 
about the same at all temperatures, rather than just 
at —196°C. However, an increased yield strength at 
196°C could be a possible cause for an increased effect 
at this temperature, allowing less stress relief and less 
inhibition of the autocatalytic effect. 

Aside from the departure of the —196°C measure- 
ments from the calculated curve, there is the question 
of the smaller disagreement between the two experi- 
mental measurements. This difference may be due in 
part to autocatalytic effects, but is likely due in part 
also to a real difference between the steels. This view- 
point is reinforced by the fact that the two steels do 
not transform at the same rate even when partially 
transformed. 

If it were decided to fit Cech and Hollomon’s —196°C 
point with the theory, and to ignore the other 12 poirts 
that lie on the curve, then this could be done with a 


20 pet change in the parameter ¢6’o*, or by a change of 
10° or so in the coefficient of the expression for the 
nucleation rate. Since this change would shift the cal- 
culated C-curve away from the 12 temperatures where 
it fits the experimental results, I prefer to treat the 
—196°C point as anomalous, with no way of accounting 
for it at the present. 

Lement points out that reference to the work of 
Das Gupta and Lement on a steel containing 0.75 pct 
C in connection with Fig. 4 for isothermal nucleation 
of martensite, a steel containing no carbon at all, is 
inconsistent with the idea that athermal martensite 
forms in steels containing carbon. In reply, may I say 
that I agree entirely with this criticism. The point I 
wished to make was that one could not tell from the 
shape of the transformation vs time curve alone whether 
or not there had been athermal transformation preced- 
ing isothermal transformation, and that further evi- 
dence is needed. Actually, Das Gupta and Lement did 
have athermal martensite, and I am sorry if I have 
given an impression to the contrary. 

With regard to the isothermal formation of mar- 
tensite observed by them following considerable 
athermal transformation, this type of transformation 
was not the subject of the present paper. It is my 
opinion that it is associated with the promotion, by 
thermal fluctuations, of almost critical nuclei, probably 
in carbon-free regions. 


DISCUSSION, E. J. Dofter and V. H. Patterson, 
Chairmen 


Samuel J. Rosenberg (National Bureau of Standards, 
Washington, D.C.)—The authors conclude that no ap- 
preciable stabilization of the austenite-martensite re- 
action occurs in a 15 pet Cr-0.7 pct C steel unless some 
martensite is initially present. More specifically, this 
means to the writer that regardless of what is done to 
the steel at any temperature above M, (provided, of 
course, that the steel has not been cooled to a tempera- 
ture below the M.), no stabilization of the austenite- 
martensite reaction will result. As the authors point 
out, this is at variance with the results of Klier and 
Troiano,” who reported stabilization in the same steel 
studied by the authors as a result of holding at some 
temperature above the M,. The authors note that Harris 
and Cohen” report that stabilization occurs only if 
cooling is interrupted below M.; however, Harris and 
Cohen state that “There are instances where ¢, may 
lie above M, and stabilization can be obtained in the 
absence of martensite.” (Note: «, is the critical tem- 
perature for any particular steel below which stabiliza- 
tion may be effected.) More recently, Morgan and Ko,” 
showed that stabilization of austenite occurred in most, 
but not all, of a series of Fe-C-Ni alloys at tempera- 
tures above the M.,. 

The results of a study of the M, in two SAE 1050 
steels, made at the National Bureau of Standards, indi- 
cated that the austenite-martensite transformation in 
these steels was not affected by variations in rate of 
cooling. When austenitized at very high temperatures, 
however, these steels had a definitely higher M, than 
when austenitized at lower temperatures. If the higher 
M, is .aken as a base line, it would seem that lower 
austenitizing temperatures effected a stabilization of 
the austenite-martensite reaction. We do not believe 
this to be so and show, in a paper submitted to the 
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Stabilization of the Austenite-Martensite Reaction in A 
High Chromium Steel 


by S. C. Das Gupta and B, S. Lement 


American Society for Metals, that the change in M, 
in these two steels was caused by a change in austenite 
grain size. Decrease in austenite grain size resulted in 
a decrease in M,,. 

In reporting the effects of variations in treatment 
upon the amount of martensite formed at —197° and 
—150°C (Figs. 1 to 3), the authors use a base holding 
period of zero minutes. This is rather indeterminate 
phraseology. Taken literally, it may mean that the 
specimens were quenched to these temperatures and 
removed immediately. If so, the specimens being 1/16 
in, thick, it is doubtful that the entire mass of the 
specimens attained the low temperature. In a previous 
paper’ the authors indicate that specimens of the same 
size required 10 + 3 sec to cool from +5° to —197°C, 
and 18 + 3 sec to cool from +5° to either —60° or 
—150°C. It is difficult to understand why the same 
amount of time is involved in cooling to —60° and to 
—150°C, and considerably less time in cooling to the 
still lower temperature of —197°C. In any event, some 
finite time interval at —150° and —197°C must have 
been used and should be so stated. 

It is interesting to compare the amount of martensite 
formed (presumably instantaneously in zero minutes) 
on quenching from +5° to —197°C (14 pct, Fig. 1) and 
to —150°C (20.5 pct, Figs. 2 and 3). In view of what 
is known regarding the insuppressibility of the athermal 
formation of martensite, and of the reaction-path theory 
discussed by the authors, it may be expected that the 
lower the temperature below the M,, the greater should 
be the amount of athermal martensite formed. The 
data given in the present paper seem to indicate that, 
under comparable austenitizing conditions, the amount 
of athermal martensite increases and then decreases 
with decreasing temperature below the M.,. 

A comparison of the amount of total martensite 
formed on direct cooling to various temperatures below 
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Table I!. Comparison of the Amount of Total Martensite Formed 


Temperature, °C, 


Held 30 Min Pet 
70 2.5 

130 23.0 

150 26.5 

197 19.0 


tne M. and held at these temperatures for 30 min (Figs. 
1 to 4) is given in Table II. These data indicate that 
the total amount of martensite (athermal plus iso- 
thermal) also increases to a maximum at some tem- 
perature below the M., and then decreases. Such a 
trend indicates that the formation of martensite may 
be suppressed on cooling, a finding that is at variance 
with most published information on the austenite- 
martensite transformation. 

The last few years have witnessed the publication 
of numerous papers relating to the austenite-martensite 
reaction. The disagreements in experimental data are 
becoming so numerous and the theorizing so conjectural 
that our understanding of the phenomenon is becoming 
more confused. Yet a definite understanding of the 
natural laws governing this phenomenon is clearly of 
major importance. It is of sufficient importance to 
justify the various metallurgical societies creating a 
committee to plan and coordinate research on this sub- 
ject under more controlled conditions, both as to the 
materials being studied and laboratory techniques. It 
is possible that under such a committee the metallur- 
gical fraternity can reap benefits commensurate with 
the time, money, and energy being devoted to the 
study of the austenite-martensite reaction and that 
order can be brought out of disorder. 


Eric R. Morgan (Scientific Laboratory, Ford Motor 
Co., Detroit, Mich.)—The general thermodynamics and 
kinetics of the martensitic transformation are well 
established but there are still controversial results and 
theories for the thermal stabilization of austenite. This 
latter phenomenon may be concerned with a second- 
order effect but, nevertheless, it can under certain con- 
ditions give rise to results that are both theoretically 
and commercially important. 

As scientific knowledge and techniques advance, 
metallurgists are increasingly concerned with small- 
scale effects and it is recognized that trace amounts of 
impurities can give rise to important metallurgical 
phenomena. In this category might be placed the 
boron hardenability effect, temper embrittlement, the 
yield point, and thermal stabilization of austenite. In 
all these examples, including the thermal stabilization 
of austenite,” it is possible to explain the phenomena 
on the basis of segregation of small amounts of inter- 
stitial impurities to dislocations. Until the presence of 
impurity elements such as hydrogen, nitrogen, carbon, 
boron, and oxygen is more carefully controlled, it is 
likely that the present discrepancies between the re- 
sults of different workers will continue. 

Even the use of vacuum melting techniques will not 
remove the difficulties, because not all impurities are 
removed by the use of this technique. In fact, impuri- 
ties such as boron are often inadvertently introduced 
under such conditions. Furthermore, austenitizing con- 
ditions which are apparently similar” can introduce 
discrepancies. For example, deburonization can occur 
under conditions which are neutral with respect to 
carbon removal” and may occur even under carburiz- 
ing conditions. The object of the above statement is 
not to imply that boron is the sole cause of such erratic 
results but it is likely that impurity amounts of the 
order of 10° pct can be of profound significance. 

With these and similar facts in mind it is under- 
standable that there are apparently anomalous results. 

On the basis of the results of Morgan and Ko" it is 
evident that thermal stabilization of austenite can, 
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under certain conditions, occur rapidly between M, 
and S,* in the absence of martensite. The value of 


* The temperature above which stabilization cannot occur. 


S. and the rate of thermal stabilization can be ex- 
pected to be markedly dependent on the amount and 
types of substitutional and interstitial elements pres- 
ent in the steel. Thus the fact that thermal stabiliza- 
tion was not observed above M, can also be explained 
on the basis that it occurred too rapidly to be sup- 
pressed by the most rapid cooling rate utilized. There 
is too much supporting evidence from a variety of 
sources” to simply ignore this possibility. 

In order to avoid the addition of ambiguous data to 
the subject of thermal stabilization it would certainly 
be profitable for future workers to either eliminate, or 
at least standardize, the amounts of impurity elements 
in the alloys under investigation. 


S. C. Das Gupta and B. S. Lement (authors’ reply)— 
With reference to the occurrence of stabilization above 
M, as reported by Klier and Troiano,” this phenomenon 
was not confirmed by experiments on the same alloy 
composition carried out by Bogacheva and Sadovskii,” 
by Zanardi,” as well as by the authors in the present 
investigation. Likewise, although Morgan and Ko” re- 
ported the occurrence of stabilization above M, in 
nickel steels, later Ko and Edmondson” failed to re- 
produce this phenomenon using the identical steels. 
The statement of Harris and Cohen" with regard to the 
occurrence of ¢, above M, referred to the results of 
Klier and Troiano.” Thus there is no record of the 
occurrence of stabilization above M, in steel that has 
been confirmed by a separate group of investigators. 
Recently Cech and Hollomon” reported the occurrence 
of this phenomenon in an Fe-Ni-Mn alloy containing 
about 0.05 pct C. However, stabilization was manifest 
by a small decrease in the rate of subsequent iso- 
thermal transformation in specimens cooled below a 
certain temperature, rather than by a significant de- 
crease in the M, point as reported by Klier and 
Troiano.” 

Questions were raised as to why it should take a 
specimen the same time to reach —60° and —150°C 
and a shorter time to reach —197°C. Actually, it was 
found that it took about 15 sec to reach —60°C and 
about 21 sec to reach —150°C. The reported value of 
18 sec represents the average time over the range of 
—60° to —150°C. The shorter time to reach —197°C is 
attributed to the fact that cooling to —60° or —150°C 
was carried out in a mixture of methyl cyclohexane 
and petroleum ether, whereas cooling to —197°C was 
carried out in liquid nitrogen. Liquid nitrogen is con- 
sidered to be a faster cooling medium. The time to 
reach within 1° of —197°C was found to vary more 
than to reach within 1°C of either —60° or —150°C, 
+3 sec as compared to +1 sec. 

Zero time as used by the authors refers to the in- 
stant a 1/32 in. thick specimen reached the subzero 
bath temperature as determined by a thermocouple 
placed at the center of the specimen. Although the 
specimen surface reached the bath temperature ahead 
of the center, the difference in time was considered to 
be quite small. 

The fact that less martensite formed on cooling to, 
and holding at, —197°C for 0 and 30 min as compared 
with a temperature of —1£0°C should not be inter- 
preted as indicating that suppression of athermal 
martensite formation has occurred. The values of mar- 
tensite for 0 min at these temperatures are believed 
to represent the combination of athermal and _ iso- 
thermal martensite formation just as do the values for 
the 30 min hold. As discussed in the previous paper,’ 
martensite forms anisothermally on cooling below M,. 
Because of the faster rate of cooling in liquid nitrogen 
at —197°C, the isothermal component of the reaction 
is considerably smaller than that for cooling to —150°C. 
However, the athermal component is believed to be 
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slightly larger on cooling to —197°C, as indicated by 
the extrapolated martensite range curve.’ Thus, the 
authors’ interpretation of the phenomena involved is 
not in contradiction with the concept of athermal 
transformation. 

The discusser laments the confused state that exists 
with respect to experimental evidence and theory of 
martensite formation, and proposes that a special com- 
mittee be set up to clarify this situation. In fairness to 
those metallurgists who have contributed to present- 
day knowledge of martensite reactions, it should be 
pointed out that this is a difficult problem and the 
progress made compares favorably with that made on 
other metallurgical problems of equivalent difficulty. 
However, since the authors are deeply interested in 
the martensite problem, they would be happy to see 
such a committee set up. 

Morgan points out the possible role of interstitial 
elements with respect to thermal stabilization of aus- 
tenite. The authors are in agreement with the concept 
that segregation of such elements to dislocations that 
act as strain embryos, is the mechanism involved in 
this phenomenon. However, since a larger amount of 
carbon is usually present in steel than any other inter- 


stitial element, carbon is likely to be the most impor- 
tant element from the standpoint of stabilization. In 
this connection, Bogacheva and Sadovskii” have re- 
ported that stabilization did not occur in a carbon-free 
70 pet Fe-30 pct Ni alloy either above or below M.,. 
Since Machlin and Cohen’ did find stabilization to oc- 
cur below M, in a 71 pct Fe-29 pct Ni alloy containing 
0.04 pet C, it appears that the presence of a small 
amount of carbon may be necessary for the occurrence 
of this phenomenon. 


Ko: Thermal Stabilization of Austenite in 


“E. R. Mor 
Acta Metallurgica (January 1953) 1, 


p. 36 
“T. Ko and B. Edmondson: Thermal Stabilization of Austenite 
in Nickel Steels. Letter to Editor. Acta Metallurgica (July 1953) 1, 


p. 466. 
"J. C. Shyne and E. R. Morgan: to be published. 
“R. T. Howard, Jr. and M. Cohen: Trans. AIME (1948) 176, p. 


384. 

G. N. Bogacheva and V. D. Sadovskii: On the Stabilization 
Austenite with Respect to the Martensite Transformation. 
of the Academy of Science USSR (1952) 83, p. 569 (Brutcher 


translation No. 2905) 
™T. J. Zanardi: The Martensitic Transformation in High Chro 


mium Steels. Massachusetts Institute of Technology thesis (August 


1952). 
™R. E. Cech and J. H. Hollomon: Rate of Formation of Iso- 
thermal Martensite in Fe-Ni-Mn ear: Trans. AIME (1953) 197, 
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DISCUSSION, D. N. Frey and Howard Scott, Chairmen 


Ray Guard (General Electric Research Laboratory, 
Schenectady)—The technique used by the authors 
shows in a very elegant manner that the deformation 
during creep occurs inhomogeneously on a micro- 
scopic scale. The evidence shows clearly that if con- 
sidered on a sufficiently small scale the creep process 
is cyclic in nature. However, it is not necessarily true 
that because of this cyclic character of the deforma- 
tion on microscopic scale, the treatment of creep data 
as a single type of behavior, although statistical, is 
impossible. In this connection the following questions 
seem to be in need of clarification: 

1—Is grain boundary deformation clearly a reaction 
to the applied stress or can it be a movement induced 
by microscopic stresses built up by flow within the 
grains? 

2—Are the deformation characteristics of a gage 
length containing a grain boundary dependent on the 
properties of the boundary or on the plastic properties 
of the grains? 

3—Is the term deformation by subgrain formation 
used in this paper inconsistent with the conclusions of 
Gervais, Norton, and Grant* that subgrain formation 
is primarily a consequence and not a cause of deforma- 
tion? 

4—What fraction of the total deformation takes place 
near the grain boundary region? 

It does not seem on the basis of the evidence pre- 
sented that it is inconsistent to consider the flow within 
the grains as the important process and that subgrains 
form and grain boundaries slide and migrate as a con- 
sequence of microscopically inhomogeneous stresses 
set up by flow within the grains. 


tA M Gervais, $ T. Norton, and N. J. Grant: Trans. AIME 
(1863) 197, 1168; Jounnan or Merats (September 1963). 


H. C. Chang and N. J. Grant (authors’ reply) —We 
quite agree that the cyclic creep behavior of metals on 
a microscopic scale is not necessarily a basis for dis- 
couraging the treatment of creep data as a single type 
of behavior. It is our belief that we should first under- 
stand the behavior of grains and grain boundaries in 
response to temperature and stress. Without this in- 
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formation any creep equation proposed can only be a 
rough approximation and its validity is very much 
limited. To glorify the constants for the creep curve 
equations as “physical constants” is indeed a doubtful 
procedure. 

With regard to Mr. Guard’s specific questions, there 
is no doubt that grain boundary deformation is a re- 
action to the applied stress. More research of a re- 
fined technique is required to settle the question 
whether grain boundary deformation is the primary 
effect of applied stress, or the secondary effect of the 
applied stress through the microscopic stresses built 
up by flow within the grains. The results on high 
purity aluminum are best explained on the basis that 
the grain boundary is the first to respond to stress for 
tests run at 700°F and above. Measurements show that 
the grain boundary slides first before any measurable 
deformation in the grains. 

The deformation characteristics of a macro-gage 
length containing a grain boundary are dependent both 
on the properties of the grain boundary (its orientation 
with respect to the two neighboring grains, that is, 
degree of registry, and to the applied stress) and on the 
properties of the grains (the orientation of each grain 
will determine the plastic properties to a significant 
degree). 

Though it was not intended in this paper to present 
a discussion of the mechanisms of deformation (this 
has been presented elsewhere’) the term deformation 
by subgrain formation was used to indicate the metal- 
lographic appearance of a particular region. This term 
should not, therefore, be interpreted as being incon- 
sistent with Gervais, Norton, and Grant’s concept of 
subgrain formation. 

We do not have enough measurements to answer 
this question quantitatively. As we have mentioned in 
the paper, the grain boundary deformation is a func- 
tion of stress and temperature. Besides these two 
factors, as shown in Fig. 4, the contribution of grain 
boundary deformation to total creep is also a function 
of time during the test. 


Chang and N. ‘Grant: Mechanism of Creep Deformation 


in High Purity Aluminum at High Temperatures. To be published 
by the Institute of Metals, London. 
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Subgrain Formation in High-Purity Aluminum During Creep 


At High Temperatures 


by Andre M. Gervais, John T. Norton, and Nicholas J. Grant 


DISCUSSION, D. N. Frey and Howard Scott, Chairmen 


G. Wyon (Centre de Recherches Métallurgiques de 
VEcole des Mines de Paris, Paris France)—We have 
been deeply interested in the results obtained by the 
authors, and we would like to point out that similar 
experiments led us to the same conclusions. In a re- 
cent paper,” we admitted that two fragmentation proc- 
esses were in operation: 

“... Big kinkings are arising from accidental and 

very strong reactions of the neighboring grains through 
which the crystal is ‘obliged’ in a way to break into a 
few large blocks, starting with the beginning of the 
creep.” 
“.,.Cellular boundaries are the consequence of the 
rearrangement into polygonization subboundaries of 
bent areas, through the complicated stresses exerted 
either on the unkinked grains or on the fragments re- 
sulting from the large kinkings. The breaking up is 
thus thinner and appears later....” 

™G. Wyon: Métaux et Corrosion (1953) 28, No. 332, pp. 143-151; 
No. 333, pp. 203-221; No. 334, pp. 244-261. 

It should be noted that our experiments were per- 
formed at 330°C (630°F), thus a temperature far below 
the dissolution temperature of the impurities in our 
aluminum (470°C for 0.004 pct Fe content). In those 
conditions it was shown that the reagent giving etch 
pits could not reveal the formed subboundaries. Bound- 
aries revealed by etchpits are only available after 
creep at temperatures high enough for a complete dis- 
solution of the impurities (about 500°C for our alumi- 
num). 

We thus conclude that there exists at least two dif- 
ferent micrographic aspects, if perhaps not two kinds 
of fragmentation boundaries, both due to polygoniza- 
tion processes: 

1—The subboundaries appear as a thin continuous 
line similar to a grain boundary; these are the only 


Fig. 18—Al-Si, 0.2 pct Si. After annealing of 1550 hr at 630° 
(attack giving etch pits followed by an attack with a reagent con- 
taining a wetting agent). A is boundaries; B is subboundories. X75. 
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ones appearing for a creep at temperatures lower than 
that of solid solution for the iron. 

2—The subboundaries are revealed by the etch pits 
reagent; they appear at a lower temperature when the 
purity of aluminum is higher. (In this range of tem- 
perature and as observed by the authors and myself, 
the two types of subboundaries may coexist.) 


th 


Fig. 19—Same area as Fig. 18. After annealing of 1550 hr at 630° 
followed by an annealing of 1 hr at 400° (same attacks). X75. 


Fig. 20—Aluminum of high purity after creep of 10 pet at 330°. 
Subboundaries revealed by a continuous line, attacked by a reagent 
containing a wetting agent. A is boundaries; B is subboundaries. 
X150. 
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The size of the subgrains of the second type may be 
large enough to be as easily seen as those of the first 
type; this size depends overall on the rate of the creep 
between 0 pct and about 6 pct of elongation and prac- 
tically does not vary any more until deformations of 
15 pet. The deformations then do not produce any new 
fragmentation, but a displacement of the boundaries 
with increased disorientation between neighboring 
subblocks. 

As for the aspect of the two types of subboundaries 
in terms of the disorientation of the neighboring 
blocks, it can be said that: 

1—For the subboundaries revealed by etch pits, the 
appearance depends more on the cooling conditions 
after creep (the cooling may produce a precipitation 
in the neighborhood of the subboundaries) than on the 
importance of the disorientation between neighboring 
subgrains, as it appears in Figs. 18 and 19 for an Al-Si 
alloy with low content, respectively annealed and aged. 

2—For the subboundaries revealed by a continuous 
line, the appearance depends slightly on the disorienta- 


tion of the neighboriag subgrains. The subboundaries 
are clearer and more visible when the disorientation 
between subgrains increases and when the local bend- 
ing areas in their neighborhood are narrower, i.e., that 
the dislocations are better aligned along clear walls. 
But their appearance remains practically unchanged 
when the value of the disorientation between neigh- 
boring subgrains becomes fairly strong (more than 
about 30 min), Fig. 20. 

A. M. Gervais, J. T. Norton, and N. J. Grant (au- 
thors’ reply) —We are pleased to have Dr. Wyon’s dis- 
cussion. We have followed his fine work and are 
pleased to know that our observations and general con- 
clusions are quite similar. Since most of our work has 
been on higher purity aluminum and at higher tem- 
peratures than 330°C, we have had little opportunity 
to see the very straight boundaries outlined by etch 
pits. Is it possible that at 330°C in the less pure metal 
there are many subgrains which are too small to be 
revealed by the etch pit technique and that only the 
large straight subboundaries are revealed? 


DISCUSSION, D. N. Frey and Howard Scott, Chairmen 


R. W. Guard and R. P. Carreker, Jr. (General Elec- 
tric Research Laboratory, Schenectady)—The author 
has contributed to an increasing store of observations 
relating the creep behavior of metals to microscopic 
changes in surface appearance. He has expressed his 
observations using terminology current in the field— 
subgrain formation, grain boundary sliding, grain 
boundary migration, creep strain, transient creep, 
secondary creep rate. These are descriptive words, 
bringing to mind definite concepts and physical pro- 
cesses which, unfortunately, mean different things to 
different people. For clarification, we raise the follow- 
ing questions: 

1—What is creep strain? Does it include the total 
extension of the specimen or does it exclude some 
initial strain? Is it possible that such initial strain is 
responsible for the slip lines observed? 

2—How were the two separable elements of creep 
strain, transient creep and steady-state creep, unam- 
biguously separated? The question is promoted by the 
typical examples of the two types of creep behavior 
given in Figs. 2 and 3. If these data are plotted as log 
creep strain-log time, Fig. 15, they form a remarkably 
good family of straight lines of the form «= st". We can 
detect no difference in kind between the two examples 
of transient creep and the two examples of steady-state 
creep. It would have been desirable to publish all the 
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Creep Behavior of Extruded Electrolytic Magnesium 


by C. S. Roberts 


TIME - HOURS 
Fig. 15—Magnesium, data of C. S. Roberts, 1953. 
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strain-time curves to permit independent analysis of 
the fundamental data obtained in the investigation. 
We realize, however, that the prevailing publication 
policy of the Institute would discourage including such 
data. 

3—How does the process of accelerated grain growth 
result in deformation? Does it constitute a deforma- 
tion mechanism or is it an accessory after, or perhaps 
before, the fact? 

4—The same question may be asked of the subgrain 
formation process. Is it a deformation mechanism 
producing extension of the specimen, or is it a re- 
arrangement of previously deformed material? In this 
regard, the following quotation from Gervais, Norton, 
and Grant is pertinent: “Since polygonization is indi- 
cated to be chiefly responsible for subgrain formation, 
subgrains must form as a consequence of deformation 
and are not a main cause of deformation.”™ 

5—Does the absence of slip lines on the surface of 
the specimen indicate that slip has not occurred? Can 
it be that the slip line offsets have been smoothed by 
surface diffusion? 


O. D. Sherby and R. E. Frenkel (Institute of Engi- 
neering Research, University of California, Berkeley, 
Calif.)—We wish to congratulate Dr. Roberts on his in- 
teresting contribution to the literature on creep. Al- 
though Dr. Roberts’ conclusions appear in part to be 
substantiated by his experimental results, alternative 
interpretations appear to be worthy of consideration. 

1—Dr. Roberts suggests that primary and secondary 
stages of creep arise from two independent phenomena. 
This is in agreement with Andrade’s original ideas” on 
transient and quasi-viscous (steady-state) creep. 
McLean's investigations on aluminum,” ™ however, 
clearly reveal that the main processes of deformation, 
i.e., migration of dislocations and grain boundary 
shearing, ocewr during primary creep as well as during 
secondary creep. Therefore the transient and steady- 
state components of creep cannot be ascribed to mi- 
gration of dislocations and grain boundary shearing, 
respectively. 

2—Dr. Roberts indicates that steady-state creep be- 
comes predominant at high temperatures whereas 
transient creep is predominant at low temperatures. 
Other evidence,“™ however, strongly suggests that 
stress and not temperature is the important factor in 
determining the shape of the creep curve. In recent 
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Fig. 16—Correlation of creep strain-time data for high purity mag- 
nesium by the relation « —f(@) at a stress of 2500 psi. 


investigations”™ it has been shown that the creep 
strain, «, at high temperatures, can be correlated by 
means of the functional equation 


= [1] 


where o is the creep stress and @ = te*"’""; t, time 
under stress; AH, activation energy for creep; R, gas 
constant; and T, absolute temperature. Thus at a given 
stress o, the creep strain-time curves at various tem- 
peratures can be correlated by means of the parameter 
é. An example of this correlation for the creep of high 
purity magnesium under a constant load of 2500 psi 
is reproduced in Fig. 16. It will be observed that the 
401° and 496°F tests superimpose well for all three 
stages of creep yielding an activation energy of 34,000 
cal per mol. These data suggest that the temperature 
does not determine the shape of the creep curve and 
that the separation of a creep curve into two distinct 
components, each of which have markedly different 
temperature dependence, is untenable. 
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Fig. 17—Correlation of stress-secondary creep 
rate data for pure magnesium by the relation 
a = f(ée*"’""). Data from Roberts’ Figs. 4 and 5. 
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Fig. 18—Correlation of stress-secondary creep rate 
data for pure magnesium by the relation o = 
flée*”'""). Data from Roberts’ Figs. 4 and 5. 


3—We question the validity of drawing breaks in 
the isothermal curves of the stress-secondary creep 
rate plots in Roberts’ Figs. 4 and 5. With the possible 
exception of the 600°F data, curvilinear lines would 
appear equally justified. Furthermore, on the basis of 
Eq. 1, the stress-secondary creep rate data can be cor- 
related by means of a single parameter ¢e*”’”’, since 
as previously proven” ™ 


o = [2] 


where a is the stress and ¢ is the secondary creep rate. 
This method of correlation was applied to the data re- 
ported in Roberts’ Figs. 4 and 5. As shown in our Figs. 
17 and 18, these data correlate very well assuming an 
activation energy of 31,000 cal per mol in good agree- 
ment with the 34,000 cal per mol value obtained in our 
Fig. 16. It will be observed that Roberts’ datum point 
at 1000 psi, 300°F veers to the right of the main curve; 
this is possibly due to the fact that at this low stress 
the secondary stage was not yet reached for the dura- 
tion of testing and consequently the rate was faster 
than the actual secondary creep rate. 

4—Dr. Roberts’ analyses on transient creep suggest 
an activation energy of 15,500 cal per mol. This was 
deduced by observing a straight line relationship be- 
tween f’ (from the empirical relation « = st") and the 
reciprocal of the absolute temperature at a given stress. 
But g is simply the value of the creep strain at 1 hr; 
consequently, the strained states that are being com- 
pared by this procedure are different for each tem- 
perature, and therefore the activation energies so ob- 
tained are fictitious. The results shown in our Fig. 16 
reveal that the activation energy for transient creep is 
no different from the activation energy for secondary 
creep, which furthermore should equal the activation 
energy for self-diffusion.” 

The AH values during transient creep can also be 
obtained from Roberts’ data. Interpolation of the data 
in Table I and Fig. 7 yields s 0.084 at 2500 psi and 
500°F, which also represents the strain at 1 hr under 
these test conditions. In Roberts’ Fig. 2 extrapolation 
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of the 400°F, 2500 psi data to « = 0.084 indicates that 
the time to reach this strain equals about 30 hr. There- 
fore, from Eq. 1 
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The same answer was also obtained in comparing the 
400° and 500°F data at 1000 psi. These results yield 
further evidence that the activation energy for the so- 
called transient creep is essentially equal to that for 
steady-state creep. 

5—Dr. Roberts suggests that the transient stage of 
creep arises solely from intragranular processes of 
basal slip and subgrain formation, whereas steady- 
state creep results from a cyclic process of sliding and 
migration of grain boundaries. McLean’s results” on 
the creep of aluminum during secondary creep, how- 
ever, indicate that the contribution of grain boundary 
shearing was never greater than a few percent of the 
total strain, the main contribution to creep being crys- 
tallographic slip. He also showed that the strain due 
to grain boundary shearing exhibited primary and sec- 
ondary creep characteristics similar to those exhibited 
by the total creep strain. Furthermore, Chaudhuri, 
Grant, and Norton” obtained extensive basal slip and 
subgrain formation at about 600 psi and 500°F for high 
purity magnesium throughout the whole creep curve. 

6—It is surprising that the size of subgrains formed 
during creep of magnesium remains constant inde- 
pendent of all test conditions investigated. Recent in- 
vestigations on aluminum by Servi, Norton, and Grant” 
as well as by Sherby and Dorn” indicate that for a 
constant amount of deformation the size of subgrains 
depends solely on the stress level independent of tem- 
perature, At high stresses the subgrains were very fine 
and at low stresses very coarse. 


C. 8S. Roberts (author's reply)—I am grateful to the 
discussers for their active interest and considerable 
effort concerning alternative interpretations of the data. 
It was considered advisable to publish two illustrations 
which would show only the representative curve forms 
because of the large publication space which would 
have been required for all of the original creep-time 
data. However, I would be pleased to submit copies 
of my data to anyone who wishes to make an inde- 
pendent interpretation. It is unfortunate that the dis- 
cussers somewhat inaccurately obtained and utilized 
data appearing in the tiny published graphs. 

Several investigators currently believe that the ki- 
netics of the creep phenomenon should be interpreted 
in more or less close connection with a mechanical 
equation of state, although different qualifications are 
used at different times. With this phenomenological 
viewpoint, the creep-time curve becomes a homo- 
geneous thing and its kinetics must be expressed either 
implicitly or explicitly as a single function. Now an 
examination of the shape of many constant stress creep 
curves shows that such a function must be quite com- 
plex. Mr. Carreker with several of his associates”” 
and most recently Hazlett and Parker” have chosen 
to define the function explicitly by adjudging the sec- 
ondary and tertiary stages as unreal. Sherby, Frenkel, 
and Dorn have elected to accept the reality and com- 
plexity of the generally observed curves and to define 
the creep-time function only implicitly. The adoption 
of the approach used by these groups necessarily leads to 
a great de-emphasis of the creep studies of Andrade,” ” 
Orowan,” Cottrell,” and many others who have found 
it necessary to recognize the creep phenomenon as 
essentially heterogeneous. After examination of all my 
data, I could find no reason not to accept the classical 
kinetics as modified over the past 40 years. As a result 
of discoveries of significant variations in n of transient 
creep from the value of 1/3, a test of the creep com- 
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ponent approach with only Andrade’s original terms 
is not always sufficient now. I believe that the phe- 
nomenological approach is certainly valuable from a 
practical correlative standpoint as the work of Pro- 
fessor Dorn and his colleagues has shown. It appears 
that one must be careful not to extrapolate too far 
from the stress and temperature region in which the 
approximate functional fit has been established. 

With reference to Carreker and Guard’s first point, 
creep strain is all that strain which can be measured 
as a function of time after the application of the load. 
It excludes the essentially non-time dependent elastic 
strain. The so-called instantaneous element which is 
often included must be primarily elastic strain in this 
material because many comparisons of creep strain 
measured at the end of the test with divider-measured 
plastic strain after unloading showed no significant 
differences. 

I have replotted the precise original data of Figs. 2 
and 3 on log-log coordinates, Fig. 19. Some points 
which were not crowded into the representative linear 
coordinate plots have been added. I can only state that, 
in my opinion, the curvatures of the two lower lines 
are clear within the precision of the data. If one wishes 
to prove, as do Carreker and Guard, that all of a group 
of data fit the single function « st", then the log-log 
plot of creep-time data is a very good testing ground. 
It has the characteristic that graphic curvature is almost 
always reduced. All power functions result in straight 
lines and a family of lines which are apparently straight 
furnish a very enticing argument. Cottrell“ has made 
some other pertinent remarks about the deception 
which may result from the log-log plot when used 
alone. If one wishes to establish clearly whether one 
power function will fit the data adequately over the 
entire experimental range, it is almost imperative to 
use the linear plot first. 

I made a special effort in the paper to explain the 
grain boundary deformation process as involving alter- 
nate elements of boundary sliding (generating strain) 
and boundary migration. The migration is in the direc- 
tion of normal grain growth (interfacial energy driven) 
and does not generate strain. The migration does con- 
dition the next cycle of sliding however, probably be- 
cause it lowers the local elastic strain energy. In the 
test the cyclic process was referred to as one of accel- 
erated grain growth (boundary migration) accom- 
panied by the generation of strain (boundary sliding). 

The subgrain formation observed metallographically 
in this research shows the characteristics of kinking. 
In general, the delineation of subboundaries formed 
by polygonization require special etch pit and X-ray 
diffraction techniques. Gervais, Norton, and Grant™ 
have helped greatly to clarify the phenomenon of sub- 
grain formation. Since kinking is known to be a 
primary deformation mechanism, it is reasonable to 
conclude that the subgrain formation observed here 
is also, although the geometry of the kinks is much 
more complex than in the single crystal case. 

Of course, the absence of optically observable slip 
lines on the specimen surface does not indicate that 
slip does not occur. The question of smoothing of slip 
line offsets by surface diffusion probably would be 
answered best by direct experimentation. I believed 
it more scientific to base my conclusions primarily on 
what I did observe rather than om negative evidence. 
The grain boundary deformation process becomes very 
pronounced at sufficiently high temperature and/or 
low stresses. Some rough preliminary measurements 
of surface contours have shown that it contributes a 
large portion of the strain under those conditions. I 
hope to refine these measurements in the future. 

I thank Sherby and Frenkel for their remarks and 
am happy to comment on their interpretation of my 
data. Turning to their first and fourth items, the con- 
fusion results primarily from the discussers’ misinter- 
pretation of the text of the paper. Care was taken to 
state consistently that the mechanistic correlations were 
with the transient and steady-state components and not 
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with the primary and secondary stages. The important 
difference was defined with special emphasis. Since 
the components are both continuous from zero time, 
they superimpose in both the primary and secondary 
stages. In the intermediate range of stress and tem- 
perature where the components are of comparable 
magnitude, they will be significant in both stages. The 
shape of McLean’s creep curves indicate that this is 
the experimental range in which he worked, 670 to 
1500 psi at 200°C (392°F), with aluminum. I realized 
that it was necessary to go to the extremes of a rather 
wide range of stress and temperature to prove the cor- 
relation with the creep components. McLean’s results 
do not seem to be in essential contradiction with my 
conclusions. 

Concerning the discussers’ second point, the correla- 
tions of the components with stress and temperature 
were stated in conclusions 3 and 4. Both variables are 
important. Which is more important depends on the 
quantitative definition of importance. 

The final point is appreciated. If I had understood 
clearly the distinction between subgrains formed by 
kinking and by polygonization and had identified my 
observations as the former at the time when I wrote 
the paper, this confusion would never have arisen. 

Although Sherby and Frenkel did not comment on 
it, I was interested to see that their Fig. 16 shows the 
entrance of tertiary creep at strains between 0.15 and 
0.20. This helps to explain my failure to observe it 
at less than the strain of 0.10 to which I was limited 
experimentally. 

Most of the remainder of the discussion by Sherby 
and Frenkel involves the application of a form of the 
mechanical equation of state to my data. These efforts 
bear comment of both a general and specific nature. A 
general criticism of the approach as a fundamental re- 
search tool is that it carries a kinetic analysis all the 
way to citing activation energies for creep on a rather 
shaky foundation. The time law of a phenomenon 
should be the basis of any rate analysis. Sherby and 
Frenkel have chosen to lump the undefined time de- 
pendence with the temperature dependence in their 
Eq. 1. 

Concerning their Eq. 2, although I believe with the 
discussers that the secondary rate extends over a finite 
strain range and is real, I cannot attach fundamental 
significance to it except when steady-state creep is 
predominant. The basic principles of kinetic analyses 
warn us against building on such time and rate vari- 
ables and then proceeding to the very limit in the 
interpretation of the activation energies obtained. The 
final conclusions may be correct, but primarily as a 
result of fortuity or intuition rather than from proof 
within the discipline of chemical kinetics. 

When one is deciding that such a correlation has 
scientific significance over a wide range of the variables 
concerned, care must be taken in assessing graphical 
plots such as Sherby and Frenkel’s Figs. 17 and 18. It 
appears that the individual isothermal groups follow 
their individual courses through the scatter bands of 
these figures. I feel that the test plot in Fig. 16 does 
not cover a wide enough temperature range (95°F) to 
be very significant to the argument. 

I now believe that the inclusion of Fig. 5 in the paper 
led to much unnecessary confusion which I had hoped 
to avoid by explanation in the text. Apparently it was 
not made sufficiently clear that the secondary creep 
rates on the low-temperature and high-stress side of 
the transitions were found to be somewhat illusory 
because the transient component was predominant at 
the time when the tests had to be stopped. Those on 
the low-stress high-temperature side of the transitions 
were real secondary rates resulting primarily from a 
steady-state component. The fact that the discussers 
were able to obtain a correlation over the entire range 
despite the transitions adds to my doubt concerning 
the scientific value of the correlation. 

Concerning activation energies, Sherby and Frenkel 
brand the figure of 15,500 cal per gram-atom as fictitious 
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Fig. 19—Plot on log-log coordinates of the curves in Figs. 2 and 3. 


on the basis that ¢ is simply the value of creep strain 
at 1 hr. On the contrary, § is the modifying constant 
of the rate equation which fits the transient creep com- 
ponent over a wide range of time. The fact that £ is 
incidentally equal to the strain at 1 hr is significant 
only as a convenience in the mechanics of analysis. 
The value of 15,500 cal per gram-atom is not directly 
comparable with the activation energies obtained by 
the discussers. Their analyses were of the temperature 
dependence of implicit constants from Eqs. 1 and 2 
which must have the synthetic time dependence of 
time", since the true time dependence of the process 
has not been defined. The activation energies so ob- 
tained are inseparably related to this time dependence. 
I have defined the time dependence of transient creep, 
and as a result the constant § must have the units of 
time”. An activation energy derived from the tem- 
perature dependence of § is related to this time de- 
pendence. If Sherby and Frenkel wish fairly to com- 
pare my figure with theirs it must be divided by n: 


15,500 
H = 753 == 29,000 cal per gram-atom. 


The interpolation and extrapolation used in their 
fourth item led to considerable inaccuracy in the cal- 
culation of an activation energy. When this is done 
correctly with the original data, t, = 46 hr and fp = 
0.089 at 2500 psi and 500°F. The resultant AH is 34,000 
cal per gram-atom. The discrepancy between this value 
and the one above can be understood from the devia- 
tion of the 400° and 500°F points from the average 
line in Fig. 7 and also somewhat from the use of 2500 
psi rather than 3000 psi intercepts as in the paper. 
Because of the averaging over a wider temperature 
range, I would regard 29,000 cal per gram-atom as the 
most reliable activation energy for transient creep to 
be used with the necessary qualifications. 
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DISCUSSION, D. N. Frey and Howard Scott, Chairmen 


K. E. Nelson (Dow Chemical Co., Midland, Mich.)— 
The authors are to be congratulated on an excellent 
paper dealing with a new and very interesting system 
of magnesium alloys. We are also investigating the 
Mg-Th-Zr system of alloys for use at elevated tem- 
peratures. In fact, a paper reporting the results of 
tensile and creep tests on Mg-Th-Zn-Zr alloys has been 
published.” 

It is pointed out by the authors that the ternary 
alloy, Mg-3 pet Th-0.7 pct Zr, in the solution treated 
plus aged condition develops tertiary creep after ex- 
tended testing time at 600° and 662°F. The authors 
have stated that the addition of 2.5 pct Zn to the ter- 
nary composition effects a definite improvement in its 
creep resistance at these temperatures and also, that the 
quaternary alloy requires only a “simple, low-tempera- 
ture heat treatment.” It is agreed that the ternary alloy 
(proposed ASTM designation HK31XA-T6) is inferior 
to the quaternary composition (proposed ASTM desig- 
nation HZ32XA-T5 and called ZT1 by the authors) for 
longer testing times at 600° and 662°F. As reported in 
an earlier publication,” there are testing times and 

“K. E. Nelson: Properties of Sand-Cast Mg-Th-Zn-Zr Alloys. 
poane AIME (1953) 197, p. 1493; Jounnat or Metats ‘November 

"K. E. Nelson: Magnesium Sand Casting Alloys Containing 
Thorium. Trans. Amer. Foundrymen’s Soc. (1953) 61. 
temperatures at which both of these alloys are useful. 
As a matter of record five graphs from this publication 
are reproduced in this discussion as Figs. 7 to 11. These 
figures show the effect of testing time on the alloys 
HK31XA-T6 and HZ32XA-T5 tested at 400°, 500°, 550°, 
600°, and 662°F. The curves show the stress necessary to 
give 0.2 and 0.5 pct total extension after various test- 
ing times up to 1000 hr. It is evident from these graphs 
that at 500°F or lower for long testing times the 
HK31XA-T6 alloy possesses excellent creep resistance. 
For short times at higher testing temperatures this 
composition is superior to the HZ32XA-T5 alloy. When 
applications require exposure at temperatures above 
500°F for any extended time, HZ32XA-T5 alloy exhibits 
maximum resistance to creep. A replot of the authors’ 
data on ZT1 tested for 1000 hr at 600° and 662°F using 
the log-stress vs log-extension method of plotting shows 
very good agreemert with our results for HZ32XA-T5 
tested at the same temperatures. As has been stated in 
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Further Progress in the Development of Mg-Zr Alloys to Give 
Good Creep and Fatigue Properties Between 500° and 650°F 


by C. J. P. Ball, A C. Jessup, P. A. Fisher, D. J. Whitehead, and J. B. Wilson 


Fig. 9—Stress for 0.5 and 0.2 pct total extension at 500°F. Sep- 
arately cast test bars. 


other publications, in order for a design engineer to 
choose an alloy for use at elevated temperatures, he 
must know the time and temperature at which the 
part will operate, he must know the allowable stresses 
involved, and he should know how much deformation 
the part can stand before trouble will be encountered. 
Knowing these factors as well as some of those men- 
tioned by the authors as a requirement for high tem- 
perature materials, he can intelligently design a part. 

It is the feeling at Dow that the most satisfactory 
method of presenting creep data for use by the design 
engineer is as presented in Figs. 7 to 11. When creep 
characteristics on several alloy compositions are pre- 
sented at several testing temperatures in this manner, 
it is easily shown where one composition is superior 
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Fig. 8—Stress for 0.5 and 0.2 pct total extension at 500°F. Sep- 
arately cast test bars. 
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Fig. 10—Stress for 0.5 and 0.2 pct total extension at 600°F. Sep- 
arately cast test bars. 
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Fig. 11—Stress for 0.5 and 0.2 pct total extension at 662°F. Sep- 
arately cast test bors. 


to the other and how great the differences are. Figs. 12 
to 14 compare the 0.5 pct total extension creep limits 
for the Mg-Al-Zn system of alloys, the Mg-RE-Zr sys- 
tem, HK31XA-T6 alloy, and HZ32XA-T5 alloy at 250°, 
400°, and 600°F. When the design characteristics of 
these alloys are considered along with the cost factors, 
it can readily be seen that all of these alloys have uses 
in specific applications. 

The authors suggest that a time to rupture test might 
be used as an acceptance test. Because of the wide 
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Fig. 12—Stress for 0.5 pct total extension at 250°F. Separately 
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Fig. 13—Stress for 0.5 pct total extension at 400°F. Separately 
cast test bars. 


scatter obtained on this type of testing and because, 
as the authors indicate, such large extensions are 
encountered, we do not feel that the test results are of 
much significance. 

The authors suggest that the alloy HK31XA-T6 
“suffers from the serious drawback that a high tem- 
perature solution heat treatment is essential for the 
development of optimum creep resistance.” It is also 
suggested that protective atmospheres and careful jig- 
ging are a deterrent from using this composition. Ad- 
mittedly it is necessary, in order to develop optimum 
tensile and creep properties in HK31XA alloy, to solu- 
tion heat treat and artificially age the alloy. However, 
this type of treatinent is well known and standard with 
the commercial Mg-Al-Zn type of alloy and also with 
some of the Mg-RE-Zr type of alloys. We do not find 
the solution treatment a deterrent in those systems. 
As to protective atmospheres in the heat treat furnaces, 
we find the same concentration used on the Mg-RE-Zr 
alloys is enough to protect the HK31XA alloy. We find 
no more difficulty in jigging HK31XA castings for heat 
treatment than we have in Mg-Al-Zn or Mg-RE-Zr 
alloys. 

We confirm the authors’ findings on the tendency of 
the Mg-Th-Zr alloys to form casting skins during pour- 
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Fig. 14—Stress for 0.5 pct total extension at 600°F. Separately 
cast test bars. 


ing of the mold. We also agree that the alloys are very 
good as regards the formation of microporosity and 
cracks in the castings. However, we have observed 
that in certain conditions of casting design the alloys 
exhibit a tendency to form a lined-up type of segrega- 
tion which is not normally found in similar locations 
in other magnesium alloys. This condition has been 
eliminated by modifying the feeding characteristics of 
the particular casting. 

The micrographs shown by the authors are excellent. 
We have observed the same structures in our exam- 
inations of samples of the Mg-Th-Zn-Zr system of alloys. 
Would the authors care to disclose the etchants used 
to bring out these structures? 

The authors state that the preferred composition in 
the Mg-Th-Zn-Zr system consists of Mg-3 pct Th-2.5 pct 
Zn-0.7 pet Zr, yet they suggest a range in the zinc con- 
tent of 1.75 to 2.5 pct for specification purposes. The 
usual practice would be to establish the mean value, 
or 2.1 pet, as the nominal zinc value. Would the authors 
object to this nominal value? 

I would like to take this opportunity to again con- 
gratulate the authors on their contribution to the field 
of new magnesium alloys to be used at elevated tem- 
peratures. I want to thank them for publishing their 
work for others to use. I wish to point out that the 
comments I have made during this discussion are meant 
only to present our feelings on the subjects involved, 
and in no way are they meant to take away in any 
manner from the excellent work of the authors. 


P. A. Fisher (authors’ reply)—We are grateful to 
Mr. Nelson for his comments on our paper and par- 
ticularly for the interesting comparison which he gives 
of creep test data at various temperatures on the Mg- 
3 pet Th (HK31XA-T6) and ZT1 (HZ32XA-T5) alloys. 
We agree with Mr. Nelson that curves showing the 
stress required to produce a fixed strain in various 
times are a very convenient way of representing creep 
test results. We feel it desirable to point out, however, 
that when time is plotted on a log scale, the curves 
appear to give undue emphasis to the early stages of 
creep and perhaps insufficient emphasis to the later 
stages, particularly the stage between 500 and 1000 hr. 
This effect of the log scale should be carefully borne 
in mind by anyone using curves of this type. 

As pointed out by Mr. Nelson, the zinc-free alloy 
(HX31XA-T6) is superior in creep resistance to ZT1 
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at 400°F. It is our experience, however, that the well 
tried ZRE1 (EZ33-T5) alloy fulfills all design require- 
ments for creep resistance in castings for use at such 
temperatures. We believe that the much greater cost 
of alloys containing thorium and the difficulty of de- 
signing cast components to take full advantage of the 
increased creep resistance, will in practice preclude 
any extensive use of the thorium alloys at such low 
temperatures. 

At 500°F, a temperature at which ZRE1 (EZ33-T5) 
alloy still possesses considerable creep resistance and 
is in fact being very successfully used in service, similar 
considerations apply. Mr. Nelson’s curves for stress to 
produce 0.2 and 0.5 pct strain at this temperature show 
that HK31XA-T6 is only superior to ZT1 for periods 
of less than 250 hr and less than 1000 hr respectively. 
From 250 to 1000 hr the stresses required to produce 
0.2 pet extension in ZT1 are considerably higher than 
for HK31XA-T6. Although Mr. Nelson’s tests do not 
exceed 1000 hr in duration, it is evident that when the 
permissible strain is 0.5 pet ZT1 will be superior for 
periods exceeding 1000 hr. 

Above 500°F the HK31XA-T6 alloy becomes increas- 
ingly short-lived compared with ZT1. Table XI, com- 
piled from Mr. Nelson’s curves, gives the time in hours 
at which ZT1 becomes superior to the zinc-free alloy 
for extensions of 0.2 and 0.5 pct and for various tem- 
peratures. 

It appears to us that when choosing an alloy solely 
on the criterion of creep resistance for components 
operating at and above 500°F for appreciable periods, 
e.g., for aircraft engine castings, ZT1 would be the 
logical choice. Alloy HK31XA might however be pre- 
ferred for very short duration expendable items of 
equipment, e.g., rocket mechanisms. 

With regard to the use of high temperature solution 
heat treatments, such treatments have of course been 
applied to magnesium for many years. We feel how- 
ever that there is a distinct advantage in using an alloy 
which does not require these complex and difficult heat 
treatments, both from the point of view of easing the 
foundryman’s difficulties and also to remove a potential 
heat treatment bottleneck in the event of emergency 
large scale expansion of requirements. 

Mr. Nelson’s reference to a tendency in Mg-Th-Zr 
alloys to form a “lined-up” type of segregation is also 
of interest. This phenomenon has been observed pre- 
viously in the Mg-Zr-RE metal alloys and, we think, 
may occur through a number of causes which are in 
general common to most casting alloys, but the effects 
of which in this class of alloy are more readily ob- 
served radiographically owing to the large difference 
in density between the various metallographic con- 
stituents of the alloy. One type of this segregation is 
almost certainly due to the presence of an incipient 
hot tear which becomes filled with the rare earth-rich 
eutectic during solidification. Mg-Th alloys containing 
about 3 pct Th appear rather more prone to this effect 
than the alloys containing rare earth metals, but elim- 
ination of the defect by control of casting technique 
does not appear to be very difficult. 

With regard to metallographic preparation, the sam- 
ples illustrated were hand polished and lightly etched 
in 3 pet nital. They were then washed in boiling 
alcohol or cold acetone. 

With regard to zinc content, the nominal figure for 


ZT1 is 2.2 pet. 


Table X!. Time in Hours at Which the ZT! Alloy Becomes Superior 
to the Zinc-Free Alloy Under Various Conditions 


Temperature, °F 0.2 Pet Strain 0.5 Pet Strain 
500 250 1000 
550 30 70 
600 2 20 
650 0.3 1 
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Finally, we would again thank Mr. Nelson for his 
comments on our paper and express our pleasure that 


our results have been confirmed so closely by his work 
on these alloys. 


The Properties of Sand 


by K 


DISCUSSION, D. N. Frey and Howard Scott, Chairmen 


P. A. Fisher (Magnesium Elektron Ltd., Clifton 
Junction near Manchester, England)—The author is to 
be congratulated on a well planned, comprehensive, 
and lucidly illustrated survey of the short term creep 
and tensile properties of the Mg-Th-Zn-Zr alloys. 

Allowing for differences due to the use of different 
test bars, the tensile properties quoted are in good 
agreement with values we have obtained. We note 
that no correlation was observed between strength 
properties and grain size. In the course of our inves- 
tigations and development work on ZT1 (HZ32XA-T5) 
and closely related alloys, we have made many hun- 
dreds of melts and are inclined to agree that tensile 
strength is less affected by grain size than in the case 
of certain other zirconium-containing magnesium al- 
loys. This however does not apply in our experience 
to low thorium-high zinc alloys where fine grain is 
essential for the development of maximum tensile prop- 
erties. 

The relatively high creep resistance of low thorium- 
low zinc alloys is a matter of considerable interest, and 
we have investigated the possibilities of utilizing zir- 
conium-containing alloys with approximately 2 pct Th 
and 1% pct Zn. As the author’s diagrams show so well, 
however, very close control of thorium and zinc would 
be necessary. The room temperature tensile properties 
of such an alloy are also somewhat inferior to those of 
ZT1 alloy. 

We would be interested to hear Mr. Nelson’s views 
on the relationship between high creep strength and 
microstructure in these alloys. Is it thought that the 
keying action of the jagged acicular compound is re- 
sponsible for high creep strength, or does this com- 
pound merely indicate the presence of a more favor- 
able solid solution, the creep strength depending on 


Cast Mg-Th-Zn-Zr Alloys 


E. Nelson 


the precipitation of submicroscopic particles as sug- 
gested by Mellor and Ridley? 


K. E. Nelson (author’s reply)—I wish to thank Mr. 
Fisher for his comments on this paper and find it very 
gratifying that, in general, our results agree. 

In reference to Mr. Fisher’s comment on the effect 
of grain size on tensile properties, the paper states: 
“Within the grain size range exhibited in these alloys 
(0.001 to 0.0035 in.), there appears to be no correlation 
between grain size and the strength properties or duc- 
tilities listed in Table II.” The ranges of grain sizes are 
reported in Table I. Of the two to four samples exam- 
ined for each batch of metal, we did not observe such 
a range—they were, in fact, quite uniform from sample 
to sample. Perhaps a better statement than that given 
in the paper would be: Within the grain size range 
exhibited in these various alloys (0.001 to 0.0035 in. as 
indicated in Table 1) composition seems to have a 
greater influence on the room temperature tensile prop- 
erties than does grain size. Admittedly these state- 
ments are made on the basis of trends. The variables 
indicated were not individually controlled. Another 
factor to be considered is that the heat treatment given 
these alloys was a stabilization treatment and was not 
meant to develop optimum tensile properties. If such 
a treatment had been given, possibly the grain size 
effect would be more apparent. 

In the last paragraph of Mr. Fisher’s discussion he 
poses a very good question. We know that in the Mg- 
Th-Zn-Zr system the jagged, acicular compound is 
present in alloys with the better resistance to creep. 
We have no evidence to indicate the presence of a more 
favorable solid solution with improved creep strength 
depending on precipitation of submicroscopic particles. 
We are currently checking the binary Mg-Th system 
of alloys to determine if this is true. 


DISCUSSION, Frederick Bens and J. P. Nielsen, 
Chairmen 


T. S. Liu and M. A, Steinberg (Horizons Incorpo- 
rated, Cleveland)—The authors have performed a val- 
uable piece of research on the deformation mechanisms 
of a titanium. We are particularly interested in the 
results obtained on the twinning behavior. We would 
like to comment on the {1123} and {1124} twinning 
planes which we found but were not found by the 
authors. It should be pointed out that the titanium 
single crystals produced in our laboratory by fused- 
salt electrolysis are flakes about 0.005 in. thick and 
with the (0001) plane parallel to the flat surface. 

Fig. 13 shows a typical Laue back-reflection photo- 
gram of these flakes, and Fig. 14 shows the actual ap- 
pearance. The oxygen content of the titanium crystals 
was approximately equal to 0.02 to 0.04 pct maximum. 
It is quite conceivable that the twinning mechanism can 
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Deformation Mechanisms in Alpha Titanium 


by EA Anderson, D ¢ 


Jilison nd S$ R. Dunbor 


be considerably influenced by both orientation and im- 
purity. With tension or compression along the hex- 
agonal axis of the titanium crystal, the resolved shear 
stress increases as the angle between the twinning 
plane and basal plane is decreased. It is to be noticed 
that in the present investigation, the closest angle be- 
tween specimen axis and crystal axis, that of grain 19, 
is about 15°. Such is also the case of the specimens 
used in the work reported by Rosi and his coworkers."’* 
Under these conditions, twinning on low order pyra- 
midal planes such as {1012}, {1121}, and {1122} is more 
favorable than on higher order pyramidal planes, such 
as {1123} and {1124}. The recent findings of Rosi and 
Perkins*" highly suggest this orientation dependence 
of the twinning mechanism in a titanium, as they have 
observed five twin types in coarse grained specimens 
deformed in tension at —196°C. In order of frequency, 


these are {1124}, {1122}, {1121}, {1123}, and {1012}, and 


MAY 1954, JOURNAL OF METALS—697 


Ay 
{ 
| 
shed 


Fig. 13—Back-reflection Lave pattern of a titanium single 
crystal, reduced 50 pct for reproduction. Molybdenum radia- 
tion is 40 kvp, 20 ma, 2 hr, with growth direction marked on 
film. 


they indicate that the same twin types are present at 
room temperature but that at low temperatures, the 
preponderance of twinning shifts from {1121} to the 
{1124} planes. They have, therefore, substantiated our 
findings that five twin types are observed in the 
deformation of titanium single crystals. 


Fig. 14—Titanium single crystal (0001 surface) with two sets of 
twin traces. Note the thin lines which are perpendicular to the 
original set of twin traces. X70. 


°F. D. Rosi, C. A. Dube, and B. H. Alexander: Trans. AIME 
(1953) 197, p. 257; Journnat or Metats (February 1953). 

*“L. L. Seigle, F. D. Rosi, F. C. Perkins, L. Sama, and A. J. 
Opinsky: Quarterly Progress Report to WADC, August 1953. 

*F. D. Rosi and F. C. Perkins: Journat or Metats (September 
1953) p. 1083. 


DISCUSSION, Frederick Bens and J. P. Nielsen, 
Chairmen 


B. F. Decker and W. R. Hibbard, Jr. (General Elec- 
tric Research Laboratory, Schenectady)—The presence 
of a second maximum on the (0001) pole figure for 
commercial sample number three is puzzling, since 
a second orientation is not apparent on the (1010) pole 
figure. The authors’ explanation that the method of 
plotting would mask all other maxima because of the 
intense (1010) maximum in the rolling direction does 
not seem valid. Since the second maximum on the 
(0001) pole figure is almost equal in intensity to the 
first maximum, one would expect to see an effect on 
the (1010) pole figure of about the same magnitude as 
the secondary maximum due to the usual texture. The 
only condition which could wipe out such an effect 
would be a large amount of rotation about the (0001) 
pole. This would not seem a likely assumption, any 
more than the authors’ assumption of no rotation about 
the (0001) pole for the first orientation, They have 
made such an assumption in order to build up enough 
intensity at the rolling direction in the (1010) pole 
figure so that the method of plotting would effectively 
mask low maxima. At any rate, the need for these two 
diametrically opposite assumptions to explain this ex- 
perimental result indicates that the explanation is 
probably incorrect. 

Bakarian” has reported that as little as 0.20 pct Ca 
causes a double maximum in cold rolled magnesium. 
This double maximum, however, results from a dif- 
ferent arrangement of the high intensity areas, not 
just the addition of a new local spot. Geisler” reports 
spurious areas in pole figures made by geiger counter 
techniques due to reflections by white radiation from 
other planes. These spurious reflections can be readily 
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The Cold Rolled Texture of Titanium 


by D. N. Williams and D. S. Eppelsheimer 


checked by film technique adjusting the specimen so 
that the reflection circle crosses the intense area in 
question. 


«PP. W. Bakarian: Trans. AIME (1942) 147, p. 266. 
” A. H. Geisler: Trans. ASM (1953) 45A, p. 149, footnote 4. 


D. N. Williams (authors’ reply)—We wish to thank 
the authors of this discussion for pointing out certain 
objections to our explanation of the pole figures of 
commercial sample number three. We feel that these 
objections are in part due to our attempt to limit the 
paper to experimental results as much as possible and 
to include a minimum of interpretive discussion. The 
following brief comments on their discussion may be 
supplemented by reference to our more complete theo- 
retical discussion of the textures of titanium.” 


The (1010) and (0001) pole figures of titanium shown 
in Figs. 1 and 2 of our paper are in very close agree- 
ment with each other and we feel that there can be 
no valid argument with the assumption made that 
these textures arise from an unusually strong tendency 
in titanium for one of the (1010) poles to be fixed in 
the rolling direction with extensive rotation occurring 
about this pole. As is shown by these pole figures, very 
little rotation occurs about the (0001) poles. 

The origin of the second (0001) maximum along the 
axis 0% rolling in commercial sample number three is 
not known. However, examination of the (1010) pole 
figure shown in Fig. 3 of our paper indicates that rota- 
tion about the (0001) poles in the second (0001) maxi- 
mum must be moderately extensive if the pole figures 
are correct. A number of samples of cold rolled tita- 
nium were examined, but only sheet rolled from com- 
mercial sample number three showed this second 
maximum, and sheet rolled from this sample showed 
the second maximum after several different reduc- 
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tions. Unfortunately, we did not check for the oc- 
currence of spurious radiation as suggested by the 
authors of the discussion. However, in recently pub- 
lished work on the textures of alloyed titanium, 
McHargue, Adair, and Hammond" reported a second 
(0001) maximum along the axis of rolling in both 
Ti-Cb and Ti-Ta alloys. This work was carried out 
using standard photographic pole figure techniques. 
Their results give additional support to the presence 
of a second (0001) maximum, and also lend support 
to our tentative suggestion that the second (0001) 


maximum occurring in commercial sample number 
three was due to some minor composition variation. 

We feel that there can be no doubt as to the presence 
of the second (0001) maximum in commercial sample 
number three or to the occurrence of moderate rota- 
tion about this maximum. The explanation of the ori- 
gin of this maximum must await further experimental 
studies. 


"Cc. J. McHargue, S. E. Adair, Jr., and J. P. Hammond: Trans. 
AIME (1953) 197, p. 1199; Journnat or Metats (September 1953). 


DISCUSSION, Frederick Bens and J. P. Nielsen, 
Chairmen 


R. K. MeGeary and B. Lustman (Atomic Power Div., 
Westinghouse Electric Corp., Pittsburgh)—It is gratify- 
ing to note the marked similarity between many of 
the authors’ pole figures and those determined previ- 
ously by us by the tilm technique.’ However, it is un- 
fortunate that our second paper,” containing pole fig- 
ures determined by the X-ray spectrometer technique 
was not available to the authors. In Table II the most 
important orientation relationships for the three in- 
vestigations have been compiled. 

The greater sensitivity of the spectrometer technique 
was capable of revealing the existence of the double 
orientation which was missed by the film technique. 

With regard to the texture produced by heating 
above the allotropic transformation temperature, the 
authors stated that in the case of the work of McGeary 
and Lustman’* this treatment led only to a greater de- 
gree of scatter than was observed after a recrystalliza- 
tion. While examination of only the {1010} pole figures 
would tend to substantiate this belief, an examination 
of the basal pole figures or the diffraction photograms 
that were presented indicates clearly that the applica- 
tion of Burgers’ transformation mechanism, with the 
resultant additional orientations produced, is neces- 
sary to satisfactorily explain the experimental data. It 
is believed that because of the similarity of the {1010} 
pole figures of recrystallized zirconium and _ trans- 
formed zirconium,” the use of only {1010} pole figures 
does not give unequivocal proof that Burgers’ mecha- 
nism does not operate at least to a degree. Since ap- 
preciable differences are apparent in the authors’ vari- 
ous transformation pole figures (Figs. 9 to 11) de- 
pendent on cooling rate or prior heat treatment, it is 
pertinent to ask if {0002} or other reflections have been 
used to substantiate this statement that additional ori- 
entations do not exist. It is surprising that no texture 
change was revealed as a result of the transformation 


Textures of Rolled and Annealed lodide Zirconium 


by J. H. Keeler, W. R. Hibbard, Jr, 


Table Il. Angular Relationships of Principal Directions and Planes 
in Cold Rolled and in Annealed Zirconium 


Reference 
Relationship Cendition 5 10 
Angle between rolling Cold rolled 30° 36° 40° 
plane and (0001) Annealed 30° 36° 40° 
Rolling direction parallel Coldrolled (1010) (1010; (1010) 
to Annealed {1120} 10° from 10° from 
{1120} {1120} 
Angle of rotation about *+30° +20° +20° 
{0001} describing cold 


rolled to annealed 
texture 
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F. Decker 


and B 


in rolled sheet, since considerable prior work on pole 
figures and thermal expansion’ of transformed swaged 
or drawn wire and sheet material has indicated a defi- 
nite texture change explicable by Burgers’ transforma- 
tion mechanism. 

Still further evidence that Burgers’ mechanism op- 
erates is afforded by the observation that crystal bars 
formed by the deposition of zirconium on filaments of 
zirconium wire heated above their transformation tem- 
perature have the external shape of hexagonal prisms, 
indicating that the <111> of the ¢ phase is parallel to 
the rod axis. Since annealed drawn wire shows <1120> 
parallel to the wire axis and since Burgers’ mechanism 
calls for <111> of the g to be parallel to <1120> of 
the a, this behavior is explicable. It is therefore per- 
tinent to question why similar behavior was not noted 
in the authors’ specimens. Since the authors’ speci- 
mens were heated only 40°C above the transformation 
temperature of pure zirconium, it is possible that some 
contamination with gaseous impurities such as oxygen 
or nitrogen may have raised the transformation tem- 
perature sufficiently so that the specimens were not 
completely transformed. Hardness measurements 
should not be in excess of 70 DPH if the base material 
is well annealed, uncontaminated, iodide zirconium, 
and the microstructures should show a coarse serrated 
Widmanstaetten pattern if the specimens were trans- 
formed. Pole figures for specimens heated to various 
8 temperatures may also be used to indicate if Burgers’ 
mechanism can be obtained under suitable conditions. 


J. H. Keeler, W. R. Hibbard, Jr., and B. F. Decker 
(authors’ reply)—A question of semantics should first 
be clarified. By the term Burgers’ transformation 
mechanism we assume that the discussers are not re- 
ferring to transformation by a shearing mechanism, a 
discussion of which is outside the scope of our paper. 
On the other hand, the discussion is concerned with the 
orientation relationship and more specifically with the 
multiplicities of orientations which would be expected 
on heating and cooling through the transformation 
temperature. There is little doubt that the orientation 
relationship observed by Burgers* serves for the trans- 
formation in both zirconium and titanium. We do not 
deny that this orientation relationship obtains when 
the hexagonal form of zirconium is heated into the 
cubic temperature range or the cubic is cooled into the 
temperature range for the hexagonal mcdification. The 
observations reported in our paper were that orienta- 
tions were not observed in the (1010) pole figure when 
zirconium was annealed at 900°C and cooled, which are 
new relative to those occurring after annealing at a 
temperature below the transformation. 

The differences in the various transformation pole 
figures (Figs. 9 to 11) mentioned as appreciable by the 
discussers, were not considered by the authors to be 
more than minor variations of the major texture. Film 
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Table Ili. Results of Texture Analyses Using Geiger Counter 
Spectrometer 


Angle Between 


Angle 
Between RP of Tilt 4 
Treatment and (0001) and RD i1eie) References 


Cold rolled 
Cold rolled 
Ann. 300°C 38 
Ann 45° 
Ann. 500°C 38° 
Ann *c 36° 
Ann 35° 
Ann 40 
Ann 

40 


© 


* (1010] not in rolling plane. For the cases when this angle is 
30°, the (1120) is in the rolling direction. 


data have been inadequate to show departure from the 
approximate texture (0001) 30° to rolling plane, [1120] 
in the rolling direction. Sensitivity of the spectrometer 
technique permits showing the variation with anneal- 
ing temperature as shown in Table III, and in Figs. 5, 
7, 10, and 11 of our paper. 

Recent results obtained since our paper show new 
areas in the (1010) pole figures where zirconium is 
annealed at higher temperatures. Although the texture 
becomes less pronounced with increasing annealing 
temperature, the dominant component is still (0001) 


about 40° to the rolling plane with [1120] in the rolling 


direction, suggesting that appreciable reversion to the 
initial texture of the hexagonal form still occurs on 
cooling. Further details will be published later. It is 
not unreasonable to expect that some nucleating sites 
remain to cause the return of the body-centered cubic 
material during cooling to its original hexagonal ori- 
entation as we suggested in our paper. There are many 
examples of such behavior. 

In Burgers’ original work* his mechanism was de- 
rived from orientations in crystal-bar zirconium cooled 
from a deposition temperature of approximately 1300° 
to 1500°C. His material had not been in the hexagonal 
close-packed form previously and, of course, could have 
no prior history in the hexagonal close-packed state to 
influence the transformation. Burgers* found that zir- 
conium cooled through the allotropic temperature re- 
gion and then reheated to the body-centered cubic 
phase reverted to the original orientation, and com- 
mented to the effect that this finding did not neces- 
sarily contradict his other finding of a multiplicity of 
possible hexagonal orientations from a given cubic ori- 
entation. This same observation of a reversion to an 
original orientation after an allotropic transformation 
has been found for titanium,*”” for thallium,” and for 
cobalt" among the hexagonal metals as well as for 
some cubic metals, and this is not unusual. 


*R. K. McGeary and B. Lustman: Trans. AIME (1953) 197, p. 
284; Jounnat or Metats (February 1953). 

” Paper under discussion. 

"J. B. Newkirk and A. H. Geisler: Acta Metallurgica (May 
1953) 1, p. 370. 

“J. H. Keeler and A. H. Geisler: unpublished. 

“U. Dehlinger: Metallwirtschaft (1932) 11, p. 223. 

“U. Dehlinger, E. Osswald, and H. Bumm: Ztsch. Metalikunde 
(1933) 25, p. 62. 


Densification and Kinetics of Grain Growth During the Sintering 
Of Chromium Carbide 


by H. J. Hamjian and W. G. Lidman 


DISCUSSION, B. D. Cullity and J. F. Kuzmick, 
Chairmen 


L. Seigle and R. W. Balluffi (Sylvania Electric Prod- 
ucts, Inc., Bayside, N. Y.)—This paper draws atten- 
tion to a fact which has not been adequately recog- 
nized in analyses of the sintering process, namely, that 
grain boundaries play an extremely important, if not 
decisive, role in the elimination of porosity. As shown 
clearly by Alexander et al.,*" with the aid of synthetic 
compacts of regular geometry, once grain boundaries 
have been sufficiently eliminated by grain growth the 
process of densification practically stops. As a conse- 
quence of this fact, compacts sintered at low tempera- 
tures, in which the grain boundaries were retained 
for longer times, eventually reached higher densities 
than those sintered at high temperatures. At no tem- 
perature was it possible to achieve complete densifica- 
tion because voids disappeared very slowly, or not at 
all, after grain boundaries had migrated from their 
vicinity. The latter observation has also been made by 
the present puthors. 

In the light of this evidence, it is clear that attempts 
to explain the kinetics of sintering on the basis of 
models which assume an isotropic material are com- 
pletely unrealistic, since they fail to take into account 
the action of grain boundaries. A typical example is 
the treatment of Shaler and Wulff who assume that 
the material possesses a uniform viscosity. While it is 
true that in some cases the presence of grain bound- 
aries may impart a microscopic apparent viscosity to 
metallic materials,” this viscosity will be a function of 
the continuously changing grain boundary configura- 


700—JOURNAL OF METALS, MAY 1954 


tion.* A valid treatment of sintering kinetics therefore 


* The same remarks apr ly to the theories of MacKenzie and Shut- 
tleworth” and Rhines, Birchenall, and Hughes.“ 
must certainly take account of the presence and 
disposition of grain boundaries as a major factor. It is 
difficult to see how an adequate theory can be formu- 
lated until more is known about the mechanism by 
which grain boundaries aid in, or are responsible for, 
the elimination of porosity. 

The division of the sintering process made in the 
present paper into a first stage of welding or bonding 
and a second stage of pore spheroidization, grain 
growth, and shrinkage seems artificial. Shrinkage be- 
gins immediately upon the formation of the smallest 
bond between adjacent particles and there is no rea- 
son to suspect any basic difference between the shrink- 
age mechanisms of the authors’ first and second stages 
of sintering. The designation of a final stage of sinter- 
ing (the authors’ third stage) is quite legitimate. This 
is the stage where the grain boundaries have largely 
disappeared and the sintering process becomes neg- 
ligibly slow. 

*B. H. Alexander, et al.: Self-Diffusion of Metals and Associated 
Phenomena. Sylvania Eleciric Products Metallurgical Laboratories, 
Interim Technical Reports III and 1V, AFC Contract AT-30-1 GEN 
367, October 1949-October 1950. 

’B. H. Alexander and R. W. Balluffi: Experiments in the Mechan- 
ism of Sintering. Jousnwat or Metats (October 1950) p. 1219. 

* A. Shaler and J. Wulff: Trans. AIME (1949) 185, p. 796; Jounwa: 
or Merats ‘(November 1949). 

*C. Herring: Journal of Applied Physics (1950) 21, . 437-445. 

J. K. MacKenzie and R. Shuttleworth. Proc. sical Soc. 
(1949) 462, pp. 833-852. 


" F. Rhines, C. E. Birchenall, and L. Hughes: Trans. AIME (1950) 
188, p. 378; Journnat or Merats (February 1950). 
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3 
Angle 
0 9 
0 10 
; 0 10 
0 10 
14 10 
20° 9 
20° 10 
24° 10 
30° 10 


DISCUSSION, B. D. Cullity and J. F. Kuzmick, 
Chairmen 


G. F. Comstock (Titanium Alloy Mfg. Div., National 
Lead Co., Niagara Falls, N. Y.)—Many interesting data 
are presented in this paper on the influence of various 
heat treatments on the strain aging, as indicated by 
tensile properties, of aluminum-killed steel. A con- 
siderable part of the paper, however, seems to be con- 
cerned with attempts to explain why many of the data 
obtained do not fit in very well with the chief conclu- 
sion that the authors seem to favor, namely, that strain 
aging is primarily due to nitrogen. How Fig. 9 could 
permit such a conclusion should be more clearly ex- 
plained, since this graph appears to be utterly devoid 
of any correlation between strain aging and nitrogen. 
It is however in good agreement with data published 
by the writer” that apparently escaped the authors’ 
attention. 

The method of testing here used to detect strain 
aging was proposed in England by C. A. Edwards and 
his coworkers several years before the American work 
referred to in the paper. This English work showed 
clearly that the so-called nonaging aluminum-killed 
steels are not really nonaging, and that this can easily 
be proved if a highly sensitive test for aging is used. 
This has been so well established by other data that 
it should no longer be puzzling. Such steels continue 
to be called nonaging commercially only because 
after the low strain applied by temper rolling in the 
mills, sheets do not age enough in storage at room 
temperature to give trouble from stretcher-strains in 
forming. But in spite of the nonaging name, nor- 
malized aluminum-killed low carbon steels have pre- 
viously been found to show very strong aging effects 
when strained 4 or 5 pct and tested by the same meth- 
od which these authors used. 

The last sentence of conclusion 1 of this paper is 
much better than the first one, but is really only a 
confirmation of conclusions already reached in many 
previous publications. Table XIII, for instance, in the 
ASTM reference ™ shows how Ti-C ratios of 4.4 or over 
are required to render steel nonaging by the authors’ 
test method, ratios of 3.8 or less being ineffective. When 
this is compared with the data presented in ref. 37 in- 
dicating that nitrogen is as well stabilized by titanium 
when the Ti-C ratio is 2.5 to 4 as when it is over 5, fur- 
ther support is given to the view that carbon dissolved 
in the ferrite is a more important cause of the kind of 
strain aging measured by the authors than nitrogen is. 


Influence of Aluminum and Silicon Deoxidation on the Strain Aging 


Of Low-Carbon Steels 


by W. C. Leslie and R. L. Rickett 


In order to complete the record by a disclosure 
which the authors have not made, it should be ex- 
plained that a low carbon steel having a titanium con- 
tent greater than about 4.5 times the carbon is com- 
pletely nonaging by the authors’ test method, because 
both carbon and nitrogen are stabilized as compounds 
practically insoluble in ferrite. The properties of this 
steel should be well known. It has been produced 
commercially in tonnage lots for several years by the 
Inland Steel Co., East Chicago, Ind., under the name 
of “Tinamel Steel,” and is used chiefly for vitreous 
enameled articles. 


W. C. Leslie and R. L. Rickett (authors’ reply)— 
The authors want to thank Mr. Comstock for his dis- 
cussion. Apparently, however, most of his remarks 
are based on a misunderstanding of the purpose of the 
paper, which was to present the results of work done 
to explore the effect of deoxidation with the commonly 
used elements, aluminum, silicon, or the two in com- 
bination, on certain aspects of strain aging behavior 
after various heat treatments. An effort was made to 
correlate and explain our own observations, and others 
that have been published, on the basis of what we 
consider the best information available at this time. 
Our choice of the latter may not coincide with Mr. 
Comstock’s. 

As clearly stated in the paper, we do not claim any 
great accuracy for the data in Fig. 9. Contrary to the 
statement by Mr. Comstock, neither these data nor 
those in the references he mentions are necessarily in 
conflict with the concept that as little as 0.001 pct ni- 
trogen in solid solution can produce susceptibility to 
strain aging. 

We agree with Mr. Comstock that nonaging is a 
relative term and that the extent of strain aging may 
depend upon the method of measurement used and the 
conditions of straining and aging, as well as upon 
many other factors. The fact that such variations in 
aging behavior are recognized does not make their 
causes less puzzling nor lessen the desirability of find- 
ing the reasons for the variations. Much work still 
remains to be done before the strain aging phenomenon 
is completely understood. Meanwhile, we believe that 
it is important to have a better understanding of the 
strain aging characteristics of commercial steels and 
the factors that influence these characteristics. 


~* G. F. Comstock: Proc. ASTM (1943) 43, pp. 521-546. 
*’ Metal Progress (September 1948) 54, No. 3, p. 321, Fig. 1. 


DISCUSSION, B. D. Cullity and J. F. Kuzmick, 
Chairmen 


Hans Klein (Schorndorf, Wurttenburg, Germany)— 
As mentioned by the authors a certain number of 
older data on the electrical resistivity of liquid metals 
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Electrical Resistivity of Liquid Metals and of Dilute Liquid 
Metallic Solutions 


ala and W. D. Robertson 


is available; it seems that these data are confirmed by 


the measurements obtained with their modern equip- 
ment. In this respect there are two papers of interest 
describing two different methods of measurement of 
the electrical resistivity of liquid metals.” 
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The authors of the first of these papers used a 
method in which the electrical resistance to be meas- 
ured formed the secondary of a transformer, this re- 
sistance having the shape of a liquid metal ring in a 
circular channel of refractory material. In the second 
paper the electrical resistivity has been measured by 
comparison in an alternating current Wheatstone bridge. 

I would like to ask the authors if they had any spe- 
cial reasons for using direct current or if they had any 
objections against using alternating current, which 
seems to have the advantage of eliminating the influ- 
ence of electromotive forces. 

In addition to this question there is another im- 
portant problem: the behavior of the electrical resis- 
tivity during the phase change occurring in melting. 
Measurements” have shown that the electrical resis- 
tivity of metals changes in melting, not in an abrupt 
but in a continuous manner. In respect to the heat 
transfer at the melting point from the liquid to the 
solid phase near the solidification front,” it would be 
interesting to know if the authors made some observa- 
tions in regard to this problem during their experimen- 
tal work, as it is well known that a strong correlation 
exists between the electrical and thermal conductivity. 

I should therefore like to ask the authors if they had 
made or could undertake some research work in this 
respect. It would certainly be of great value to have 
measurements for the change of the electrical resistiv- 


ity during melting as reliable as those for the liquid 
state of metals. 


E. Scala and W. D. Robertson (authors’ reply)—The 
authors would like to express their appreciation to Dr. 
Klein for his extensive and generous remarks. 

Our reason for using direct current methods was 
largely simplicity in apparatus. As reported, the in- 
ternal electromotive force could be accurately elimi- 
nated. In this connection, it is interesting to note the 
agreement in results obtained for zinc and tin by 
Férster and Tschentke” with an alternating current 
bridge and our measurements by a direct current 
method. There appears to be no reason why alternat- 
ing current methods cannot be used. 

No reliable data were obtained in our work con- 
cerning the solid to liquid transformation because the 
apparatus was not designed for this purpose. We 
agree that this is important, and further work may 
throw considerable light on the nature of this trans- 
formation and also on the constitution of both solids 
and liquids. 


“W. Schmidt-Burgk, E. Piwowarsky, and H. Nipper: Ztsch. 
224. 


Metalikunde (1936) 28, 

7 F, Férster and G. Tschentke: Ztsch. Metalikunde (1940) 32, 
p. 191 

“A. Ztsch. Metalikunde (1921) p. 139; 
(1924) 48. 

wH. Kiein: Ztsch. Metalikunde (October 1953) 44. 


(1923) p. 33; 


The authors showed in the paper how the interdiffu- 


sion coefficient D of a binary alloy A-B may be calcu- 
lated as a function of composition when there is a 
change in overall volume of a diffusion couple. The 
question has been raised as to the recommended pro- 
cedure for the more special case when no appreciable 
change in overall volume occurs, i.e., if the molar vo:- 
ume V is virtually a linear function of the mol frac- 
tion N» of component B. Then, according to Hartley 
and Crank,’ Fick's second law may be written as: 


CCa CCe 
) (24) 
ct cz® 


where cy is the concentration of B in mol per cu cm, 
t is the time in seconds, and 2° is the distance in cm 
from one of the terminal planes of the diffusion couple. 
The diffusion coefficient D’ (sq cm per sec) in Eq. 24 


is identical with the D in our paper, as can be shown by 
calculations similar to those in Eqs. 16 to 18. Conse- 
quently, the Boltzmann-Matano analysis may be ap- 
plied directly to a plot of c» vs x* — x*., where z*, 
denotes the distance of the plane of discontinuity in 
composition at zero time. The plane at 2*, is also the 
Matano interface for concentrations in terms of mol 
per cu cm at any time t = 0. The concentration c» in 
mol per cu cm may be calculated as 


Cr N./V. [25] 

In Eq. 10 of our paper, Fick’s second law is written: 
ONe 

(10) 
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Authors’ Supplement to 


Calculation of Interdiffusion Coefficients When Volume Changes Occur 


by Morris Cohen, Carl Wagner, and J. E. Reynolds 


where &, is a modified distance parameter defined by 
Eqs. 8 and 9 in accordance with Hartley and Crank.’ 
It can be shown that Eqs. 24 and 10 can be transformed 
into each other if the molar volume V is a linear func- 
tion of N». This transformation is somewhat involved, 
since the partial differentiation with respect to time t 
in Eq. 24 is at constant x*, whereas in Eq. 10 it is at 
constant §,, and the zero point of the z coordinate de- 
fined by Eq. 8 of our paper is not stationary with re- 
spect to the x* coordinate system. 

In many alloys, the molar volume changes only 
slightly with mol fraction N» so that, according to Eq. 
25, the concentration cy is virtually proportional to Nx». 
Upon substitution of Eq. 25 in Eq. 24, it follows that 


ONn ON» 


ct 


) if =0. [26] 

In this case, the Boltzmann-Matano analysis can be 
applied directly to a plot of N» vs (x* — 2*.). 

In our paper, it was mentioned that equations sim- 
ilar to Eq. 8 may be formulated for concentrations in 
terms of weight fraction or molar ratio in order to de- 
fine the plane x = 0 as needed for the Boltzmann- 
Matano analysis. Our statement that the plane x = 0 is 
the same for concentrations in terms of mol fraction, 
weight fraction, and molar ratio has to be revised. 
Actualiy, different measures of concentration yield dif- 
ferent locations of the zero plane x = 0 at t > 0 for the 
Boltzmann-Matano analysis, as follows from the ex- 
plicit forms of equations analogous to Eq. 8. However, 


all the conclusions regarding the calculation of D from 
plots involving different measures of concentration are 
in no way affected by this correction. 
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